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Abstract 

The excellent corrosion-resistance of metastable AISI 321 austenitic stainless steel makes it a 

choice material in the fabrication of nuclear and chemical plants, pressure vessels, automobile and 

aircraft components, etc. However, AISI 321 is characterized by low-yield strength and poor 

tribological properties that hinder its widespread application. Therefore, it is important to improve 

its yield-strength to expand its structural applications without compromising its excellent corrosion 

resistance. 

In this study, the effect of grain refinement via cryo-rolling followed by annealing on the strength 

and corrosion resistance of AISI 321 austenitic stainless steel is investigated. The mechanical 

behavior of the as-received coarse-grain and refined alloy (fine-grain and ultrafine-grain) were 

investigated at high (dynamic impact) and low (quasi-static compression) strain rates using the 

split Hopkinson pressure bar and Instron R5500 mechanical testing machine, respectively. The 

corrosion resistance of coarse-grained (CG), fine-grained (FG), and ultrafine-grained (UFG) 

specimens were also investigated using electrochemical methods. Scanning and transmission 

electron microscopy (SEM, TEM), X-ray diffraction (XRD), and electron-backscattered 

diffraction (EBSD) were used for the microstructural and textural characterization of various 

specimens of the alloy before and after plastic deformation. 

The optimum thermomechanical process conditions for developing UFG structure in the AISI 321 

steel is cryo-rolling to 50 % reduction of plate thickness followed by process annealing at 1023 K 

(750 ℃) for 600 s (10 minutes). The hardness of the UFG steel specimens is determined to be ~195 

% higher than that of the as-received (CG) AISI 321 steel. The developed UFG specimens have 

strong intensity of ζ-fibre ({110}<uvw>) texture, which is attributed to pseudo-texture memory 

effect in AISI 321 steel. The mechanism for pseudo-texture memory in AISI 321 steel is proposed.  

The yield strength of the UFG AISI 321 steel is ~400 and ~200% higher than those of the CG 

specimens under both quasi-static and dynamic deformation conditions, respectively. Slip and 

twinning are the active deformation mechanisms in CG specimens. Both are highly suppressed in 

the UFG specimens due to spatial restriction effect. During plastic deformation, γ-FCC to 

martensite (αʹ-BCC) phase transformation occurred, which is more favored in the UFG specimens 

and at low strain rates. The co-existence of martensitic phase transformation paths with and 
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without an intermediate phase (HCP ɛ-martensite) is confirmed in AISI 321 steel during plastic 

deformation under both quasi-static and dynamic loading conditions. Irrespective of grain size, 

Shoji-Nishiyama, Kurdjumov-Sachs and Burgers orientation relationships exist between the γ and 

ɛ, γ and αʹ, and ɛ and αʹ phases, respectively. Thus, the phase transformation sequence follows both 

FCC γ → BCC αʹ and FCC γ → HCP ɛ → BCC αʹ path. The stable end-orientation of the austenite 

phase in compression is [110]||CD texture while that of the martensitic phase is [100]||CD with 

spread towards [111]||CD texture.  

Under dynamic impact load, UFG specimens exhibit lower critical strain and strain rate at which 

shear strain localization (adiabatic shear bands) occurs. EBSD analysis revealed the development 

of equiaxed ultrafine-grained structure (average grain sizes of ~0.17 μm in CG and ~0.14 μm in 

UFG specimens) inside transformed shear bands by rotational dynamic recrystallization 

mechanism. The five strengthening sources that contribute to strain hardening in AISI 321 steel 

are determined to be: (a) grain boundary strengthening, (b) deformation-induced martensite 

transformation, (c) deformation twinning acting as a barrier to dislocation motion (d) dislocation-

dislocation interactions, and (e) dislocation interaction with titanium carbides. On the stability of 

the austenite phase in AISI 321 steel, EBSD analyses confirmed the evolution of both thermally- 

and deformation-induced martensite that is grain size and orientation-dependent. The results of 

corrosion studies show that the excellent corrosion resistance of AISI 321 steel is not compromised 

by strength enhancement through grain refinement. Although the presence of TiC particles in AISI 

321 is not detrimental to its corrosion resistance, that of TiN particles is. 
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β  Taylor-Quinney parameter 

𝑚  Strain rate sensitivity 

𝜗∗  Activation volume 

k   Boltzmann constant 

Eoc  Open circuit potential
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Chapter 1 

Introduction 

This chapter focuses on the motivation behind this study. It also documents the existing problem with 

the structural use of AISI 321 austenitic stainless steel and the need to address it. The research questions 

to answer, the overall and specific objectives of this study are presented. An overview of the content 

of this thesis is also presented. 

1.1 Motivation 

Over the years, many countries have experienced some major nuclear/chemical plant explosions. 

Examples of such explosions in Canada include the boiler explosion at the Cliff Central Heating 

and Cooling Plant in Ottawa in 2009 and the Neptune Technologies and Bio Resources factory 

explosion (Sherbrooke, Quebec) in 2012. Canada is one of the world’s leading uranium producer 

with nuclear power as one of her sources of energy. The energy industries in Canada and the rest 

of the world, therefore, require high-performance materials to generate, transport and store energy. 

Metastable AISI 321 austenitic stainless steel is a choice material in the energy, automotive, 

aerospace, and chemical process industries, where it can be subjected to extreme service 

conditions. The extreme conditions include highly corrosive environments, high temperature and 

cryogenic environments, and environments where engineering materials are exposed to external 

loading conditions at high and low strain-rate regimes.  

Since the austenite phase in AISI 321 steel is metastable, it can be affected by extreme service 

conditions. For instance, in a cryogenic environment, thermally induced α'-martensite may form 

from the austenitic phase. Under external load, deformation-induced martensitic phase 

transformation could also occur at a strain level greater than a critical strain. The stability of the 

austenite phase in deformed AISI 321 will be different under quasi-static compression (low strain 

rate) and dynamic impact loading (high strain rate) conditions. Furthermore, the selection of AISI 

321 steel for application is corrosion-driven with less attention paid to improvement of its inherent 

low yield strength and poor tribological properties. To this end, it will be of interest to investigate 

the prospect of improving its yield strength by grain refinement. 
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The condition under which metastable austenite phase in AISI 321 stainless steel becomes unstable 

(e.g. through phase transformation) is not well understood. The question of how this will affect the 

established excellent corrosion resistance of the alloy needs to be addressed. Besides deformation-

induced martensitic phase transformation, what other strengthening mechanisms occur when AISI 

321 steel is subjected to mechnnical loading? What is the role of strain, strain rate, crystallographic 

texture, and grain size on the stability of the austenite phase and, by extension, the mechanical, 

and corrosion behavior of the AISI 321 steel? These are some of the research questions that are 

addressed in this PhD work since, to the best of the author’s knowledge, not much research has 

been done to answer these questions for AISI 321 steel. The microstructural and mechanical data 

generated from this study can be used for future alloy development to enhance failure resistance 

under different service conditions.  

1.2 Research objectives 

The overall goal of this research is to expand the structural application of AISI 321 stainless steel 

through grain refinement to UFG structure to areas where low yield strength hinders its application. 

To realize this goal, the following specific objectives were pursued; 

I. Determine the dynamic mechanical behavior and texture evolution across the thickness 

of as-received hot-rolled AISI 321 steel.  

II. Develop ultrafine-grained (UFG) structure in AISI 321 stainless steel via cryogenic 

rolling and annealing and characterize the refined alloy.  

III. Determine the effect of grain size on the mechanical response of AISI 321 stainless 

steel over a wide range of strain rates. 

IV. Determine the effect of grain size and prior deformation on the corrosion behavior of 

AISI 321 steel in saline environment. 

1.3 Research contributions 

The combined improvement of the yield strength and corrosion resistance of AISI 321 stainless 

steel by grain refinement was accomplished. The optimum thermo-mechanical processing 

conditions for developing UFG structure of ~0.31 µm grain size were determined. For the first 
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time, AISI 321 stainless steel was determined to be a texture memory alloy with associated 

mechanism proposed. Results obtained in this study indicate that the operational deformation 

mechanisms in AISI 321 steel under mechanical load are complex (i.e. slip and twinning occur 

concurrently, alongside deformation-induced phase transformation). It is also established that 

strain, strain-rate, grain size, and crystallographic texture influences which of the three 

mechanisms dominate. The possible co-existence of martensitic phase transformation paths with 

and without an intermediate phase (HCP ɛ-martensite) during plastic deformation is established. 

Five strengthening sources that contribute to strain hardening in the AISI 321 steel are identified. 

They are: grain boundary strengthening, deformation-induced martensite transformation, 

deformation twinning acting as barrier to dislocation motion, dislocation-dislocation interactions, 

and dislocation interaction with titanium carbides. This work also revealed that the evolution of 

both thermally- and deformation-induced martensite is orientation-dependent in both fine- and 

coarse-grained specimens, while the austenite phase in UFG specimens is highly stable in 

cryogenic environment. The thermal and mechanical instability of the austenite phase was 

observed to be highest in the RD/CD||[100]-oriented grains (RD and CD are rolling and 

compression directions, respectively), followed by grains oriented near RD/CD||[110] and 

RD/CD||[111], in that order. In conclusion, the results have demostrated that the strength of AISI 

321 steel can be significantly improved without compromising the excellent corrosion resistance 

of this alloy. The list of publications that reports all the research contributions from this study is 

presented in APPENDIX A 

1.4 Thesis organization 

The thesis contains twelve chapters. Chapter 1 contains the overview, motivation, and objectives 

of the research while the review of literature is presented in Chapter 2. Chapter 3 contains the 

details of the material and methodology used in this study. The experimental results from various 

aspects of this study have been published in reputable peer review journals. They are presented in 

Chapter 4 (Objective #I), Chapters 5 and 6 (Objective #II), Chapters 7, 8, 9 and 10 (Objective #III) 

and Chapter 11 (Objective #IV).  

In Chapter 4, the dynamic mechanical behavior and high-resolution EBSD investigation of the 

microstructural evolution in deformed AISI 321 stainless are presented. The emphasis is on the 

variation in the dynamic impact response of the as-received steel across the thickness of the steel 
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plate in comparison with the mechanical response under quasi-static lading condition. This work 

has been published in Materials Science & Engineering A. In Chapter 5, the optimum thermo-

mechanical process conditions required to develop UFG structure in AISI 321 austenitic stainless 

steel is presented. The α'-martensite to γ-austenite reversion behavior and the associated texture 

development are discussed. The content of this chapter was published in Metallurgical and 

Materials Transactions A. In Chapter 6, the observed texture memory effect in this alloy is reported 

and the mechanism for its occurrence is proposed. To the best of my knowledge, this is the first 

time that this effect is being reported for AISI 321 steel. This work was published in the IOP 

Conference Series Materials Science and Engineering (ICOTOM 2017). 

In Chapter 7, the dynamic impact responses of coarse (37 μm) and ultrafine-grained (0.24 μm) 

AISI 321 austenitic stainless steel are presented and discussed. The dynamic failure, along with 

the underlying deformation and strengthening mechanisms in both coarse and ultrafine-grained 

specimens, is explored. The content of this chapter was published in the Materialia journal. Based 

on the findings in Chapter 7, it became necessary to study the behaviour of the steel under low 

strain rate condition. This is because the results in Chapter 7 cannot be generalized for all strain 

rate regimes. Hence, the effects of grain refinement on the behavior of AISI 321 steel when 

compressed in the low strain rate regime was investigated, the results of which are presented in 

Chapter 8. FCC-austenite to BCC-martensite transformation paths in the investigated AISI 321 

austenitic stainless steel are also discussed. This work was published in the International Journal 

of Plasticity.  

In Chapter 9, the effect of grain size on the strain rate sensitivity and activation volume of 

metastable AISI 321 austenitic stainless steel at high strain rate regime is discussed. The content 

of this chapter has been published in the Materials Characterization journal. In Chapter 10, the 

roles of grain size, texture, strain and strain rate on the thermal and mechanical stability of austenite 

in AISI 321 metastable austenitic stainless steel is discussed. These findings could open a new 

window for engineering the initial texture of metastable austenitic stainless steel to either suppress 

or promote both isothermal and deformation-induced martensitic phase transformation. This work 

was published in the Metallurgical and Materials Transactions A journal. The role of grain size 

and prior deformation (and deformation rate) on the corrosion behavior of AISI 321 austenitic 

stainless steel in 3.5 wt.%-NaCl solution is discussed in Chapter 11. This work was published in 
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the Scientific Report journal. Finally, highlights of research findings and the major conclusions 

drawn from this research work are presented in Chapter 12. This chapter also includes some 

recommendations for future work.   
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Chapter 2 

Literature Review 

A comprehensive review of previous studies on stainless steels and their applications is provided 

in this chapter. The plausible conditions that can result in the instability of the austenite phase in 

austenitic stainless steel are highlighted. Previous works on plastic deformation of stainless steel at 

different strain rates and the associated failure mechanisms are also reviewed.  

2.1 Stainless steels: composition, microstructure and properties 

Generally, stainless steels are corrosion resistant iron-based alloys with a minimum of 12 wt.% 

chromium (Cr) content. In terms of composition, microstructure and mechanical properties, they 

are the most complex among all steel types [1]. Stainless steels resist corrosion by the formation 

of a thin passive film of Cr2O3; the corrosion resistance increases with Cr content [2]. They find 

applications in chemical, pharmaceutical, oil industries etc. [3]. Alloying elements in stainless 

steels can be divided into two major groups. The first group promotes the formation of austenite 

(called austenite former) during hot rolling or solution treatment at elevated temperatures while 

the second promotes the formation of δ-ferrite (called ferrite former). While Cr, the principal 

alloying element promotes δ-ferrite formation at high temperatures, Fe can accommodate about 13 

wt.% Cr at a temperature of about 1050 ℃ and still remains completely austenite. An increase of 

Cr from ~12 to 17 wt.% could stimulate a progressive change from an austenitic structure to δ-

ferrite at elevated temperatures with the ferrite remaining as the stable phase on cooling to room 

temperature [1]. This can be observed in the Fe-Cr equilibrium diagram (Fig. 2.1a) that is also 

characterized by the presence of both sigma phase at about 50 wt.% Cr and the constrained 

austenite phase fields (called gamma-loop). As Cr content increases beyond 13 wt.%, duplex 

austenite and ferrite phase field evolves at the expense of a single-phase austenite at 1050 oC. It is 

necessary to mention that while FCC austenitic structure within the gamma-loop transforms to 

martensite on cooling to ambient temperature, ferrite formed at elevated temperature undergoes 

no phase change on cooling. Stainless steel becomes completely ferritic when the Cr is increased 

above 18 wt.% for carbon content of about 0.1 wt.% C [1]. Low volume fraction of ferrite is 

considered beneficial under certain conditions such as in welds, while high volume fraction can 

promote cracking and decrease corrosion resistance [4]. The nomenclature δ-ferrite is used to 

differentiate the high temperature BCC ferrite phase from α-ferrite (a transformed product from 
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austenite). Sigma phase is a hard and brittle intermetallic compound produced in alloys containing 

less than 50 wt.% Cr. Formation of the sigma phase retards corrosion resistance. As such, the 

temperature range (about 750-820oC) that promotes its formation in Fe-Cr alloys should be 

avoided in service. 

Nickel is a strong austenite-former that is usually added to steel to preserve austenite in the 

presence of high ferrite-forming Cr content [5]. Its addition to the Fe-Cr alloy helps negate the 

restriction imposed by Cr content on the formation of austenite. Figure 2.1b shows an expanded 

austenite phase in Fe-Ni equilibrium phase diagram. Therefore, in a high Cr steel with substantial 

ferritic microstructure, it is possible to reverse the process and re-establish an austenitic structure 

by the addition of a large amount of Ni. Steels containing 17 wt.% Cr and 0.1 wt.% C have a 

microstructure comprising 65% δ-ferrite and 35% austenite at a solution treatment temperature 

(Fig. 2.2a). At 1050 oC, stainless steels become fully austenitic with the addition of 5 wt.% Ni as 

shown in Fig. 2.2b where the percentage of δ-ferrite is near zero.  

Ni addition depresses Ms-Mf transformation range. However, Ni content above 4 wt.% depresses 

the Mf temperature below room temperature. Therefore, the addition of larger amount of Ni will 

result in a drop in hardness owing to an incomplete transformation to martensite and a large amount 

of retained austenite (Fig. 2.2b). This implies that a 18 wt.% Cr 9 wt.% Ni will be fully austenitic 

at 1050oC but with a depressed Ms-Mf temperature range to sub-zero temperatures. This is due to 

the high Ni addition and influence of other alloying elements. Hence, this steel retains its austenitic 

structure when cooled to room temperature and has a low strength but high formability. 

Other δ-ferrite forming elements include silicon (Si), molybdenum (Mo) and titanium (Ti) at high 

temperature whereas carbon (C), nitrogen (N), manganese (Mn) and copper (Cu) promotes 

austenite formation. Both ferrite- and austenite-forming elements will lower the Ms-Mf temperature 

range, thereby influencing the evolved microstructure on cooling to room temperature. Therefore, 

the composition of stainless steel is governed by [1]: 

a. the balance between ferrite- and austenite-forming elements that eventually controls the 

structure of a hot rolled and solution treated stainless steels, 
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b. the overall content of alloying elements which controls the Ms-Mf temperature range and 

the eventual structure and properties at room temperature.  

 
Fig. 2.1. (a) Fe-Cr and (b) Fe-Ni equilibrium diagrams. Exploded view in (a) is a simplified 

illustration of the marked region for Fe-Cr alloys containing 0.1% C [1]. 

For the various classes of stainless steels, there exists a compromise between corrosion resistance 

and other properties such as mechanical strength, formability etc. [1]. For example, Abreu et al. 
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[6] observed that as the volume fraction of martensite increases, pitting and general corrosion 

resistance decrease.  

 
Fig. 2.2. (a) Percentage of δ-ferrite with respect to Cr content in 0.1 wt.% Carbon steels solution-

treated at 1050 ℃ and (b) effect of Ni content on the Ms temperature, % δ-ferrite and hardness of 

0.1 wt.% C 17 wt.% Cr steels [1]. 

Depending on its chemistry, the microstructure of stainless steel constitutes mainly of ferrite, 

austenite, and martensite. Based on these microstructures, stainless steels are classified as ferritic, 

austenitic, martensitic, duplex or precipitation hardening (PH) stainless steels [7-9]. While the 

ferritic and martensitic stainless steels are ferromagnetic, austenitic stainless steels are non-

magnetic [9]. The 200 series contains Cr, Ni and Mn as major alloying elements while the alloys 

belonging to the 300 series contains mainly Cr and Ni, and are both (200 and 300 series) austenitic 

[10,11]. The alloys in the 400 series that cannot be hardened by heat treatment are ferritic, the 



10 

 

hardenable 400 series type is martensitic [11]. Duplex steels mainly belong to the 2000 series. 

Meanwhile, the PH stainless steels, which contains Cr, Ni and small amounts of various additions 

of Cu, Co, Al, P, Ti, Mo and Nb belongs to the 600 series [12,13]. As useful as equilibrium phase 

diagrams are, they are sometimes not sufficient to predict the dominant microstructure after 

solidification [5]. To this end, Schaeffler [14] developed an empirical equation, termed chromium 

equivalent and Nickel equivalent, that constitutes some of the ferrite and austenite formers listed 

above. These are used to plot a constitution diagram called Schaeffler’s diagram. Although 

Shaeffler’s approach did not take into account the cooling rate and aging heat treatments, it permits 

the prediction of microstructure as a function of composition [5,15]. Schneider [16], however, 

developed a modified-Schaeffler’s diagram (Fig. 2.3a) using Cr equivalent (Eqn. 2.1) and Ni 

equivalent (Eqn. 2.2) that considers a wider range of compositions. The modification of 

Schaeffler’s diagram is a continuous effort as new grades of stainless steel are being developed. 

For instance, Klueh et al. [17] reported that Shaeffler’s diagram that was established to predict 

phases in Fe-Cr-Ni-C stainless steels could not predict the phases in Fe-Cr-Mn-C stainless steels. 

The authors observed that Mn has lower austenite-stabilizing effect against the formation of δ-

ferrite than Ni (i.e. Ni is a stronger austenite former than Mn). Hence, they propose a modified 

diagram that is superimposed on the Schaeffler’s diagram as shown in Fig. 2.3b. 

𝐶𝑟 𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡 = (𝐶𝑟) + (2𝑆𝑖) + (1.5𝑀𝑜) + (5𝑉) + (5.5𝐴𝑙) + (1.75𝑁𝑏) + (1.5𝑇𝑖) +

                                  (0.75𝑊)                                                                                                      …2.1 

𝑁𝑖 𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡 = (𝑁𝑖) + (𝐶𝑜) + (0.5𝑀𝑛) + (0.3𝐶𝑢) + (25𝑁) + (30𝐶)                             …2.2 

2.1.1 The 300 series austenitic stainless steel 

The AISI 321 selected for investigation in this PhD work belongs to the 300 series (Fe–Cr–Ni) of 

austenitic stainless steels which have good ductility and excellent overall corrosion resistance [3]. 

However, they possess relatively low yield strength (250 to 350 MPa) [18] which limits their use 

in structural applications [18]. Some examples of alloys in this series are indicated in Fig. 2.3a. 

Another major disadvantage of stainless steels belonging to the 300 series is their low hardness, 

which leads to very poor tribological properties [3]. They have a face-centred cubic (fcc) structure 

[19] with low stacking fault energy (SFE) [20]. Austenitic stainless steels (ASS) are produced on 

solidification by peritectic reaction [21]. One of the major problems of cast and welded ASSs is 

hot cracking which is usually induced by severe microsegregation of trace elements such as 
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phosphorus and sulfur when austenite dendrites form instead of ferrite dendrites. Regulating the 

content and morphology of ferrites in austenitic stainless steels becomes a problem [21]. 

 
Fig. 2.3. Schaeffler diagram modified by (a) Schneider [1] and (b) Klueh et al. [17]; (b) also shows 

the original Schaeffler diagram superimposed on the diagram modified by Klueh et al. 
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2.1.2 AISI 321 austenitic stainless steel and applications 

An age-long problem associated with ASSs is the frequent occurrence of sensitization. 

Sensitization is a phenomenon in which intergranular corrosion occurs when ASSs are exposed to 

heat at a temperature between 500 and 800 °C [22]. It is caused by the depletion of Cr in the 

vicinity of the grain boundaries due to the precipitation of Cr23C6 [5,22]. To circumvent this 

problem, metallurgist proposed the use of carbon content below 0.03 wt.% to suppress the 

formation of Cr23C6 [23]. This led to the development of L-type austenitic stainless steels such as 

AISI 304L and 316L type [5]. The grain boundary engineering of austenitic stainless steel to induce 

‘special’ coincidence site lattice boundaries of Σ3 and Σ9 by cold rolling has also been reported to 

be an effective way to prevent sensitization and intergranular corrosion [24]. Another approach is 

to add elements which have stronger affinity for carbon than Cr, i.e. the addition of carbide formers 

such as Nb and Ti, to the alloy’s system [5,23,25]. This is also to avoid the formation of Cr23C6 

through preferential formation of non-detrimental NbC and TiC, respectively, leaving Cr in the 

solid solution at high temperature [26,27]. While the Nb-rich stainless steel is named the AISI 347 

alloy, AISI 321 is the Ti-rich stainless steel. The chemical composition of AISI 321 austenitic 

stainless steel is presented in Table 2.1 while the influence of the alloying elements in stainless 

steel is presented in Table 2.2. Using the Eqns. 2.1 and 2.2, the Cr and Ni equivalents for AISI 321 

and some other ASS are estimated and indicated in Fig. 2.3a. AISI 321 austenitic stainless steel 

has excellent corrosion resistance [3], and find application in components design for aircraft 

exhaust stacks and exhaust manifolds, pressure vessels, nuclear power and chemical reactors, 

automobile exhaust systems, mufflers for engines, carburetors, expansion bellows, stack liners, 

etc. [28,29]. Due to the presence of nitrogen in AISI 321 ASS, TiN can form in this steel, which  

has been reported to act as passive film breakdown sites for pit initiation in an acyl chloride 

environment [30]. AISI 321 austenitic stainless steel is essentially non-magnetic, and can only be 

hardened by cold working [30,31].  

Table 2.1. Chemical composition of the AISI 321 austenitic stainless steel (wt. %). 

C Si Mn P S Cr Ni Cu Mo Co N Nb Ti Fe 

0.044 0.40 1.56 0.04 0.001 17.61 9.17 0.3 0.42 0.15 0.0117 0.008 0.36 Bal. 

 

 

 

 

 



13 

 

Table 2.2. Role of alloying elements in stainless steels [32] 

Element Description 

C 

It contributes to the strengthening of stainless steel. Content is deliberately low to 

obtain desired properties (such as prevention of sensitization) and mechanical 

characteristics. 

Si 
Improves oxidation resistance. It also confers hardenability on steel when present in 

small amount. 

Mn 
Prevents the formation of iron sulphide inclusions that cause hot cracking. It also 

promotes deoxidation of steel. 

Cr 
Promotes the corrosion-resistance of stainless steels through the formation of 

adherent, passive film that shields the steel from uniform and localized attack. 

Ni 

Promotes the corrosion-resistance of stainless steels especially in sulphuric acid 

environments and when passive layer is absent or damaged. It also imparts strength 

to stainless steel. 

Mo 
Improves resistance to pitting and crevice in chloride environments. It also decreases 

the breakdown tendencies of previously formed passive films. 

N 
Increases the resistance to pitting or intergranular corrosion due to the evolution of 

Cr2N instead of Cr23C6. 

Nb 
Prevents intergranular corrosion and contributes to strengthening due to the 

precipitation of fine NbC. 

Ti 
Used to stabilize stainless steel to promote the formation of TiC at the expense of 

Cr23C6. It also forms TiN in the presence of Nitrogen. 

2.2 Martensitic phase transformation in stainless steels 

Most of the austenitic stainless steels, including AISI 321, are metastable. This means that 

martensitic phase transformation could occur on exposure to any conditions that could result in the 

instability of its austenite phase. Some of these stability-deteriorating conditions include exposure 

to cryogenic environment and external load, either at low or high strain rates. This section, 

therefore, focused on the development of martensitic phase transformation in austenitic stainless 

steels that is thermally- or mechanically-induced. 
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2.2.1 Thermally-induced phase transformation  

Without an external load, the αʹ-martensite start temperature (Ms) of AISI 300-series austenitic 

stainless steels strongly depends on the alloy content. Among other empirical equations, Eqn. 2.3 

proposed by Eichelman and Hull [33] is most widely used;  

𝑀𝑠(℃) = 1302 − 42(%𝐶𝑟) − 61(%𝑁𝑖) − 33(%𝑀𝑛) − 28(%𝑆𝑖) − 1667(%𝐶 + %𝑁)    …2.3 

where compositions are in wt.%. Using Eqn. 2.3, the estimated Ms for AISI 321 is −153 ℃. This 

suggests that the FCC γ-austenite phase in AISI 321 (and other austenitic stainless steels) will 

transform to αʹ-martensite when exposed to cryogenic environment. Unlike pearlite or ferrite 

formation, αʹ evolve due to the deformation of the γ lattice without atomic diffusion. This 

deformation induces a change in shape of the transformed region that now consists of a large shear 

and a volume change [34]. Austenite in metastable stainless steels can transform into two different 

types of martensite; the hexagonal close-packed (HCP) ε-martensite and the body-centered cubic 

(BCC) αʹ–martensite [6]. Both martensitic phases tend to induce volume changes in comparison 

with the parent austenite. While the formation of αʹ-martensite generates a volume expansion of 

1-4 %, the ε-martensite generates a volume contraction. Similarly, while the αʹ-martensite 

nucleates from austenites through dislocation reactions (at dislocation pile-ups) [6], ε-martensite 

is formed at stacking faults [35]. Between the ε- and αʹ-martensite phases, the transformation of 

the latter is of substantial interest, as it increases the work-hardening capacity and affects the 

ductility of the steels [19]. Apart from the chemical composition of the alloy, the occurrence of 

sensitization in stainless steel prior to exposure to cryogenic environment may also influence the 

amount of phase transformation [5]. This is because the formation of M23C6 carbide at the grain 

boundaries results in the depletion of chromium, carbon, and other alloying elements in the grain 

boundary area, which in-turn, leads to a higher Ms temperature. This makes the material more 

susceptible to the formation of αʹ-martensite close to grain boundaries during cooling than the 

unsensitized alloy [36]. Grain size can also affect the extent of phase transformation in stainless 

steel as reported by Matsuoka et al. [37]. The authors observed that the volume fraction of 

thermally-induced martensite decreased with a decrease in grain size in Fe–16%Cr–10%Ni 

metastable stainless steel.   
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Generally, martensitic transformation would occur athermally in steels, although an isothermal 

transformation is also possible depending on the transformation kinetics [38,39]. In athermal 

transformation, the amount of martensite formed depends only on temperature while that formed 

through isothermal transformation process is function of both temperature and time [40]. Although 

isothermal transformation has no definite Ms temperature, it occurs at an incubation time during 

isothermal holding. It is well documented that thermal activation is not necessary for athermal 

transformation to start and proceed [41]. This implies that only the thermodynamic driving force 

(that must overcome the elastic energy that opposes martensite initiation at specific sites at and 

below the Ms) obtained by lowering temperature is sufficient for athermal martensitic 

transformation. The Koistenen and Marburger [42] equation (Eqn. 2.4) that describes the 

transformation progress below Ms also affirm that the extent of transformation is independent of 

time. 

1 − 𝑉αʹ = 𝑒𝑥𝑝[−0.011(𝑀𝑠 − 𝑇𝑞)]                                                                                                                         …2.4 

𝑉αʹ represents the volume fraction of αʹ-martensite and 𝑇𝑞 represents the quenching temperature 

that is below 𝑀𝑠. The athermal character deduced from this expression (time independent) is a 

result of very rapid nucleation and growth of martensite that permits the time taken for growth 

completion to be negligible. The rate at which a martensite plate grows was determined to be 1100 

ms-1, a significant fraction of speed of sound in steel [34,43]. Apart from the fact that the 

composition of the product phase (martensite) is identical to that of the parent phase (austenite), 

the aforementioned observation also lends support to the general knowledge that martensitic phase 

transformation is diffusionless since the fastest diffusion process occur at about 800 ms-1 in pure 

Ni [34]. Based on the thermal activation model for the transformation kinetics, it has been 

predicted that isothermal transformation will occur when athermal transformation is suppressed 

[40,44]. However, the occurrence of both transformations in the same material has been reported 

[45,46].  

2.2.2 Mechanically-induced phase transformation 

The metastable austenite phase in austenitic stainless steels is known to undergo partial 

transformation to a martensitic microstructure during cold deformation [18,30]. This plastic 

deformation provides the required energy to promote martensitic transformation, thereby 
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increasing the martensite formation temperature to Md. Md is the temperature higher than Ms, below 

which martensite will evolve on application of an external load. The martensite produced via 

plastic deformation is called deformation-induced martensite (DIM) and the phenomenon is 

termed transformation-induced plasticity (TRIP) [47]. The empirical equations, for Md30/50 (i.e. the 

temperature (in oC) at which 50% of austenite will transform to αʹ-martensite due to 30% imposed 

true strain) is given by Nohara et al. [48] in Eqn. 2.5.  

𝑀𝑑30/50(℃) = 551 − 462(%𝐶 + %𝑁) − 9.2(%𝑆𝑖) − 8.1(%𝑀𝑛) − 13.7(%𝐶𝑟) − 29(%𝐶𝑢 +

                              %𝑁𝑖) − 18.5(%𝑀𝑜) − 68(%𝑁𝑏) − 1.42(𝐺 − 8)                           …2.5 

where G is the ASTM grain size number of the investigated steel. With an ASTM grain size 

number of 6, the Md30/50 for AISI 321 steel is −12 ℃, a significant rise from the Ms (−153 ℃). 

During deformation, the debate on whether the martensitic transformation followed FCC γ-

austenite → BCC αʹ-martensite or FCC γ-austenite → HCP ɛ-martensite → BCC αʹ-martensite 

sequence exists. Processing parameters such as the temperature, state of stress, chemical 

composition, stacking fault energy (SFE) and rate of deformation are reported to influence the 

amount of ɛ and αʹ–martensite formed [6,18]. SFE tends to play an important role in the stability 

of austenite since it controls the formation of shear bands and other DIM nucleation sites [19,49]. 

SFE (𝛾) itself depends on factors such as chemical composition and temperature [50] and can be 

estimated using Eqn. 2.6 (Brofman and Ansell [51]), Eqn. 2.7 (Schramm and Reed [52]), and Eqn. 

2.8 (Rhodes and Thompson [53]). 

𝛾 = 16.7 + 2.1(%𝑁𝑖) − 0.9(%𝐶𝑟) + 26(%𝐶)                                                                               … 2.6 

𝛾 = −53 + 6.2(%𝑁𝑖) + 0.7(%𝐶𝑟) + 3.2(%𝑀𝑛) + 9.3(%𝑀𝑜)                                                 … 2.7 

𝛾 = 1.2 + 1.4(%𝑁𝑖) + 0.6(%𝐶𝑟) + 17.7(%𝑀𝑛) − 44.7(%𝑆𝑖)                                                 … 2.8 

Generally, TRIP becomes the dominant operative deformation mechanisms in stainless steels 

when the SFE is below 18 mJm-2 [54]. The decrease in temperature can cause a drop in SFE, which 

in turn, raises the chemical driving force (i.e. variation in the chemical free-energy difference 

between the austenite and αʹ-martensite phases) for the phase transformation. Similarly, increasing 

the temperature leads to an increase in SFE and thus nucleation sites for the αʹ -martensite decrease 



17 

 

[49]. Other relevant parameters to consider for the deformation-induced martensitic transformation 

are the deformation mode and the strain rate. Patel and Cohen [55] found uniaxial tension to be 

more beneficial for martensite formation than uniaxial compression or hydrostatic compression. 

Similarly, martensitic transformation is more favored at low strain rates than at high strain rates 

since the later will heat the sample and hinder martensitic transformation [43]. Eskandari et al. 

[18] observed that cross-rolling increased the volume fraction of martensite formed in cold rolled 

plates than the conventional unidirectional rolling since the former results in increase of 

intersections of shear bands that are preferential sites for martensite nucleation [18].  

In a previous study, the initial αʹ-martensite nucleus was reported to be coherent with the parent 

austenite [56], but there exited loss of coherency as the αʹ-martensite plate grew. On the other 

hand, ɛ-martensite remained coherent with the parent austenite. With enough driving force (i.e. 

decrease in Gibbs free energy), αʹ-martensite nucleus will rapidly grow as plates, which terminate 

at high angle grain boundaries or at other martensite plates. Therefore, prior austenite grain size is 

a factor that affects the growth of martensite plates. It should be noted that sometimes the 

martensite/austenite interface is not strong enough to prevent the growth of martensite, hence, the 

martensite continues to grow to form the martensite intersections [57]. Deformation-induced phase 

transformation occurs by two mechanisms: strain-induced and stress-assisted/induced phase 

transformation. Strain-induced martensite is known to occur at the intersection of shear bands [58]. 

This is because shear strains imposed by these intersections promote atomic arrangement that 

favors the nucleation of αʹ [59]. Shear band in this context is a collective term for the planar defects 

that form due to the overlapping of stacking faults (formed by the dissociation of perfect 

dislocations into Shockley partial dislocations during plastic deformation) on austenite {111} 

planes during plastic deformation [19]. This shear band could be an intersecting ɛ-martensite or 

twin band depending on the overlapping process of stacking faults. An ɛ-martensite is formed if 

the intrinsic stacking faults overlap regularly on every second {111} plane, while mechanical twin 

will develop by overlapping three stacking faults on successive {111} plane [60]. The formation 

of ɛ-martensite and twin and their respective bands are schematically shown in Fig. 2.4. Figure 

2.4a shows an isolated stacking fault of width, 𝑟𝑖, that forms on a {111} plane from the dissociation 

of a perfect dislocation under an applied stress. The size of the stacking fault increases with applied 

stress until a critical width, 𝑟𝑖
∗, is reached as shown in Fig. 2.4b. A number of stacking faults, 𝑛𝑖 

[n is 1 and 3 for ε (Fig. 2.4b) and twin (Fig. 2.4c), respectively], overlap in adjacent {111} planes 



18 

 

to form an embryo with a critical width 𝑟𝑖
∗ and length 𝑙𝑖

∗. The length of the embryo, 𝑙𝑖, then 

increases and propagates through the grain interiors by subsequent overlapping of stacking faults 

in adjacent planes (Fig. 2.4d). Once the structure is fully formed, its width 𝑤𝑖 increases by forming 

adjacent embryos of constant width, 𝑟𝑖
∗ [𝑤𝑖=𝑟𝑖

∗𝑁�̂�, where 𝑁�̂� is the number of embro in a band] as 

shown in Fig. 2.4e. Finally, the increase in ε/twinning volume fraction increases by the formation 

and overlapping of new embryos in various locations of a grain, leading to the formation of micro-

bands (Fig. 2.4f). 

 

 

Fig. 2.4. Schematic diagrams of the mechanism of ε and twin formation and the formation of their 

respective band [60]. 

Stress-assisted phase transformation nucleation occurs predominantly at γ grain boundaries [59]. 

In summary, while the nucleation of strain-induced αʹ need the creation of new embryos such as 

the intersection of ɛ bands or the intersection of an ɛ band with a twin in the parent austenite by 
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plastic deformation, the nucleation of stress-assisted αʹ occurs at the grain boundaries with no need 

for new nucleation sites [58] as shown in Fig. 2.4. The result in Fig. 2.5 [61] also shows that αʹ 

developed via both strain-induced and stress-assisted mechanisms in coarse-grained stainless steel 

while stress-assisted was the dominant mechanism in UFG specimen. 

 

 

Fig. 2.5. Schematic diagram and TEM micrographs of deformed stainless steel showing the 

relationship between grain size and mechanism of deformation-induced martensite [61]. 

2.3 Deformation twinning in stainless steels 

Deformation twinning occurs in most austenitic stainless steels during plastic deformation. This 

leads to a phenomenon termed twinning-induced plasticity (TWIP). Apart from the 300 series 

ASS, special type of austenitic stainless steel that exhibits TWIP effect is the high Mn TWIP steels 
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that contain up to 25-35 wt% Mn with a minor addition of Al and Si [62]. They are attractive 

material for structural applications due to their unique ability to offer combine strength (up to 800 

MPa) and ductility (up to 95%) [63]. Although different mechanisms have been proposed, as they 

are well documented by Cooman et al. [64], the development of deformation twins is generally a 

process that proceeds by dislocation mechanism [65]. One of the accepted formation mechanisms 

of deformation twinning is already discussed in Section 2.2.2 since it is quite similar to that of 

HCP ε-martensite [63] as shown in Fig. 2.4. As previously indicated, the operative deformation 

mechanisms in metals are strongly influenced by their SFE [66]. It is reported that deformation 

twinning will dominate at a SFE in the 18 - 35 mJm-2 range while slip occurs above 35 mJm-2 [54]. 

Regardless of the dominant deformation mechanisms, be it phase transformation or twinning, 

plastic deformation by slip of dislocations will still occur [67]. Deformation twins act as sub-

boundary-like obstacles to dislocation motion; leading to Hall–Petch-type strengthening of the 

twinned-metal [68]. This phenomenon is termed dynamic Hall–Petch effect [69] since twins 

nucleate as deformation proceeds and simultaneously resulting in a continuous grain refinement. 

Hence, the dislocation mean-free path is reduced and significant hardening rate is generated. 

Twinning stress, which is a combination of stresses required to nucleate and grow twins, is a 

necessary requirement to generate deformation twinning. The determination of the stress to 

nucleate a deformation twin is experimentally difficult [70]. As such, it is considered that the 

twinning stress determined experimentally is the stress required for twin growth. The assumption 

is that twin nuclei already exist within the metal, e.g. stacking faults [65]. Despite the experimental 

difficulty involved in determining twin nucleation stress, Rahman [65] determined the critical twin 

nucleation stress for an infinite grain size in a TWIP steel to be ~50 MPa, which increases with 

decrease in grain size (i.e. twinning becomes more difficult in fine grains). However, Bouaziz et 

al. [71] reported that twin nucleation stress is independent of grain size (in the grain size range of 

1.3-25 µ𝑚 though). Classical twinning theories for determining the critical stress for twinning 

have been proposed and documented [64]. The 𝜎𝑡𝑤𝑖𝑛 proposed by Byun [72] in terms of uniaxial 

stress is expressed in Eqn. 2.9 as a function of SFE and Burgers vector. 

𝜎𝑡𝑤𝑖𝑛 = 6.14 (𝛤 𝑏⁄ )             …2.9 
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where Γ is the SFE and b is the Burgers vector of the Shockley partials. Therefore, it implies that 

high SFE and/or low b will result in high critical true stress for mechanical twinning (i.e. nucleation 

of twins become more difficult). Other factors that may influence the evolution of deformation 

twinning are temperature, strain rate, level of pre-strain, specimen and/or grain size, specimen 

crystallographic texture, alloy composition, precipitates, etc. [70]. Some of these factors are 

interdependent and difficult to separate. 

2.4 Mechanical behaviour of austenitic stainless steels  

One of the very important factors that influence the mechanical behavior of metals, including the 

austenitic stainless steels, is the strain rate at which they are deformed. By classification, strain 

rates below 10-6 s-1 are in the creep domain while those at or below 10-3 s-1 represent quasi-static 

deformation conditions. Strain rates above 102 s-1 are classified as high strain rates, above 104 s-1 

are called very high strain rates, and strain rates above 106 s-1 are called ultra high strain rates 

deformation conditions [73]. For the purpose of this thesis, only the mechanical behavior of 

austenitic stainless steel under quasi-static and high strain rates deformation conditions are 

discussed further in Sections 2.4.1 and 2.4.2, respectively. Unlike the behavior under quasi-static 

condition where strain hardening dominates, plastic deformation in metals under dynamic impact 

loading is a complex phenomenon that is characterized by the competition between strain 

hardening and thermal softening. The thermal softening results from the conversion of impact 

energy to thermal energy, leading to a temperature rise in the impacted specimens [74]. It was 

suggested that 90 % of the kinetic energy of the striking projectile is converted to thermal energy 

[75]. The extent of thermal softening in a deformed specimen is influenced by this temperature 

rise, which can be estimated from the stress-strain data using Eqns. 2.6 [76].  

T − To =  ΔT =  
β Wp

ρ .Cv 
                  …2.6 

where To and T are the temperatures of the specimen before and after high strain-rate deformation, 

β is the fraction of plastic work that is converted into heat (assumed to be 0.9) and it is referred to 

as the Taylor-Quinney parameter (Eqn. 2.7-a), Cv is the specific heat capacity, ρ is the density and 

Wp is the plastic work of deformation which is expressed in Eqn. 2.7-b. 
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β =  
 𝑄𝑝

𝑊𝑝 
                                                    …2.7-a 

Wp =  ∫ σ .  dε                                        …2.7-b 

where 𝑄𝑝,  and ε are the heat converted from plastic work, stress and strain, respectively. The 

general description of deformation behavior in metals under different loading condition is 

illustrated in Fig. 2.6 [77]. Under quasi-static loading conditions where the temperature rise in 

specimen is negligible, deformed specimen exhibits continuous hardening to large strain in the 

stress-strain curve until the material fractures as shown in Fig. 2.6. Under dynamic loading 

conditions where the plastic work heats up the deformed metal, the flow stress first hardens up to 

a peak value γmax stress, followed by strain softening (the “adiabatic” curve on Fig. 2.6). Still under 

the dynamic loading condition, a localized thermal softening may become extreme resulting in 

stress collapse that culminates to strain localization (the “localization” curve in Fig. 2.6).  

 

 
Fig. 2.6. Shear stress-nominal shear strain plot for a typical work-hardening material [77]. 

2.4.1 Under quasi-static condition  

As previously mentioned, the temperature rise in a specimen under quasi-static loading conditions 

is negligible. The implication of this for austenitic stainless steels is that the transformation of the 
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metastable austenite phase to martensite during plastic deformation can be spontaneous without 

being influenced by temperature rise within the specimen. It has been reported that martensitic 

phase transformation occurred in AISI 304 stainless steel under tensile load at room temperature, 

but was suppressed at 75 ℃ [78]. The authors concluded that the presence of martensite increased 

the hardening rate in the specimens deformed at room temperature. The tensile deformation of 

selected stainless steel grades showed a decrease in deformation-induced martensite with increase 

in alloying content, temperature, strain rate (within the low strain rate regime) and SFE [19]. At 

room to cryogenic temperatures and at different strain rates also within the low strain rate regime, 

selected 300 series stainless steel showed an increase in yield strength and a decrease in fracture 

strain as the deformation temperature decreased [79]. Meanwhile, yield strength and fracture strain 

increased and decreased with increased strain rate, respectively. The evolution of deformation 

twinning in a high Mn austenitic TWIP steel under tensile load became more difficult as the grain 

size decreases [80]. Similarly, finite element simulation of AISI 304 ASS under uniaxial tension 

shows the activation and suppression of twinning in coarse and ultrafine-grained structures, 

respectively, while experimental results confirm the suppression of both the deformation twinning 

and martensitic phase transformation by grain refinement [81]. The EBSD analysis of the same 

selected area provided evidence of de-twinning during an interrupted reverse tension-compression 

loading of a TWIP steel [62]. It was reported that all deformation twins formed during forward 

tension loading were removed upon subsequent reverse compression loading. On the role of 

texture [82], deformation twinning occurred in grains oriented near [111]||TD (tensile direction) 

where the twinning stress is larger than the slip stress.  

2.4.2 Under dynamic condition 

Unlike the quasi-static deformation condition, adiabatic heating in the specimen during dynamic 

deformation can influence the microstructure of the metal and by extension, its mechanical 

response during high strain-rate deformation. For instance, most austenitic stainless steels undergo 

martensitic phase transformation, and the fraction of transformed martensite can be different 

compared to those deformed under quasi-static condition. Under a compressive load, Sahu [83] 

also determined that the stability of austenite in austenitic stainless TWIP steels was low at lower 

strain rates, but phase transformation was suppressed during high-strain-rate deformation. The ease 

of αʹ-martensite formation and its suppression when adiabatic heating is not significant and 
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substantial,  respectively, have also been reported during the dynamic deformation of AISI 304 

steel [84]. The value of temperature rise in austenitic stainless steels calculated using Eqn. 2.6 is 

believed to be underestimated due to the generally-assumed value of β (0.9). In fact, there exists a 

variability of the value of β for austenitic steels that undergo deformation-induced martensitic 

transformation at high strain rates [85]. It is believed that latent heat released due to the exothermic 

nature of the martensitic transformation and the heat dissipated during the co-deformation of γ and 

αʹ contributes to the source of heat that results in the temperature rise in impacted specimens [85]. 

This can influence the value of β.  

The implication of the aforementioned sources of heat is that the temperature rise is tied to the 

austenite grain straining alone at the onset of loading (since no phase transformation will occur at 

this time). When martensitic transformation is activated as deformation continues, latent heat 

associated with the martensite transformation and the straining of αʹ comes into play. Hence, 𝑄𝑝 

in Eqn. 2.7-a is the summation of heat converted from plastic work and the heat due to phase 

transformation. Therefore, the use of a constant value of 0.9 for β may lead to underestimation of 

the temperature rise in specimen. The temperature rise in a Fe-Cr-Ni austenitic stainless steel that 

was deformed under high strain rate condition (~5.8 x 105 s-1) was ~943 K [86]. For austenitic 

steels of different SFEs deformed in tension at strain rates ranging from the quasi-static to dynamic 

regime, Curtze [68] reported an upsurge in SFE at high strain rate due to adiabatic heating, which 

resulted in a drop in the suppression of deformation twin evolution. Other authors [87] have also 

reported the important role adiabatic heating play on the SFE of austenitic stainless steels. The 

dynamic mechanical behavior of high-Mn austenitic stainless steel specimens is different from 

those deformed under quasi-static condition. While strain-hardening that is followed by a strain 

softening is characteristic of the stress-strain curves of the specimens deformed under dynamic 

condition, curves of specimens deformed under quasi-static condition only show strain hardening 

due to negligible rise in specimen’s temperature [88]. 

2.5 Dynamic failure mode in metals 

Usually, the mode of deformation in metals exposed to high strain-rate loading condition is 

associated with formation of a thermally-assisted shear strain localization called adiabatic shear 

band (ASB). ASB is a narrow shear zone which is a preferential site for dynamic failure/fracture 

[89,90]. The intense shear strain localization is due to loss of load carrying-capacity from thermal 
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softening in the region of intense adiabatic heating. Zener and Hollomon [91] ascribed their 

occurrence to a competition between strain hardening and thermal softening. ASBs develop rapidly 

in impacted specimen due to lack of time for thermal diffusion such that the specimen which 

undergoes localized instantaneous heating is rapidly cooled by the relatively cool matrix around 

the ASB [92]. This suppresses work hardening and promotes localized softening [93]. Examples 

of dynamic loading conditions that metals can be exposed to are, ballistic or hypervelocity impact, 

friction stir welding, forging [90], high speed machining/cutting [94], dynamic punch test, 

explosive loading, shaped charge jet, torsion rolling, explosive welding, etc. [95,96].  

2.5.1 Initiation and propagation mechanisms of adiabatic shear band 

Several mechanisms for the initiation of ASB have been proposed, some of which are summarized 

in Fig. 2.7. These are grain-scale microstructural initiation mechanisms in single-phase 

homogeneous materials [97]. Figure 2.7a suggests that large grains in materials containing varying 

grain sizes will plastically deform at the expense of the small grains such that the large grains 

become initiation sites for shear bands. This is because the large grain exhibits low yield stress 

(σ1) while the small grain possesses high yield stress (σ2) in agreement with the Hall-Petch 

equation. The second possible mechanism (Fig. 2.7b) is related to the tendency for ASBs to initiate 

from localized softened grains that are caused by grain rotation. The increase in Schmid factor of 

a plastically deformed grain can also cause localized softening that have the propensity to initiate 

shear band. This mechanism suggests that localized deformation of one grain can propagate along 

a band as shown in Fig. 2.7c. Pierce et al. [98] and Anand and Kalidindi [99] modelled the 

mechanism of localization through cooperative plastic deformation between participating grains 

that supports model presented in Fig. 2.7c. Armstrong and Zerilli [100] also proposed another 

mechanism that is shown in Fig. 2.7d. The mechanism suggests that local temperature rise and 

necessary plastic deformation can be generated to initiate ASB when dislocation pile-up bursts 

through a grain boundary. In all, the initiation of shear band is an inherent and natural outcome of 

large deformation processes which is related to the concurrent evolution of crystallographic texture 

[99]. Due to these complexities of ASB being more of a physical phenomenon than most other 

failure modes in engineering materials, numerical simulations have been proposed to be the most 

efficient way to study shear band propagation [101].  
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Fig. 2.7. Possible shear-band initiation mechanisms in single-phase homogeneous materials. (a) 

grain-size inhomogeneity, (b) geometrical softening, (c) Peirce–Asaro–Needleman textural 

localization and (d) dislocation pile-up release [97]. 

2.5.2 Types of ASB and their microstructural features 

It has been established that the formation of ASBs, which are characteristics of high strain rate 

deformation in a metal, is a precursor to the dynamic fracture of the metal. There are two type 

ASB: the deformed shear band (DSB) and transformed shear band (TSB) [95,102]. The onset of 

DSB and TSB in a metal depends on the critical strain and strain rates at which it is deformed [56]. 

The DSB contains elongated and distorted grains that develop at a lower critical strain and strain 

rates than the critical values at which TSB is formed [92,102]. This implies that TSBs are 

transformed DSBs and, in most cases, TSBs are flanked by DSBs; a hint that DSB is a precursor 

to TSB. TSBs on the other hand, are characterized by ultra-fine equiaxed grains formed as a result 

of dynamic recovery (DRV) or dynamic recrystallization (DRX) [92,96,102]. The hardness profile 

across a TSB showed higher microhardness values in the TSB than the matrix [103,104], which is 

attributed to grain refinement. Besides DRV and DRX, other microstructural changes such as 

phase transformations [105,106], melting and amorphization [93,107] and carbide fragmentation 

and redistribution [108] have been reported to occur within the TSB. 

2.5.3 Dynamic recovery and dynamic recrystallization  

It has been postulated that the formation and propagation of ASB (in this case, the TSB-type) is 

directly related to and dictated by the occurrence of DRX inside the TSB [101]. In fact, the 

formation and propagation of TSB are sometimes described by the onset conditions of DRX inside 

the TSB. To this end, it becomes necessary to understand the mechanism of DRX inside the TSB. 
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The occurrence of DRX is usually preceded by DRV. DRV is a microstructural softening process 

that is characterized by the presence of lamellar boundaries and are usually observed at the 

interface between the inside and outside TSB region [109]. It involves the rearrangement of 

dislocation into a more energetically favorable configuration referred to as subgrain or cell 

structure. The cells are characterized by heavily dislocated boundaries with comparable orientation 

as the parent grains. As strain rate increases, subgrain size decreases but the misorientation 

between them increases [110]. The mechanism of recovery as schematically shown in Fig. 2.8a 

includes the annihilation of point defects such as vacancies and interstitials by diffusion to sinks 

(dislocations). This is followed by dislocation annihilation by attraction of mobile dislocations of 

opposite sign; a process promoted by temperature rise in specimen during deformation (Fig. 2.8a1 

and a2). The next is the polygonization stage that involves the coordination of free, random 

dislocations into dislocation walls/sub-boundaries (Fig. 2.8a3). The sub-boundary walls eventually 

coalesce as subgrain grows (Fig. 2.8a4).  

Over the years, researchers have proposed several mechanisms of DRX in TSB. However, Derby 

[111] classified the mechanism of DRX into migrational and rotational. While the migrational 

DRX (MDRX) mechanism involves diffusion and develops by nucleation and growth of 

recrystallized grains, rotational DRX (RDRX) is completed through self-rotation of subgrains [94]. 

Since the time of formation of TSB is extremely short, MDRX mechanism is not capable of 

explaining the equiaxed ultrafine grain (UFG) structure in TSB. The most accepted RDRX 

mechanism (that involves concurrent plastic deformation) model for explaining equiaxed UFG 

structure in TSB is proposed by Nesterenko et al. [112] as schematically shown in Fig. 2.8b. The 

first stage (Fig. 2.8b1) is the accumulation of random and homogenously distributed dislocations. 

This dislocation re-arranges to elongated dislocation cells as shown in Fig. 2.8b2. The elongated 

dislocation cells transform into elongated subgrains of fine boundaries (Fig. 2.8b3) as deformation 

proceeds. Figures 2.8b1-b3 completes a dynamic recovery process that is synonymous to the 

description in Fig. 2.8a. As deformation proceeds further, subgrains disintegrate into equiaxed 

subgrains because of the interfacial energy minimization (Fig. 2.8b4). The equiaxed subgrains are 

then rotated to complete the evolution of DRXed UFGs (Fig. 2.8b5). Using crystal plasticity 

theory, some authors have proposed another feasible model called the progressive subgrain 

misorientation recrystallization whose detailed description can be found in Ref. [110]. 
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Fig. 2.8. Schematic diagrams of (a) dynamic recovery (successive dislocation annihilation 

mechanism) [113] and (b) dynamic recrystallization [112] mechanisms.  

2.6 Dynamic fracture mechanism in impacted metals 

The formation of ASBs in shock-loaded specimens is often precursors to ductile fracture i.e. ASBs 

serve as potential sites for crack initiation and propagation [90,114,115]. Due to the condition for 

formation, DSB is usually first formed in an impacted specimen, followed by the TSB as 

previously described. As shear strain localization becomes intense, crack is then initiated and 

propagated through the TSB [116,117]. A typical micrograph showing the two types of shear bands 

are presented in Fig. 2.9 [118]. The mechanism of crack initiation and propagation in TSB that 

leads to dynamic fracture of impacted metals is generally reported to proceeds in five sequential 

steps [119,120]. As shown in Fig. 2.10, these steps includes; (i) the formation of micro-voids in 

TSB, (ii) amalgamation of the micro-voids to form elongated void-clusters, (iii) initiation of fine 

micro- cracks from opposite ends of the elongated void-clusters, (iv) growth and interconnection 
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of adjacent micro-cracks, and (v) crack propagation to dynamic failure. Several mechanisms have 

been reported to play a role in the nucleation of micro-voids in TSB. They include the presence of 

second phase particles [118,121], the existence of stress gradient between the inside and outside 

TSB that tends to generate tensile stresses, the vacancy accumulation at a high-stress region, void 

nucleation at the head of dislocation pile-ups and grain boundary sliding [119]. 

 

 

Fig. 2.9. Optical micrograph showing crack initiated and propagated along a transformed shear 

band on the longitudinal section of an impacted AA 2017-T451 specimen [118].  

 

 

Fig. 2.10. Microstructural model for crack initiation and propagation inside TSB [120]. 
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2.7 Summary 

This chapter is a comprehensive review of previous studies on stainless steels and their 

applications. It highlights the composition of stainless steels and specifically, the composition of 

AISI 321 stainless steel, its intended applications, and the current hindrances to its widespread 

applications. The review of the literature affirms that AISI 321 stainless steel is not well-studied, 

neither is its response to external loadings well-understood. There is a need to improve the 

mechanical strength of AISI 321 steel to expand its use to other structural applications, where low 

mechanical strength hinders their use. It is very important that whatever strengthening method is 

adopted for AISI 321 steel, it must not adversely affect the excellent corrosion resistance of the steel. 

It is, therefore, not clear in the literature how strengthening by grain refinement will affect both the 

mechanical and corrosion properties of AISI 321 steel. That is the focus of this PhD research study.  
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Chapter 3 

Materials and Methodology 

In this chapter, the material and methods used for developing ultrafine grain (UFG) structure and 

microstructural characterization are presented. The procedure for determining the mechanical 

properties of the as-received and refined alloy using hardness test, quasi-static compressive and 

dynamic impact tests are discussed. This chapter also contains detailed information on the 

materials’ characterization using optical and scanning electron microscopy, transmission electron 

microscopy (TEM), energy dispersive spectroscopy (EDS), electron-backscattered diffractometry 

(EBSD), X-ray diffractometry (XRD) and Feritscope. The procedure for electrochemical corrosion 

tests is also discussed in details. 

3.1 Materials 

 The nominal composition of the AISI 321 austenitic stainless steel used in this study is presented 

in Table 2.1. The investigated alloy was received from SANDMEYER steel company, PA, USA, 

in the form of a hot-rolled plate, 25.4 mm thick, as schematically shown in Fig. 3.1. The 

mechanical data are presented in Table 3.1 while the packing list and certified material test report 

can be found in APPENDIX B. The average grain size of the as-received steel is 37 µm on the 

ND-TD plane. The optical micrographs in Fig. 3.1 shows the as-received alloy is characterized by 

microstructural inhomogeneity across sample thickness; forming banding at mid-thickness. 

Table 3.1. Mechanical data of AISI 321 austenitic stainless steel provided by supplier. 

3.2 Solution heat treatment and cryo-rolling procedures 

Before rolling, the alloy was solution treated by soaking at 1373 K (1100 ℃)  for 30 minutes in a 

benchtop Muffle furnace (Fig. 3.2a), followed by quenching to room temperature in water to 

achieve chemical homogeneity. In a previous study [122], no additional formation of martensite 

was observed when a cold-formed austenitic stainless steel specimen was exposed to a cryogenic 

temperature, whereas prior exposure to cryogenic temperature before rolling led to a substantial 

Yield strength Tensile strength %Elongation Hardness 

242 MPa 554 47% in 51 mm RB 80 
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formation of martensite. Therefore, the solution treated sample was initially soaked in liquid 

nitrogen for 25 minutes, followed by multi-pass unidirectional rolling using a STANAT rolling  

 

 

Fig. 3.1. Schematic drawing showing AISI 321 austenitic stainless steel plate whose rolling 

direction (RD) is parallel to the axis of the cylindrical compression test specimen. The exploded 

view is the optical micrographs showing microstructural inhomogeneity across sample thickness 

(i.e. banding at mid-thickness). 

mill (Fig. 3.2b). The steel specimen was intermittently re-soaked to avoid temperature rise during 

the multiple pass rolling. A previous work [123] on AISI 301 stainless steel showed that rolling at 

77 K to 20% thickness reduction resulted in the saturation of BCC martensitic phase in the steel.  

Therefore, it is expected that the cryo-rolling of AISI 321 steel at 77 K will nearly or completely 

transform the FCC-austenitic phase (γ) to BCC-martensite (αʹ) at 20% thickness reduction (r20). 

To obtain complete transformation and crushing of αʹ-martensite, cryo-rolling of up to 50% 

thickness reduction (r50) was conducted on 105 mm x 33 mm x 11 mm plates till a final thickness 

of 5.5 mm was reached. The r50 cryo-rolled samples with saturated and crushed αʹ-martensite were 

reversed to austenite (γr) by annealing at 923 K (650 ℃), 973 K (700 ℃), 1023 K (750 ℃) and 

1073 K (800 ℃) for 60-28800 s, 60-1800 s, 30-1200 s and 30-1800 s, respectively. Both benchtop 

Muffle furnace and the STANAT rolling mill are located in the material science lab, Engineering 

Building, University of Saskatchewan, Canada. 
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Fig. 3.2. Images of (a) benchtop Muffle furnace and (b) STANAT rolling mill. 

3.3 Mechanical test 

3.3.1 Hardness test  

Microhardness tests were carried out using a Mitutoyo Micro Vickers hardness testing machine 

(MVK-H1). The specimens were subjected to a load of 1 kgf for 10 s. The test was repeated four 

more times in a sample. Common errors such as indenting close to the edge of specimens and/or 

to previous indents were avoided. The average values of five hardness measurements are reported 

for each specimen. 

3.3.2 Quasi-static compression test  

An Instron R5500 mechanical testing machine with a 150 kN load cell (Fig. 3.3) was used to 

determine the mechanical behaviour of the AISI 321 steel under low strain-rate compressive 

loading. Cylindrical specimens were deformed using a cross-head speed of 1 mm/min. The 

dimension of the specimens and the oriention of machining with respect the RD, TD, and ND of 

the alloy plate are specified in each of the chapters, where necessary. This cross-head speed 

generated an engineering strain rate of 4.2 x 10-3 /s in the specimens. The tests were repeated under 

the same condition to ensure reproducibility of test data. All tests were carried out at room 

temperature. The contact surfaces between the test specimens and the platens of the testing 

machine were lubricated with Vaseline to minimize barreling caused by friction during 

compression. 
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Fig. 3.3. The Instron R5500 mechanical testing machine. 

3.3.3 Dynamic Impact test 

The dynamic impact test was conducted on the cylindrical specimens of the alloys using a split 

Hopkinson pressure bar (SHPB) system. The dimension of the specimens and the oriention of 

machining with respect the RD, TD, and ND of the alloy plate are specified in each of the chapters, 

where necessary. A schematic illustration of the SHPB system is presented in Fig. 3.4a. The 

equipment was designed and constructed by the College of Engineering machine shop at the 

University of Saskatchewan. The standard operating procedure (SOP) of the SHPB, can be found 

in Appendix A of Ref. [124]. The SHPB, as shown in Fig. 3.4b, consists of an incident and a 

transmitter bar of the same length (1500 mm, each). Strain gages are installed at the mid-length of 

each of the bars. Specimens are usually sandwiched between the two bars while a 2.04 kg striker, 

38 mm in diameter and 225 mm long, fired by a light gun impact the incident bar. This process 

generates stress waves that propagate through the incident bar and captured as incident waves by 

strain gauge 1. Some portion of these waves is used to deform the specimen while part of the waves 

is reflected and captured as the reflected waves by the same strain gauge 1. The remaining waves 

propagate through the specimens to the transmitter bar and are captured as transmitted waves by 

the strain gage 2 mounted on the transmitter bar. The projectile, incident, and transmitted bars are 
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made of maraging steel (Mar C300). Further details on the working principles of SHPB system 

and the stress waves equations (Eqn. 3.1-3.3) used in generating engineering stress, strain, and 

strain rate data can be found in Ref. [125]. 

𝜎 = (
𝐴𝐵

𝐴𝑆
) 𝐸𝐵𝜀𝑇              …3.1 

𝜀 = −2 (
𝐶𝐵

𝐿𝑆
) ∫ 𝜀𝑅

𝑡

0
𝑑𝑡              …3.2 

𝜀̇ =  −2 (
𝐶𝐵

𝐿𝑆
) 𝜀𝑅               …3.3 

where AB and AS are cross-sectional areas of the bars and specimen respectively; 𝜀𝑇 and 𝜀𝑅 are 

transmitted and reflected strain pulses, respectively. CB, EB, LS and t are the velocity of elastic 

waves in the bars, elastic modulus of the bar material, the initial length of specimen and 

deformation time, respectively. CB can be calculated using Eqn. 3.4. 

𝐶𝐵 = √𝐸𝐵/𝜌             … 3.4 

where elastic modulus (EB) for maraging steel is given as 180 GPa and density (ρ) is given as 7960 

kg m-3. CB, when calculated, was approximately 4750 ms-1. Alternatively, CB can be determined 

experimentally by striking the incident bar in contact with transmitted bar with no specimen in 

between them. CB is, therefore, determined using Eqn. 3.5 [125].   

𝐶𝐵 = 2𝑙/∆𝑡             … 3.5 

where l is half the length of the incident or transmitter bar; and ∆𝑡 is the time interval between the 

incident and reflected pulses when the bars are impacted by the striker. The 𝜎𝑇, true strain (𝜀𝑇), 

and 𝜀�̇� data were obtained using Eqns. 3.6-3.8 [126], respectively; 

𝜎𝑇 = 𝜎 [1 − 𝜀]                                                                                                                                                                   …3.6 

𝜀𝑇 = −𝑙𝑛 [1 − 𝜀]                                                                                                                                                              …3.7 

𝜀�̇� =
̇

1−
                                                                                                                                    …3.8 

However, average values of true strain rate were reported using 𝜀�̇�𝑎𝑣𝑔 = (∫ 𝜀�̇�𝑑𝜀𝑇
𝑇2

𝑇1
) 𝜀𝑇2 − 𝜀𝑇1⁄ . 

All tests were carried out at room temperature. The contact surfaces between the test specimens 

and bars of the SHPB system were lubricated with Vaseline to minimize barreling caused by 

friction during compression. 
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Fig. 3.4. (a) Schematic and (b) images of the split Hopkinson pressure bar system used in this 

study.  



37 

 

3.4 Electrochemical corrosion tests 

All electrochemical corrosion tests in this study were conducted using an Interface 1000 

potentiostat made by Gamry Instruments. Measurements were carried out in the order: open circuit 

potential (Eoc), electrochemical impedance spectroscopy (EIS) and Tafel polarization, using a 

three-electrode system as shown in Fig. 3.5. A graphite rod was utilized as the counter electrode 

while an Ag/AgCl (sat. KCl) reference electrode measured the magnitudes of electrical potentials 

within this work. These electrodes were connected to the potentiostat with a deformed or an 

undeformed specimen as the working electrodes. Before the test, a 30-minute equilibration time 

was allowed for each metal coupons exposed to the aerated corrosive solution (3.5 wt.% NaCl) at 

a defined exposed area (0.35 cm2). EIS measurements were conducted by applying a 10-mV 

sinusoidal alternate low-voltage perturbation (peak-to-peak) with the frequency ranging from 104 

to 10 mHz, 10 points per decade at Eoc. The Tafel polarization test was conducted after the 

impedance measurements by applying an overpotential of ±250 mV from Eoc at a scan rate of 0.5 

mV s−1. All the electrochemical measurements presented in this study are reproducible; results are 

representative of the multiple measurements. 

 

Fig. 3.5. Electrochemical corrosion test set-up.  
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3.5 Microstructural evaluation 

3.5.1 Metallographic sample preparation  

3.5.1.1 Mechanical grinding and polishing  

Microstructural evaluation of the alloy specimens before and after mechanical loading was 

preceded with metallographic sample preparation, which begins with cold-mounting of the 

specimens using acrylic resin (a mixture of VersoCit-2 powder and liquid in ratio 2:1) in a 

LECOMAT® pressure vessel. This was followed by pre-grinding, fine grinding and polishing 

(diamond and oxide) of the compression plane of the specimens to obtain a mirror surface finish. 

The 320 and 800 grade SiC emery papers were used for the pre-grinding stage while 9 µm MD-

Largo cloth with 9 µm MD-Largo suspension were used for fine grinding. Diamond polishing was 

done using 3 µm MD-Mol with 3 µm MD-Mol suspension and 1 µm MD-Nap clothes with 1 µm 

MD-Nap suspension.  

3.5.1.2 Electrolytic polishing  

Electrolytic polishing (electropolishing) was also used in metallographic sample preparation in 

this study. This technique is the reverse of electroplating. Electropolishing process involves ion by 

ion removal of metal from the surface of a work-piece through an electrochemical process [127]. 

It was conducted at room temperature by applying a potential of 32 V. The negative terminal 

(cathode) of a DC power supply was connected to a platinum wire while its positive terminal 

(anode) was connected to the work-piece (AISI 321 specimen). Both the platinum wire and the 

specimen to be polished were then submerged in an electrolyte as shown in the experimental set-

up presented in Fig. 3.6a. The electrolyte used in this study was a mixture of 35% sulfuric acid, 

45% orthophosphoric acid and 20% de-ionized water [127]. The EBSD phase maps of solution 

heat-treated AISI 321 stainless steel sample that was prepared by mechanical grinding and 

polishing (described in Section 3.5.1.1) and electropolishing are presented in Figs. 3.6b and c, 

respectively. The results show mechanically-ground and polished specimens experienced 

tremendous strain-induced martensitic phase transformation (Fig. 3.6b). In view of this, a 

combination of mechanical grinding with SiC papers (320, 800 and 1200 grits) and 

electropolishing for a minimum of 20 s was used in this study for metallographic sample 

preparation. The purpose of the electropolishing step was to eliminate roughness, residual strain, 
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and formation of strain-induced αʹ- or ε-martensite introduced on the surface of the specimen by 

mechanical grinding. The mechanical grinding of specimens using SiC paper up to 600 grits was 

sufficient for initial sample preparation prior to electropolishing [128]. 

 

 
Fig. 3.6. (a) Electrolytic polishing set-up; EBSD phase maps of solution heat treated AISI 321 

stainless steel sample that was (b) mechanically- and (c) electro-polished.  
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3.5.2 Optical microscopy 

Polished specimens were etched using a mixture of 45 ml HCl, 15 ml HNO3, 20 ml methanol for 

45 s. Optical microscopy provided an overview of the microstructure of the specimens before 

investigating finer microstructural features using electron microscopy. Nikon MA100 inverted 

metallographic microscope with Pax-it! image analysis software (Fig. 3.7a) was used in this study. 

 

 
Fig. 3.7. (a) Nikon MA100 inverted metallographic optical microscope and (b) SU 6600 Hitachi 

Field Emission scanning electron microscope that is coupled with EDS (Oxford X-Max Silicon 

Drift) and EBSD (Oxford Instruments Nordlys Nano EBSD) detectors. 

3.5.3 Scanning Electron Microscopy (SEM), Energy Dispersive Spectroscopy (EDS) and 

Electron Backscattered Diffractometry (EBSD) 

A Hitachi field emission SEM (model SU 6600) operating at an accelerating voltage of 20 keV 

was used in this study (Fig. 3.7b). This SEM is coupled with both Oxford X-Max Silicon Drift 

EDS and Oxford Instruments Nordlys Nano EBSD detectors. The EDS analytical technique was 

used for the elemental analyses of phases in the specimens. For microtexture evaluation of 

deformed and undeformed specimens, AZTEC 2.0 EBSD data acquisition software was used to 

acquire electron diffraction patterns with a binning of 4 × 4 pixels and step size of 30 - 400 nm. 

Raw data were post-processed using the Oxford Instrument’s Channel 5 post processing software. 

This software helped to determine the grain orientation, grain boundary misorientations, Kernel 

average misorientation (KAM), Schmid factor (SF) and recrystallization fraction. Grain 

boundaries (GB) were defined as continuous regions of misorientation for misorientation angle (θ) 

>5°. In this study, GBs with 5 < θ < 15° are considered as low angle grain boundaries (LAGB) 

and θ > 15° as high angle grain boundaries (HAGB). In the recrystallization fraction analysis, 1o < 
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θ < 7.5o was the misorientation angle (θ) considered to separate subgrains while θ > 7.5o was 

considered to separate grains.  

The KAM, which is a measure of local misorientation that indicates strain distribution in the 

specimen, is estimated as the average misorientation between each measured point in the EBSD 

scan and its neighbors. This is based on the condition that misorientations do not exceed 5o so as 

to exclude the effect of large misorientations related to the presence of grain boundaries [67]. The 

higher the local misorientation in a microstructure, the higher the accumulated strain. EBSD SF 

map associated with different grain orientations is plotted using active slip systems {111}<1-10>, 

{110}<-111> and {0001}<11-20>, for FCC γ, BCC αʹ and HCP ɛ phases, respectively, along the 

z-compression direction of the test specimens. The Schmid factor indicates which of the grains or 

crystallographic orientation experiences higher or lower resolved shear stress during compression 

[129]. To avoid misinterpretation of results, post-processed EBSD data with no noise reduction 

was reported in this study since nano-sized titanium carbides (TiC) precipitates were removed after 

noise reduction. The average grain size of a phase was measured as the average of the diameter of 

all the grains of that phase in the map. The grain size diameter was obtained from the diameter of 

a circle that has the same area of the grain. The area of a grain was obtained from the number of 

data points in the grain multiplied by their pixel size. 

3.5.4 X-ray diffractometry (XRD) and Feritscope 

Figure 3.8 shows the Bruker D8 Discover diffractometer with Cr Kα radiation that was used to 

carry out X-ray phase identification and macrotexture measurements. The diffraction pattern was 

collected between 10o and 110o for 2θ. This is to ensure that all available peaks in the range of the 

detector’s geometric limits are captured. For processing the raw XRD texture data, (111) and (200) 

incomplete pole figures were collected for the austenitic phase, and (110) and (200) for martensitic 

phase. The orientation distribution functions (ODFs) were then constructed from the obtained 

incomplete pole figures using Resmat software. The quantitative volume fraction of BCC αʹ phase 

was obtained using a Feritscope MP30E. This device was originally designed to measure δ-ferrite 

content in austenitic stainless steel weldments. Since both δ-ferrite and αʹ phase are BCC in 

structure, the actual αʹ content can be determined by multiplying the feritscope reading by a 

correction factor of 1.7. The correction factor was experimentally determined by Talonen et al. 
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[130]. The advantage this device has is in its ability to measure αʹ in situ and it is a non-destructive 

technique. 

 

 

Fig. 3.8. X-ray diffractometer (Bruker D8 Discover diffractometer) with Cr Kα radiation source. 

3.5.5 Transmission Electron Microscopy (TEM) 

Transmission electron microscopy (TEM) and scanning transmission electron microscopy 

(STEM) analyses were performed on deformed and undeformed specimens using a FEI-Talos 

F200X microscope coupled with a Super-XTM EDS detector operating at a voltage of 200 kV (Figs. 

3.9a and b). The thickness of specimens was initially reduced to 0.1 mm by mechanical grinding 

and polishing techniques. Disks of 3 mm in diameter were punched from the 0.1 mm thick 

specimens using a manual punching machine in Fig. 3.9c. Electron transparent disks for 

TEM/STEM analysis were prepared using a Struers TenuPol-3 twin-jet electro-polisher. The 

electrolyte containing a mixture of 93% methanol, 2% nitric acid and 5% perchloric acid (vol.%) 
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was used at –30 °C and at a voltage of 20 V. The focused ion beam (FIB) facilty at the University 

of California, San Diego, USA, was used prior to the TEM analysis of specimens used in Chapter 

11.  

 
Fig. 3.9. (a, b) Set-up of FEI-Talos F200X microscope coupled with a Super-XTM EDS detector 

and (c) manual punching machine. 
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Chapter 4 

Mechanical Behavior and High-Resolution EBSD Investigation of the Microstructural 

Evolution in Aisi 321 Stainless Steel under Dynamic Loading Condition 

In this chapter, the experimental results of the investigations carried out to determine the variation 

in the mechanical behaviour of specimens cut from different locations (top, middle and centre) 

across the thickness of the as-received AISI 321 steel plate are discussed. The mechanical 

responses of these specimens under dynamic impact and quasi-static loading conditions are 

compared. The microstructural evolution in the deformed stainless steel specimens under both 

loading conditions was investigated using EBSD, and the results are also discussed in this chapter. 

This chapter has been published in “Materials Science & Engineering A” as follows: 

A. A. Tiamiyu, M. Eskandari, M. Sanayei, A. G. Odeshi, and J. A. Szpunar, “Mechanical behavior 

and high-resolution EBSD investigation of the microstructural evolution in AISI 321 stainless steel 

under dynamic loading condition,” Mater. Sci. Eng. A, vol. 673, pp. 400–416, 2016.  

My contributions to this paper include a review of relevant literature, design and carrying out of 

the required experiments, analysis of test results and preparation of the manuscript. My 

supervisors, Professors Akindele Odeshi and Jerzy Szpunar, reviewed the paper and made 

suggestions which were implemented before it was submitted for publication. The present 

manuscript is a modified version of the published paper. Detailed information about materials and 

experimental procedure provided in Chapter 3 are removed to avoid repetition. The copyright 

permission for manuscript reuse was obtained, and it is provided in APPENDIX C. 

Abstract 

The impact response of three regions (top, mid and center) across the thickness of AISI 321 

austenitic stainless steel plate at high strain rates (> 6000 s-1) was studied using the split Hopkinson 

pressure bar system. The result shows that texture and stored energy heterogeneity across plate 

thickness influenced the mechanical responses of the investigated steel in these regions. 

Microstructural evaluation using high-resolution electron backscattered diffraction (HR-EBSD) 

analysis showed that strengthening in AISI 321 steel originates from the evolution of strain-

induced martensite and formation of nano-carbides in addition to plastic deformation by 
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mechanical twinning and slip. This resulted in a desirable combination of high strength and good 

ductility (approx. 2000 MPa at 0.42 true strain). Phase transformation, dynamic recrystallization, 

and formation of nano-carbides were confirmed within the adiabatic shear band (ASB) region. The 

average dynamic recrystallized (DRX) grain size in the shear band region is 0.28 µm in comparison 

to grain size of 15 µm outside the shear bands. The nano-sized grain inside the shear bands is 

proposed to form by rotational dynamic recrystallization. A comparative study of the alloy’s 

behavior under dynamic and quasi-static compression shows that the stability of austenite is higher 

at high strain rates and lower at a low strain rate. The strength in the dynamically impacted 

specimen is compromised as a result of the suppressed evolution of strain-induced martensite and 

mechanical twin. Martensitic transformation under both loading conditions follows the FCC γ-

austenite → BCC αʹ-martensite kinetic path and both phases obey the Kurdjumov-Sachs’ 

{(111)γ||(110)αʹ and <-101>γ||<1-11>αʹ} orientation relationship. 

Keywords: AISI 321 austenitic stainless steel; EBSD; adiabatic shear bands; mechanical 

twinning; strain-induced phase transformation; nano-carbides.  

4.1 Introduction 

AISI 321 is an austenitic stainless steel (ASS) stabilized with titanium to reduce sensitization. 

Although the widespread structural application of austenitic stainless steels is hindered by their 

relatively low strength and poor tribological properties, AISI 321 ASS is a choice material for 

high-temperature applications due to its relatively good mechanical properties at high temperature 

coupled with good resistance to intergranular corrosion [131]. It is an attractive material for load-

bearing applications in nuclear power reactors, boilers, chemical reactors, aircraft’s engine and 

automobile exhaust systems  [28].  

The use of ASS in strength-critical aerospace/automotive applications is prohibitive owing to its 

high cost and insufficient simulation models; however, the increasing demand for safe lightweight 

vehicles along with lifespan cost concerns increases the competitiveness of austenitic steel for 

selected crash-prone components [132]. Though the choice applications of AISI 321 ASS are 

corrosion-driven, their exposure to both quasi-static and dynamic impact loading conditions in 

service can occur. It is therefore important to study its behavior under both loading conditions. The 

results of a previous study [83] showed that the mechanisms of plastic deformation in steels varies 
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with loading conditions. Typically, in high strain rate loading conditions, the microstructures of 

deformed specimens are characterized by the presence of adiabatic shear bands (ASB). ASBs are 

paths of intense shear strain localization due to loss of load carrying capacity from excessive 

thermal softening in a region of intense adiabatic heating [118]. They are known to develop within 

a short time frame such that the region undergoes localized instantaneous heating and rapid cooling 

by the relatively cold matrix around them [92]. Although the investigation of evolution of shear 

bands was first observed and interpreted by Tresca in the 19th century [97], its mechanistic model 

was first proposed by Zener and Hollomon [91,133], who attributed the occurrence of ASB to a 

competition between strain-rate hardening and thermal softening. Localized deformation occurs 

when thermal softening dominates strain-hardening. ASBs consist of either elongated and distorted 

grains (deformed band) or ultra-fine equiaxed grains (transformed band). The ultra-fine grains 

form as a result of dynamic recovery or dynamic recrystallization [134,135]. The transformed band 

in steels exhibits white-etching characteristics under an optical microscope, which some 

researchers attributed to phase transformation [102].  

The dynamic responses of several steels have been studied [107,108,109,119,134,136,137]. The 

characterization of AISI 304L stainless steel after exposure to dynamic shock loading conditions 

by Meyers et al. [107] using a transmission electron microscope (TEM) revealed two distinct 

regions within the shear band. The first consists of grains having sizes ranging between 0.1 and 

0.2 µm with well-defined grain boundaries while the second indicated glassy structure (suggesting 

amorphization) within the shear band. This work also reported that the deformation of AISI 304L 

stainless steel is accompanied by martensitic transformation, stacking faults and twinning outside 

the shear band region. Lins et al. [109] investigated the occurrence of ASBs in a hot-rolled 

interstitial free (IF) steel under high strain rate loading conditions and observed equiaxed grain 

structure within the shear band irrespective of the test temperature. During dynamic shear loading 

of an ultra-fine-grained (UFG) iron with a grain size of approximately 500 nm, adiabatic shear 

bands (ASBs) formed while cracks nucleated and propagated along the shear bands [136]. TEM 

observations indicated that grains in the shear bands were further refined compared to the grains 

in the UFG iron. Recent high resolution-electron backscatter diffraction (EBSD) study [137] on 

the dynamic mechanical response of Mn-steel confirms the evolution of both ε (hcp) and αʹ (bcc)-

martensitic transformations within the shear band region and the neighboring grains. The 

aforementioned phases obey Shoji-Nishiyama and Burger crystallographic relationship 
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respectively, with the parent austenite phase. While studying the role of carbides on ASBs, 

Boakye-Yiadom et al. [108] observed that extensive carbide fragmentation during plastic 

deformation produces fine residual carbide particles which are redistributed within the ASBs. The 

authors also concluded that dislocation motion within the shear bands was hindered by residual 

carbide particles, thereby contributing to increased local hardening. The results of other studies 

[134,135]  suggested that carbide particles in steels can be a dominant source of strengthening such 

that the finer the particles, the smaller the inter-particle spacing, and the higher will be the 

strengthening effect. 

With the growing applications of AISI 321 stainless steel in load-bearing structures in a corrosive 

or high-temperature environment, previous studies [27,30,138,139] on this grade of stainless steel 

focused majorly on its response to corrosive or high-temperature environments. Little or no work 

has been done to understand the deformation mechanism in AISI 321 stainless steel under dynamic 

shock loading condition. The objectives of this work is to characterize, using high-resolution 

EBSD, the microstructural evolution in AISI 321 austenitic stainless steel subjected to dynamic 

impact load in comparison with those deformed under quasi-static compressive loading condition. 

The mechanical response of this alloy across the sample thickness was also studied and reported 

in this paper. 

4.2 Material and Methodology 

The thickness of the as-received AISI 321 stainless steel plate is 25.4 mm. In order to study the 

mechanical response and texture evolution in this alloy across the sample thickness under both 

dynamic and quasi-static loading conditions in compression, cylindrical test specimens, 4 mm in 

diameter and 4 mm long, were machined from the as-received plate. The axis of the cylindrical 

test specimen is parallel to the normal direction (ND) of the plate. Three sets of samples were 

machined as shown in Fig. 4.1. The first set was machined close to the rolling plane of the plate 

(hereafter referred to the Top samples). The second set was machined just at the mid region 

between the rolling plane and the center line of the as-received plate (hereafter referred to Mid 

samples) and the third set was machined at the center line of the plate (hereafter referred to the 

Center samples). The dynamic impact and quasi-static compressive tests and microstructural 

analyses such as the optical/SEM microscopic examinations, EBSD and X-ray diffractometry 

measurements were carried out as described in Chapter three. 
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Fig. 4.1. Schematic of sample geometry. 

4.3 Results  

The SEM micrograph of the as-received (undeformed) AISI 321 ASS indicate a microstructure 

containing more than 98% austenitic phase (Fig. 4.2a). The average grain diameter is 45±5 µm 

(ASTM 06). The X-ray diffractogram in Fig. 4.2b indicates highest and lowest peak intensities at 

(111) and (200) plane respectively in the center specimen, suggesting a change in the texture of 

the austenite grains from the top (rolling plane) to the center of the as-rolled plate. Macrotexture 

measurement (Fig. 4.2c) also shows the volume fraction of ND||<100> fibre at the center differs 

strongly from other regions of the plate. The kernel average misorientation (KAM) of undeformed 

samples at the three regions of the plate was obtained to be less than 0.3o as shown in Fig. 4.2d. 

Though the low KAM is a signature of an annealed sample, the misorientation of the center sample 

shows a shift in the distribution towards higher local misorientations with a KAM (0.29o) that is 

almost double of that obtained in the top and mid (0.17o) regions. This suggests more stored energy 

at the center than any other region across the plate thickness. 

4.3.1 Dynamic mechanical behavior 

The results of the dynamic impact test conducted with the projectile striking the incident bar at a 

momentum of 22 kg.m/s are presented in Fig. 4.3. The corresponding strain rates generated in the 

top, mid and center specimens by this impact load are 6500, 6600 and 6100 s-1 respectively; 

suggesting variations in the mechanical response across the sample thickness (Fig. 4.3a). The true 

stress-true strain curves show a clear competition between thermal softening and strain hardening. 

True yield stresses (σYS) defined by the first peak were 681, 514 and 452 MPa for the top, mid and 
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center specimen respectively. Moreover, the investigated steel exhibits an excellent combination 

of high strength and ductility (approx. 2000 MPa at 0.42 true strain). The inset in Fig. 4.3a is the 

true stress-true strain curve of an impacted mid specimen repeated to show the consistency, 

reliability, and repeatability of the dynamic impact test data. As deformation proceeds beyond the 

yield point, top and mid specimen shows similar strain hardening behavior before thermal 

softening dominates the deformation process at about 0.35 true strain. The strain hardening 

capability of the center specimen is higher than those of the top and mid specimens which resulted 

in higher peak flow stress before the onset of thermal softening dominance at much higher true 

strain (0.42). Though the final true strain values of the three sets of the specimens are quite close 

(0.44), there was 7 μs delay in the total completion time required for the deformation process of 

center specimen in comparison with both the top and mid specimens that lasted 135 μs as shown 

in Fig. 4.3b. 

Optical micrograph (Fig. 4.4a) reveals the development of ASB in the impacted specimen, a 

microstructural feature typical of all the three sets of samples. The X-ray diffractograms (Fig. 4.4b) 

shows that deformation-induced transformation occurred with center specimen showing higher 

BCC αʹ-martensite peaks, the first peak [αʹ(110)] appearing as a shoulder to an FCC γ-austenite 

peak [γ(111)] and the second peak, αʹ(200). Although the sequence of martensitic transformation 

in some stainless steels follows FCC γ-austenite → HCP ɛ-martensite → BCC αʹ-martensite 

[19,50], no ɛ-martensite was observed in the deformed specimens. Figure 4.4b also shows a new 

peak on (111) plane of the X-ray diffractogram of center specimen which is identified as TiC.  

4.3.1.1 Microstructure evaluations inside adiabatic shear band and neighboring grains after 

dynamic impact 

A. Strain-induced phase transformation inside and outside adiabatic shear band 

EBSD maps of regions inside and outside the ASB in the impacted top (Fig. 4.5), mid (Fig. 4.6a-

b) and center (Fig. 4.6c-d) specimens depict the microstructural changes accompanying strain 

localization and formation of ASB in the steel under dynamic impact loading. Although phase 

maps revealed that austenitic phase transformation to martensite occurred inside and outside the 

ASB region in all the three sets of specimens, center specimen (Fig. 4.6d) tends to have a larger  
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Fig. 4.2. (a) SEM micrograph (b) X-ray diffractogram (c) volume fraction of selected fiber (NDs) 

and (d) Local misorientation distribution in undeformed samples. 

 

 

Fig. 4.3. (a) True stress-true strain and (b) strain rates-time curves of shock loaded top, mid and 

center specimens at a common impact momentum of 22 kg m/s. 
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area fraction of BCC αʹ-martensite compared to top and mid specimens. This is in agreement with 

the result of the X-ray diffractograms in Fig. 4.4b. While the IPF color maps indicate that both 

austenite and martensite grains outside ASB are of Z||<110> and Z||<111> orientations in the top, 

mid and center specimens, ASB region comprises of grains with Z||<100>, Z||<110> and Z||<111> 

 

 

Fig. 4.4. (a) Optical micrographs showing adiabatic shear band geometry on compression plane 

(b) X-ray diffractograms of the three set of specimen impacted at a common impact momentum of 

22 kg m/s. 
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Fig. 4.5. EBSD maps of top specimen showing the shear band and neighbor grains region: (a) band 

contrast map, (b) phase map showing FCC γ-austenite, BCC αʹ-martensite and TiC as red, blue 

and yellow respectively, (c) Inverse pole figure map (IPF-Z) of FCC γ-austenite, (d) Inverse pole 

figure map (IPF-Z) of BCC αʹ-martensite, (e) kernel average misorientation map of FCC γ-

austenite (f) kernel average misorientation map of BCC αʹ-martensite.  

orientations. The KAM of both phases at the three regions of the plate was observed to be above 

1.4o which is high enough to serve as a signature for a plastically deformed metal.  This indicates 

that slip is the main plastic deformation mechanism in the investigated stainless steel. The center 

specimen possesses the highest KAM, indicating more stored energy compared to other regions 

across the plate thickness. In addition to phase transformation, the other pronounced 

microstructural change within the shear band is grain refinement, which will be discussed in the 

next section. 
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Fig. 4.6. EBSD maps for (a-b) mid and (c-d) center specimens showing the shear band and 

neighbor grains region: (a) Inverse pole figure map (IPF-Z) of mid specimen, (b) phase map of 

mid specimen showing FCC γ-austenite, BCC αʹ-martensite and TiC as red, blue and yellow 

respectively, (c) Inverse pole figure map (IPF-Z) of center specimen and (d) phase map of center 

specimen showing FCC γ-austenite, BCC αʹ-martensite and TiC as red, blue and yellow 

respectively.  

B. Dynamic recrystallization inside adiabatic shear band 

The higher magnification HR-EBSD maps (step size of 60 nm) of the regions marked with white 

rectangles in Figs. 4.5b and 4.6c are presented in Figs. 4.7 and 4.8 respectively. These regions 

showed evidence of dynamic recrystallized grains inside ASB. Since dynamic recrystallized 

(DRX) grains were observed in all the three sets of specimens, only maps from the top (Fig. 4.7) 
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and center (Fig. 4.8) specimens are reported to avoid data duplication. The average DRX grain 

size in the shear band region is 0.28 μm. It is worth noting that martensite took a morphology 

different from the two typical morphologies of martensite in steels (i.e. lath and plate).  

IPF maps (Fig. 4.7a and d) and pole figures (Fig. 4.7g and h) for both phases in the top specimen 

show grains with different crystallographic orientations. Grains with a near 0o misorientation angle 

in the KAM map (blue color) are predominant in the FCC γ-austenite phase which is an evidence 

of DRX grains. In addition to the DRX grains, substructured and deformed grains (Figs. 4.7(c) and 

(f)) were observed. Figure 4.7(d-f) shows less evidence of DRX in the martensitic phase. It, 

therefore, implies that dynamic recrystallization tends to reduce the driving force for strain-

induced transformation and stabilizes the austenite [83] in the top specimen. Figure 4.7(g) and (h) 

are the pole figures ({100}, {110}, {111}) and orientation distribution functions (0o and 45o 

sections) for FCC γ-austenite and BCC αʹ-martensite phases respectively. While the orientation 

distribution function (ODF) of austenitic phase has Cube, Goss, Brass and Z({111}<110>) texture 

components as shown in Fig. 4.7(g), texture components of martensitic phase are Cube and 

Z({111}<110>) as in Fig. 4.7(h). 

The IPF map (Fig. 4.8a) and pole figure (Fig. 4.8g) for the austenitic phase in the center specimen 

show grains with Z||<110> and Z||<111> orientations. BCC αʹ-martensitic grains are of Z||<100> 

and Z||<111> orientations as shown in Fig. 4.8d and h. In addition to substructured and deformed 

grains (Figs. 4.8(b) and (e)), grains with a near 0o misorientation angle on the KAM map (blue 

color) are present in both phases which are evidence of DRX grains. Figure 4.8(d-f) shows more 

evidence of martensitic DRX grains, which imply that the stability of austenite is less in the center 

region; promoting the driving force for strain-induced phase transformation. Figure 4.8(g) and (h) 

are the pole figures and ODF (0o and 45o sections) for FCC γ-austenite and BCC αʹ-martensite 

phases respectively. While the ODF of the austenitic phase has Goss, Brass and Z({111}<110>) 

texture components as shown in Fig. 4.8(g), texture components of martensitic phase are Cube, 

Y({111}<112>) and Z({111}<110>) as in Fig. 4.8(h). Comparing the pole figures of FCC γ-

austenite (Fig. 4.8g) and BCC αʹ-martensite (Fig. 4.8h) phases, the existing orientation relationship 

between them can be obtained. It can be observed that common orientation relationship; 

Kurdjumov-Sachs {(111)γ||(110)αʹ and <-101>γ||<1-11>αʹ} exists between the phases. 
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Fig. 4.7. HR-EBSD maps showing DRX grains inside the shear band region for top specimen: 

Inverse pole figure maps (IPF-Z) of (a) FCC γ-austenite and (d) BCC αʹ-martensite, Kernel average 

misorientation maps of (b) FCC γ-austenite and (e) BCC αʹ-martensite, Recrystallization fraction 

maps of (c) FCC γ-austenite and (f) BCC αʹ-martensite and pole figures and ODFs of (g) FCC γ-

austenite and (h) BCC αʹ-martensite.  
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Fig. 4.8. HR-EBSD maps showing DRX grains inside the shear band region for center specimen: 

Inverse pole figure maps (IPF-Z) of (a) FCC γ-austenite and (d) BCC αʹ-martensite, Kernel average 

misorientation maps of (b) FCC γ-austenite and (e) BCC αʹ-martensite, Recrystallization fraction 

maps of (c) FCC γ-austenite and (f) BCC αʹ-martensite and Pole figures and ODFs of (g) FCC γ-

austenite and (h) BCC αʹ-martensite.  
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Fig. 4.9. EBSD maps analysis of neighbor grain 1 from the top specimen in Fig. 4.5a showing (a) 

Band contrast map, IPF-Z map γ-austenite phase, IPF-Z map αʹ-martensite, Coincidence site lattice 

(CSL) among FCC variants (60o<111> Σ3 red), Phase color map showing γ-austenite and αʹ-

martensite as red and blue respectively. Pole figures and ODFs of (b) FCC γ-austenite and (c) BCC 

αʹ-martensite.  

C. Characterization of grains near adiabatic shear band (neighbor grains) 

Figures 4.9 and 4.10 provide results of detailed EBSD analysis of marked shear band neighbor 

grain 1 in Fig. 4.5a and grain 2 in Fig. 4.6c, respectively. The IPF-Z maps, pole figures and ODFs 

of the two grains outside the ASB shows that irrespective of the phases, grains are of or near 

Z||<110> and Z||<111> orientations. Notable differences in the two grains arose from the volume 

fraction αʹ-martensite present and the extent of plastic deformation by twinning. A lower fraction 

of BCC αʹ-martensite and mechanical twins in grain 1 (Fig. 4.9a) in comparison with grain 2 (Fig. 

4.10a) suggests that phase transformation and twinning are more pronounced in the center 



58 

 

specimens. Comparing the pole figures of FCC γ-austenite and BCC αʹ-martensite phases in both 

grains (Fig 4.9b-c and Fig. 4.10b-c) shows that both phases follows Kurdjumov-Sachs 

{(111)γ||(110)αʹ and <-101>γ||<1-11>αʹ} orientation relationship.  

 

 

Fig. 4.10. EBSD maps analysis of neighbor grain 2 from the center specimen in Fig. 4.6c showing 

(a) Band contrast map, IPF-Z map γ-austenite phase, IPF-Z map αʹ-martensite, Coincidence site 

lattice (CSL) among FCC variants (60o<111> Σ3 red), Coincidence site lattice (CSL) among BCC 

variants (60o<111> Σ3 red). 

D. Carbide precipitation  

Another notable observation, common to all regions (though more pronounced in the center 

specimen) across the thickness of the investigated AISI 321 ASS plate is the increase in volume 

fraction of TiC precipitate. EBSD analysis revealed that the fraction of TiC particles in all 

undeformed samples as indicated in Fig. 4.11a, is less than 0.4%. Large deformation (ɛT = 0.44, έ 

> 6000 s-1) used in this study resulted in an increase in volume fraction of TiC to 5.8% (Figs. 4.5b, 

4.6b and d). TiC particles were observed to precipitate inside and outside ASB, predominantly in 

the dark (un-indexed) areas suspected to be regions of high dislocation densities. HR-EBSD study 
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(Fig. 4.11b) shows that the TiC particles have size in the range of 65-70 nm. The contribution of 

nano-sized TiCs to strengthening as reported by other authors [140,141] can be ascertained if the 

carbides were precipitated during and not after deformation is complete. To solve the 

aforementioned problem, the impact of the center specimen was repeated under the same 

condition, but this time, the sample chamber of the SHPB was filled with water at room 

temperature to allow rapid quenching of the specimen after impact. Nano-sized TiC particles were 

still precipitated (Fig. 4.11c) after rapid quenching of the deformed specimen. The quenched 

specimen have the same volume fraction of TiC particles as that obtained in the unquenched 

deformed specimen. This is confirmed by the X-ray diffractogram in Fig. 4.11d 

 

 

Fig. 4.11. EBSD phase maps of (a) undeformed, (b) impacted, (c) impacted and rapidly quenched 

center specimens and (d) X-ray diffractograms of (b) and (c).  

which shows equal peak intensities for TiC. Observation of recrystallized grains (white circles in 

Fig. 4.11c) in the quenched specimen could also confirm the occurrence of dynamic 

recrystallization and not static recrystallization. Similarly, the reduction in the BCC αʹ-martensite 

peaks (Fig. 4.11d) of impacted and quenched specimen also confirm that the rapid quenching 

resulted in lower austenite to martensite phase transformation. This also suggests that the phase 

transformation continues when specimen is allowed to cool slowly after impact. Therefore, the 

observation of nano-sized carbides alongside BCC martensite, DRX grains after rapid quenching 
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suggests that the nano-sized carbide precipitates at about the same time FCC austenite transform 

to BCC martensite and not during the slow cooling of the specimen. 

4.3.1.2 Macrotexture evolution away from ASB  

Figure 4.12 shows the results of macrotexture measurement in a region far away from ASB. 

Comparison of pole figures (Fig. 4.12a) confirmed that the orientation relationships between the 

FCC γ-austenite and BCC αʹ-martensite phases as indicated by black arrows follow Kurdjumov-

Sachs’ {(111)γ||(110)αʹ and <-101>γ||<1-11>αʹ}. While the volume fraction of Cube and R-cube 

texture components in FCC γ-austenite phase reduced in all the three sets of specimens under 

dynamic loading conditions, Goss, Brass, S and Copper components were significantly developed 

with top specimen showing the lowest fraction of the texture components mentioned above (Fig. 

4.12b and c). The crystallographic texture of BCC αʹ-martensite with strong S component remains 

relatively unchanged across the thickness of the sample plate (Fig. 4.12d). 

4.3.2 Quasi-static compression 

A comparative study on the effect of strain rate on the mechanical response and microstructural 

evolution of AISI 321 austenitic stainless steel was conducted on the mid specimen only. The true 

yield stress of AISI 321 ASS under quasi-static compression is 280 MPa, about 45% lower than 

that obtained under dynamic impact (Fig. 4.13a). The stress-strain curve under quasi-static loading 

shows the dominance of strain hardening as deformation proceeds towards the maximum stress 

(6280 MPa). Unlike dynamic loading condition where strain hardening competes with thermal 

softening, little or no trace of such competition was observed under quasi-static loading. Macro-

texture analysis (Fig. 4.13b) shows that similar crystallographic texture (ID/CD||<110>) evolves 

in retained austenite under both loading conditions, athough lower maximum intensity is recorded 

in the specimen subjected to quasi-static compression. Meanwhile, the crystallographic texture of 

BCC αʹ-martensite phase in both loading conditions is different: ID||<001> & <111> for specimen 

subjected to dynamic impact and CD||<001> & <110> for specimen subjected to quasi-static 

compressive loading. A lower maximum intensity was recorded for BCC αʹ-martensite phase in 

the specimens subjected to dynamic impact loading. This implies that the texture of the retained 

FCC γ-austenite phase is not strain-rate dependent. 
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Fig. 4.12. Macrotexture measurement away from ASB: (a) FCC and BCC pole figures ({100}, 

{110}, {111}) for top specimen and volume fraction of selected texture component in (b) 

undeformed specimens, (c) deformed FCC γ-austenitic phase and (d) deformed BCC γ-austenitic 

phase. 

Figure 14 shows the results of the microstructural evaluation of a specimen compressed under 

quasi-static load using EBSD. A large scan area was taken from the center toward the edge of the 

compressed cylindrical specimen (Fig. 4.14a) in order to observe if any region of intense strain 

localization exists. FCC (CD||<110>) and BCC (CD||<001>) compression textures in Figs. 4.14(b) 

and (c) were predominant, which is in agreement with compression textures of FCC and BCC 

metals, respectively [142]. When compared to impacted specimens, higher kernel average 

misorientations (Fig. 4.14e and f) were observed in the specimen subjected to quasi-static loading 

for both parent (austenite) and product (martensite) phases, which are about 2.2o and 1.9o, 

respectively. HR-EBSD analysis (Fig. 4.15) of the white rectangular region in Fig. 4.14a shows  
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Fig. 4.13. (a) Co-plot of quasi-static and dynamic true stress-true strain curves and (b) Macro-

texture IPF-Z of deformed mid specimens: ID and CD are impact and compression directions 

parallel to the normal direction. 

that the deformed shear band characterized by elongated grains of both the parent and product 

phases exists alongside nano-sized TiC particles. Fig. 4.15a shows that more than 50% of 

austenites transformed into αʹ-martensite during deformation. This was confirmed using XRD for 

phase identification (Fig. 4.15b). An EBSD analysis of the marked grain 3 far away from the 

deformed band region in Fig. 4.14a is presented in Fig. 4.16. Evaluation of the IPF-Z maps, pole 

figures and ODFs of the grain indicates that it is of or near Z||<110> and Z||<111> orientations for 

FCC γ-austenite phase. Meanwhile, BCC αʹ-martensitic phase has strong Z||<100> orientation with 

traces of Z||<110> and Z||<111> orientations. Figure 4.16(b) and (c) are the pole figures and ODFs 

for FCC γ-austenite and BCC αʹ-martensite phases respectively. While the ODF of the austenite 

phase has Goss, Brass, Y({111}<112>) and Twin-Copper ({255}<511>) texture components as 

shown in Fig. 4.16(b), texture components of the martensite phase is predominantly Cube as 

indicated in Fig. 4.16(c). 
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Fig. 4.14. EBSD maps of mid specimen subjected to quasi-static compression showing 

microstructure from the center of compression plane towards specimen edge: (a) band contrast 

map, (b) and (c) Inverse pole figure map (IPF-Z) maps of FCC γ-austenite and BCC αʹ-martensite 

respectively (d) phase map showing FCC γ-austenite, BCC αʹ-martensite and TiC as red, blue and 

yellow respectively, (e) and (f) kernel average misorientation map of FCC γ-austenite and BCC 

αʹ-martensite respectively.  

4.4 Discussion 

4.4.1 Mechanical Response 

Characterization of three regions, top, mid and center, along the thickness of the as-received AISI 

321 plate shows heterogeneity in the texture and stored energy (Fig. 4.2) which can trigger 

different mechanical behavior. The dynamic impact response of specimens from these regions is 

shown in Fig. 4.3. Lower yield strength, higher strain hardening capability and delay in the 

completion of deformation process in a specimen from the center region than any other regions 

across the plate thickness may not be unconnected with the low volume fraction of ND||<100> 

fibre and higher KAM (stored energy) at the center region. The high strain rate loading conditions 

led to the development of adiabatic shear bands (ASB) in Fig. 4.4 which are paths of intense shear 

strain localization due to loss of load carrying capacity from excessive thermal softening in the 
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region of intense adiabatic heating [118]. Temperature rise, leading to thermal softening and 

occurrence of ASB during dynamic shock loading condition has been reported to be as high as 

1409K in β-Ti alloy [96], 943K in Fe–Cr–Ni austenitic stainless steel [86] and 0.5Tm (Tm melting 

point of steel) in 304L ASS [107]. While the flow stress in metallic materials can generally depict 

microstructural changes during deformation, Nkhoma et al. [29] suggested that the majority of the 

flow curves that showed the occurrence of dynamic recrystallization (DRX) exhibited a single 

peak. The authors also reported that the appearance of multiple peaks is only feasible when the 

deformation is carried out at a high temperature and low strain rate, and when do >2dDRX. In this 

case, dDRX is the dynamically recrystallized grain size and do is the initial grain size. Therefore, the 

appearance of multiple peaks in flow stress of specimen deformed at high strain rates (that resulted 

in temperature rise) in Fig.3 suggests the occurrence of DRX since do >>> 2dDRX. The result of 

quasi-static compression test in Fig. 4.13a shows that the mechanical response of AISI 321 ASS 

is strongly dependent on strain rate. Specimens subjected to quasi-static compression shows lower 

yield strength but higher strain hardening rate than impacted specimens. The little or no trace of 

competition between strain hardening and thermal softening in quasi-static true stress-true strain 

curve is an indication of little or no temperature rise in the test specimen during quasi-static 

compression. 

 

 

Fig. 4.15. (a) HR-EBSD phase map of the mid specimen in the region indicated by the white 

rectangle in Fig. 4.14a and (b) X-ray diffractograms of undeformed and deformed mid specimens.  



65 

 

 

Fig. 4.16. EBSD maps analysis of grain 3 in Fig. 4.14a showing (a) Band contrast map, IPF-Z map 

γ-austenite phase, IPF-Z map αʹ-martensite, Coincidence site lattice (CSL) among FCC variants 

(60o<111> Σ3 red), Coincidence site lattice (CSL) among BCC variants (60o<111> Σ3 red). Pole 

figures and ODFs of (b) FCC γ-austenite and (c) BCC αʹ-martensite.  

4.4.2 Microstructural Evaluation 

4.4.2.1 Phase Transformation 

Figure 4.4b confirmed martensitic transformation of parent austenite with a higher volume fraction 

of martensite in the center specimen under dynamic impact load. This could imply that the stability 

of austenitic phase decreases from the top of the plate to the center of the plate. Austenitic phase 

transformation to martensite has been reported to be influenced by austenite stability and stacking 

fault energy (SFE), both of which depend on the chemical composition, temperature and 

orientation of the austenite grains (texture) [50]. The lower stability of austenite in the center 

specimen promoted more martensitic phase transformation which in turn contributed to the higher 
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strain hardening capability as shown in Fig. 4.3. EBSD maps (Figs. 4.5 and 4.6) confirms phase 

transformation inside ASB. The co-existence of both austenite and martensite phases were 

confirmed in the ASB region. The study of ASB by XRD techniques in Ni-Cr steel under dynamic 

shock loading conditions confirmed that both the austenite and martensite phases co-exist with the 

former likely to be retained austenite [56]. Phase transformation has been confirmed in the ASB 

region of other metals such as β-Ti alloy [96] and Titanium alloy [104] under high strain rate 

loading conditions.  

The volume fraction of martensite in a mid specimen subjected to quasi-static compression (Figs. 

4.14 and 4.15) is more than 50%. This contributed to higher strain hardening in this specimen in 

comparison with an impacted specimen. The low temperature rise in the quasi-statically 

compressed specimen is considered to be the most beneficial condition for martensitic 

transformation [79]. Similarly, Wang et al. [78] did not observe any significant phase 

transformation in 304 stainless steel deformed at 75 °C but a substantial phase transformation at 

room temperature. The result of their modeling work is also in agreement with the conclusion that 

the presence of the martensitic phase increases the hardening rate substantively. Phase 

transformations are results of combined shear and dilatational volume expansion which promotes 

additional plasticity in the neighboring matrix by imposing locally concentrated stress field [78]. 

The transformation of austenite to martensite during plastic deformation leads to a phenomenon 

termed transformation induced plasticity (TRIP) [47]. Therefore, the higher work hardening in low 

strain-rate compression can be attributed to the higher TRIP effect which enhances the excellent 

combination of strength and ductility [132].  

The lower volume fraction of deformation induced martensite in dynamic impacted specimen 

could be due to two reasons: The first is the possibility that the temperature rise suppressed the 

transformation of austenite to martensite during the deformation process. The second possibility 

is that a higher percentage of martensites was originally formed from austenite at a certain stage 

of deformation but some reverted to austenite (due to temperature rise in the specimen) before 

deformation was completed. The latter was suspected owing to the observed austenitic grains 

(white circle in Fig. 4.8a) with z||<110> orientation in the packet of martensitic grains (z||<100> 

and z||<111> orientations) in Fig. 4.8d. Nakada et al. [143] studied the reversion of austenite in a  
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13%Cr–6%Ni stainless steel and concluded that most of the reverted austenite had the same 

orientation as the original austenite matrix before martensitic transformation. They also suggested 

that reverted austenite retained a Kurdjmov–Sachs relationship with martensite. During annealing 

of formed martensite, reverted austenite from αʹ-martensite may or may not have the same 

orientation as the remaining austenite. When athermal reversion occurs such that the martensite 

involves coordinated movements of atoms and atomic relationship between the parent and product 

lattices exist, reversion will most likely not affect orientation in this condition. Similarly, if 

diffusional reversion occurs, the order of the atomic arrangement in the product lattice differs from 

the parent lattice due to the long-range movement of atoms during reversion, such that the atomic 

relationship ceases to exist, the orientation of the reverted austenite may not be the same as the 

remaining austenite [144]. Therefore, it could be concluded that martensite in the shear band region 

had undergone athermal reversion, since the reverted austenite grains in Fig. 4.8a have similar near 

z||<110> orientation with the remaining austenite in Fig. 4.6c. In addition to the similar orientation 

observed, the time required for the completion of the deformation process (135 μs) in this study is 

too short to permit reversion by diffusion. 

In the current study, martensitic transformation in both loading conditions tends to follow the 

kinetic path; FCC γ-austenite → BCC αʹ-martensite. Some authors [6,145]  could also not detect 

the presence of ε-martensite in the martensitic transformation of stainless steels, while other 

authors [19,50] did. The difference in observation could be as a result of different test conditions 

adopted [6]. It is, therefore, possible that ε-martensite is only a step in the austenite-martensite 

transformation process such that the reaction γ → ε → αʹ is already completed. Sahu et al. [83] 

reported the occurrence of dynamic recrystallization due to adiabatic heating instead of ε-

martensite transformation in twinning induced plasticity (TWIP) steels. They explained that strain 

softening due to dynamic recrystallization consumed the driving force for ε-martensite 

transformation.  

4.4.2.2 Twinning 

The observation of deformation twinning by EBSD analysis of selected grains (Figs. 4.9, 4.10 and 

4.16) under both loading conditions confirmed their contribution to strengthening since they act as 

barriers to dislocation glide. Therefore, a larger fraction of deformation twin reduces dislocation 

mean free path, which results in a higher strain-hardening rate. More TWIP effect in specimens 
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subjected to quasi-static compression (Fig. 4.16a) is justified by lower or negligible temperature 

rise during compression that increases the instability of theaustenite phase. A study on the stability 

of austenite in TWIP steels [83] shows that austenite stability is low at lower strain rates, but high 

during high strain-rate deformation. The stability at high strain rates was attributed to the 

temperature rise during such deformation leading to dynamic recrystallization in the material. The 

extent of twinning in AISI 321 ASS subjected to both high and low strain rate can be explained by 

the expression of the critical true stress for mechanical twinning presented in Eqn. 2.9. This 

expression implies that the higher the SFE, the higher is the critical true stress for mechanical 

twinning. An increase in temperature at a fixed composition would result in an increase in SFE. 

Hence, a temperature rise due to adiabatic heating during high strain rate deformation is sufficient 

enough to increase the SFE of the deformed metal [146] which in turn suppresses mechanical 

twinning. Therefore, the driving force for TWIP effect during quasi-static compression tends to be 

higher than during high strain rate of deformation. Both twinning and martensitic transformation 

during deformation are promoted by a decrease in  SFE of the austenitic phase [50]. Lower SFE 

in quasi-statically compressed specimen therefore permits stronger TWIP and TRIP effect that 

contribute to higher strain hardening rate than specimen deformed under high strain-rate loading 

conditions. Besides from the effect of SFE, previous work [147] showed that low Mn content 

stimulates both TWIP and TRIP effects while higher Mn content resulted in only TWIP effect 

during deformation of low carbon steels. This is also in agreement with the current study as AISI 

321 ASS exhibits both TWIP and TRIP effect since this alloy contains less than 2 wt. % of Mn 

(Table 2.1).  

4.4.2.3 Slip  

The (111) FCC pole figure measurement within the austenite grain (marked 1) adjacent to shear 

band in Fig. 4.9, indicates the gradual lattice rotation by the splitting of blue color to green, which 

is a good indication of intensive deformation by slip . According to this observation, the main 

plastic deformation mechanism during impact, of an austenite grain away from shear band is slip. 

In addition to that, the KAM map of the austenite grains in Fig. 4.14 suggests deformation was 

mainly by slip mechanism during quasi static compression. Hence, during low and high strain rate 

deformation, slip mechanism is also a dominant plastic deformation mechanism. 

 



69 

 

4.4.2.4 Carbide precipitation 

EBSD phase maps of specimens deformed at high (Figs. 4.5b, 4.6b and d) and low (Figs. 4.14d 

and 4.15a) strain rates show the precipitation of nano-sized TiC paricles at grain boundaries and 

dark regions in parent and product phases as another possible source of strengthening. The 

indexing of TiCs around the dark regions indicates that they are surrounded by arrays of 

dislocations. Dark regions whose measure of orientations in deformed specimen cannot be 

resolved are signature attributed to high dislocation density due to large deformation [148]. While 

TiCs were observed within grains (intragranular) and along grain boundaries (intergranular) 

outside shear band region in Figs. 4.5(b), 4.6(b and d), they were only observed at the grain 

boundaries of DRX grains within the transformed band (Fig. 4.11b). Intragranular TiC particles in 

AISI 321 ASS have been reported to precipitate on dislocations and thereby contribute to the 

strengthening of the grains serving as barriers to motion of dislocations [149]. The presence of TiC 

as a fine dispersion in matrices and grain boundaries improve tensile and creep strength 

significantly over a wide range of temperatures [140]. A previous  research finding reports high 

strength inside the shear band formed in severely deformed Fe-C steels [135]. These authors 

attributed the observation to the formation of ultra-fine ferrite grains containing nano-sized 

carbides upon rapid re-transformation of austenite at the end of the shear band evolution process. 

4.4.2.5 Dynamic recrystallization 

HR-EBSD study indicates formation of 0.28 μm-sized dynamic recrystallized grains in regions of 

intense strain localization in the specimens subjected to dynamic impact loading (Figs. 4.7 and 

4.8). DRX grains of both FCC γ-austenite and BCC αʹ-martensite phases were observed with the 

morphology of αʹ-martensite different from the two typical lath and plate morphologies observed 

in steels. Kitahara et. al [150] had also observed fine-grained martensites in Fe-Ni alloy. Recently, 

a high-resolution EBSD technique was used to observe ultrafine equiaxed DRX grains with 

diameter 0.1–0.3 μm in adiabatic shear bands that developed in AISI 304 ASS [86]. The TEM 

characterization of AISI 304L stainless steel after exposure to dynamic shock loading conditions  

also revealed grains having sizes ranging between 0.1 and 0.2 µm inside shear bands [107]. DRX 

is the result of the gradual rotation of subgrains coupled with dislocation annihilation [112]. The 

initiation of DRX is preceded by growing fluctuations of grain boundary shape (i.e. serrations) 

prior to the new grains forming along these grain boundaries [29]. Serrated grains are 
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characteristics of dynamic recovery, which are observed in grains adjacent to ASBs (indicated by 

red arrows in Fig. 4.5c). There has been controversy over the effects of recovery on 

recrystallization, and it is generally believed that these two processes are competing [110]. Derby 

[111] classified dynamic recrystallization mechanisms into migrational (MDRX) and rotational 

(RDRX). The migrational dynamic recrystallization mechanism is ruled out in explaining the fine 

grain structure observed in ASB because the formation time of ASB is extremely short. The RDRX 

mechanism which involves concurrent plastic deformation was suggested by Nesterenko et 

al. [112] and the model became one of the most accepted mechanisms to explain ultrafine grain 

structure inside transformed ASBs. The results of a study on the microstructural evolution in 

copper during high strain rate deformation by Tang et al. [151] indicated elongated ultrafine grains 

rather than equiaxed ultrafine grains in ASBs. The mechanism of formation of the elongated 

ultrafine grains was reported to be similar to the RDRX mechanism but the equiaxed micrograins 

at the final stage of the recrystalization process are re-elongated due to effective shear deformation. 

This is in agreement with the morphology of the ultra-fine grains observed in this study as the 

grains were slightly elongated along the shear direction (Figs. 4.7 and 4.8). Therefore, a rotational 

dynamic recrystallization mechanism is proposed for the evolution of nano-sized grains in ASB 

regions in this study. 

4.4.3 Texture Evolution 

It has been established that metallic materials under high strain rate loading conditions exhibit 

microstructural features, including ASBs, that depend on the initial texture of the material before 

mechanical loading [152,153]. During the process of recrystallization, new grains are formed 

within the parent matrix. These grains, which usually have a different orientation from the original 

grains, contains sharp-faceted boundaries characterized by low dislocation density in its interior  

[110,148,154]. In the current study, grain orientation inside and outside the adiabatic shear band 

are quite different in γ-austenite and αʹ-martensite phases. While grains outside the ASB 

irrespective of phases are of Z||<110> and Z||<111> orientations, ASB regions are comprised of 

grains with Z||<100>, Z||<110> and Z||<111> orientations. Low strain rate compression led to 

strong CD||<110> and CD||<001> orientations of FCC and BCC phases respectively in Figs. 

4.14(b) and (c) which are in agreement with compression textures of metals [142]. Texture analysis 

on the 304 steel after dynamic shock loading conditions revealed that there was reorientation of 
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grains with <110> in a path along shear direction, and {111} plane aligning with the shear plane 

near the shear band. The work of Paul et al. [155] suggested that crystal lattice rotates to the point 

where {111} slip planes become nearly parallel to the maximum shear direction in an FCC metal 

(Al-0.23%wt.Zr) at a low rate of deformation. They observed that the continuity of slip direction 

is responsible for shear bands occurring across grain boundaries.  

4.5 Conclusions  

The dynamic mechanical response of hot rolled AISI 321 austenitic stainless steel plate across the 

plate’s thickness was investigated under both dynamic impact and qiasis-static loading. A 

comparison of the mechanical responses under both loading condirions is made. The following 

major conclusions are drawn from the results obtained from this study: 

1. The texture and the amount of stored energy at the center are different from those in any 

other region across the thickness of the as-received plate. The stored energy is higher in 

the centre of the plate.  

2. The specimen cut in the center of the as-received plate exhibits the lowest yield strength 

and highest strain hardening capacity than any other region under the dynamic impact 

loading condition. However, quasi-statically compressed specimens exhibit lowest yield 

strength and highest strain hardening capability than the dynamic impacted specimens. 

3. Although the stability of austenite is high at high strain rates and low at a low strain rate, 

strength at high strain rates is compromised as a result of suppression of the evolution of 

strain-induced martensite and mechanical twinning. Martensitic transformation in both 

loading conditions follows the FCC γ-austenite → BCC αʹ-martensite kinetic path. 

4. The orientation relationships between the FCC γ-austenite and BCC αʹ-martensite phases 

in deformed AISI 321 ASS follow Kurdjumov-Sachs’ {(111)γ||(110)αʹ and <-101>γ||<1-

11>αʹ}. 

5. Microstructural evaluation of this work showed that a number of strengthening 

mechanisms might have contributed to the mechanical properties of the AISI 321 ASS. 

They include austenitic phase transformation to martensite and formation of nano-

carbides, which in combination with twinning and slip resulted in a desirable combination 

of high strength and good ductility. 
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6. High resolution EBSD confirmed phase transformation, dynamic recrystallization and 

formation of nano-carbides within the ASB region. 

7. The average DRX grain size in the transformed band region is 0.28 μm, which is proposed 

to form by rotational dynamic recrystallization.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



73 

 

Chapter 5 

Development of Ultra-Fine-Grained Structure in AISI 321 Austenitic Stainless Steel 

The overall goal of this research is to improve the mechanical properties of AISI 321 stainless steel 

through grain refinement of the existing coarse grain structure to ultrafine grain (UFG) structure. 

In this chapter, the optimum thermo-mechanical process conditions required to develop UFG 

structure in AISI 321 austenitic stainless steel are reported. The αʹ-martensite to γ-austenite 

reversion behavior and the associated texture development are also discussed. The most 

economical steps in achieving the optimum conditions for UFG development can be incorporated 

at the later stage of the existing production line in Canadian steel-producing companies. This 

chapter is published in “Metallurgical and Materials Transactions A” as follows: 

A. A. Tiamiyu, J. A. Szpunar, A. G. Odeshi, I. Oguocha, and M. Eskandari, “Development of 

Ultra-Fine-Grained Structure in AISI 321 Austenitic Stainless Steel,” Metall. Mater. Trans. A 

Phys. Metall. Mater. Sci., vol. 48A, pp. 5990–6012, 2017. 

My contributions to this paper include a review of the relevant literature, design and conduction 

of experiments, analysis and discussion of test results and preparation of the manuscript.  The 

manuscript was reviewed by my supervisors (Professors Akindele Odeshi and Jerzy Szpunar) and 

their comments were addressed before submission for publication. The present manuscript is a 

modified version of the published paper: information provided in material and methodology 

(Chapter 3) are removed to avoid repetition. The copyright permission for manuscript reuse was 

obtained and provided in APPENDIX C. 

Abstract 

Ultra-fine-grained (UFG) structure was developed in AISI 321 austenitic stainless steel (ASS) 

using cryogenic rolling followed by annealing treatments at 923 K (650 ℃), 973 K (700 ℃), 1023 

K (750 ℃) and 1073 K (800 ℃) for different lengths of time. The αʹ-martensite to γ-austenite 

reversion behavior and the associated texture development were analyzed in the cryo-rolled 

specimens after annealing. The activation energy, Q, required for the reversion of αʹ-martensite to 

γ-austenite in the steel is estimated to be 80 kJmol−1. TiC precipitates and unreversed triple 

junction αʹ-martensite played major roles in the development of UFG structure through the Zener 
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pinning of grain boundaries. The optimum annealing temperature and time for the development of 

UFG structure in the cryo-rolled AISI 321 steel are (a) 923 K (650 ℃) for approximately 28800 s 

(8 h) and (b) 1023 K (750 ℃) for 600 s (10 min), with average grain sizes of 0.22 µm and 0.31 

µm, respectively. Annealing at 1023 K (750 ℃) is considered a better alternative since the volume 

fraction of precipitated carbides in specimens annealed at 1023 K (750 ℃) are less than those 

annealed at 923 K (650 ℃). More so, the energy consumption during prolonged annealing time to 

achieve an UFG structure at 923 K (650 ℃) is higher due to low phase reversion rate. The hardness 

of the UFG specimens is 195% greater than that of the as-received steel. The higher volume 

fraction of TiC precipitates in the UFG structure may be an additional source of hardening. Micro 

and macrotexture analysis indicated {110}<uvw> as the major texture component of the austenite 

grains in the UFG structure. Its intensity is stronger in the specimen annealed at low temperatures.  

Keywords: AISI 321 austenitic stainless steel; Texture; Strain-induced martensite; Ultra-fine-

grain; Activation energy 

5.1 Introduction 

AISI 321 is a titanium (Ti)-stabilized austenitic stainless steel (ASS) that is used widely in 

chemical process plants [3] and fabrication of pressure vessels [1] where excellent corrosion 

resistance and good mechanical strength are important considerations in materials selection. Ti in 

the steel reacts with carbon to form titanium carbide (TiC) precipitates thereby preventing the 

precipitation of chromium carbides along the grain boundaries (sensitization) at elevated 

temperatures [27]. Despite its attractive corrosion resistance, AISI 321 steel is characterized by 

low yield strength and low hardness, which leads to very poor tribological properties [3,18]. This 

has, therefore, led to the interest in the development of nano-/ultra-fine-grained (UFG) structure 

in stainless steels in order to obtain high strength and good ductility [18].  

Several severe plastic deformation (SPD) techniques such as high-pressure torsion (HPT), equal 

channel angular pressing (ECAP), and cyclic extrusion compression [156-158] are used to develop 

ultrafine grained structure in metallic alloys. However, repetitive application of conventional 

thermo-mechanical processing is reported to be very suitable for developing UFG structure in 

steels [159]. This process involves conventional cold or cryogenic rolling (cryo-rolling) followed 

by annealing at an appropriate temperature [156,159]. The relatively low accumulated strain 
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required in this process (about 1-3.6 in comparison to 3-6 required in SPD) is an advantage over 

other SPD techniques. This suggests that the thermo-mechanical process of developing UFG 

structure is amenable to large-scale production and the process parameters can easily be optimized, 

while combined benefits of phase transformation and controlled cooling are exploited [159]. 

The αʹ-martensite start temperature (Ms) of AISI 300-series austenitic stainless steels depends on 

the alloy content as expressed in Eqn. 2.3. However, plastic deformation can introduce the 

necessary energy for martensitic transformation, which increases the martensite formation 

temperature to Md. Md is the temperature, below which martensite will evolve during deformation. 

The martensite produced via plastic deformation is called strain-induced martensite (SIM). Angel 

[160] studied the effect of chemical composition on the stability of austenite in steels and 

established an expression for Md30/50, which is the temperature (in oC) at which 50% of austenite 

will transform to αʹ-martensite at 30% true strain. The expression was subsequently modified by 

Nohara et al. [48] to incorporate the effect of austenite grain size as stated in Eqn. 2.5. The 

transformation of metastable FCC austenitic (γ) to a BCC martensite (αʹ) during the cold rolling 

of ASS below the Md temperature is exploited in the development of ultra-fine-grain (UFG) 

structure, which in-turn, improves the yield strength of the steel [18]. The strain-induced 

martensite (αʹ) reverts to γ upon annealing at a carefully-selected temperature and time, to develop 

UFG structure in the austenitic phase. This completes the thermo-mechanical process.  

During the repetitive cryo-rolling of austenitic stainless steel, there exists a critical strain called 

saturation strain (ɛs), at which the austenite phase (γ) is completely transformed to αʹ-martensite. 

The strain value (ɛ) is estimated using the expression: ln[1 (1 − 𝑟)⁄ ], where r is the thickness 

reduction. A low value of ɛs, obtainable by cryo-rolling is advantageous in the grain refinement 

process. This is due to the extensive crushing of martensite that will occur at strains higher than 

the ɛs [18]. Saturation strain was reported to be 0.7 for the cold rolling of AISI 301 at 273 K (0 

℃), and 0.2 for cryo-rolling at 77 K [161]. A prerequisite for the development of UFG structure is 

to ensure the saturation and break-up (via additional heavy cold/cryo-rolling) of αʹ-martensite prior 

to austenite reversion [162]. It has been suggested that the break-up of individual martensite grains 

may lead to carbon redistribution in the ASS, interfering with the shear process in such a way that 

martensite grains possess enough stored energy that favors the evolution of ultra-fine strain-free 

austenite grains [163]. The cold/cryo-rolling of an ASS leads to the development of transformed 
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αʹ-martensite with two types of morphologies; lath and dislocation-cell type [158,163,164]. If the 

αʹ-martensite is lath-type, the austenite grains will nucleate and grow at the lath boundaries and 

intersections into the martensite lath. Equiaxed ultrafine austenite grains will nucleate at martensite 

grain boundaries if the αʹ-martensite morphology is of the dislocation-cell-type that consist of 

dislocation forests and ultra-fine lath martensite [164]. The distortion of martensite within the 

matrix at high intensity of plastic deformation during cold rolling results in  morphology change 

from lath to dislocation cell-type (the preferred type for the development of UFG structure) 

martensite [158,163]. The dislocation cell-type martensite is expected to provide a high density of 

austenite nucleation sites. 

The sequence of martensitic transformation (γ (parent phase) → αʹ) during the cryo-rolling process 

is still a subject of debate among researchers [6,165,166]. There is a dispute about whether the 

martensitic transformation followed the sequence: FCC γ-austenite → BCC αʹ-martensite or the 

sequence: FCC γ-austenite → HCP ɛ-martensite → BCC αʹ-martensite. Processing parameters 

such as the temperature, state of stress, chemical composition, stacking fault energy (SFE) and rate 

of deformation have been reported to influence the amount of ɛ and αʹ–martensite that form [6,18]. 

Meanwhile, the mechanisms of austenitic reversion (αʹ → γ [product phase]) in the final stage of 

the thermo-mechanical process is of two type; martensitic shear reversion (MSR) and diffusional 

reversion (DR) [162,167]. MSR results in the alteration of atomic arrangement by homogeneously 

deforming the BCC αʹ-martensite into FCC γ-austenite structure without the diffusion of atoms, 

while austenite grains developed by DR mechanism nucleate and grow by diffusion of Cr, Ni and 

Fe atoms [168]. Since diffusion is time-dependent, martensite-to-austenite reversion takes longer 

time to complete in specimen subjected to DR than specimen subjected to MSR. The morphology 

of the FCC γ-austenite grains developed from the lath BCC αʹ-martensite by MSR mechanism are 

lath-like, and in addition, the grains are characterized by the presence of high dislocation densities 

that developed during prior deformation. On the other hand, austenite grains via DR mechanism 

are equiaxed and are randomly nucleated in αʹ lath boundaries [163,167,169]. The main factors 

affecting reversion kinetics includes chemical composition of the steel, the amount of cold work, 

annealing temperature and time [158,170]. Thermodynamic analysis is used to explain the effect 

of chemical compositions on the dominant reversion mechanism. This is usually done by plotting 

the temperature dependence of free energy change for BCC transformation to FCC phase (ΔG(α→γ)) 

using a solution model expressed in Eqn. 5.1 [167]. From this plot, the annealing temperature that 
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will result in the DR and MSR of BCC-martensite to FCC-austenite of ternary Fe-Cr-Ni system 

steels can be estimated. 

𝛥𝐺(𝛼→ɣ) (
𝐽

𝑚𝑜𝑙
) = 10−2𝛥𝐺𝐹𝑒

(𝛼→ɣ)
(100 − %𝐶𝑟 − %𝑁𝑖) − 97.5(%𝐶𝑟) + 2.02(%𝐶𝑟)2 −

                                 108.8(%𝑁𝑖) + 0.52(%𝑁𝑖)2 − 0.05(%𝐶𝑟)(%𝑁𝑖) + 10−3𝑇[73.3(%𝐶𝑟) −

                                 0.67(%𝐶𝑟)2 + 50.2(%𝑁𝑖) − 0.84(%𝑁𝑖)2 − 1.51(%𝐶𝑟)(%𝑁𝑖)]                …5.1 

where T is a selected temperature (K) and 𝛥𝐺𝐹𝑒
(𝛼→𝛾)

 is the free energy difference for pure iron 

obtained from the thermodynamic data published by Kaufman et al. [171]. Tomimura et al. [167] 

reported that a free energy of -500 J/mol provides the minimum driving force for complete 

martensitic shear reversion. In the present paper, the term “transformation” is reserved for the γ 

(parent phase) → αʹ transformation reaction while the term “reversion” is used for the αʹ → γ 

(product phase) transformation. 

So far, there has been a remarkable success in the development of UFG structure in various steel 

grades via the thermo-mechanical process. Grain sizes in the range of ∼200–600 nm was 

developed and observed with transmission electron microscope (TEM) in strips of ∼1.5 mm steels 

(Fe–16Cr–10Ni alloy, AISI 301LN and 301 ASSs) cold rolled to 73.5% reduction with subsequent 

annealing in the temperature range of 700–925 ℃ for 1–100 s [163]. Whereas the austenitic UFGs 

in the Fe–16Cr–10Ni and AISI 301 ASS occurred by MSR process, the austenite grains in the AISI 

301LN ASS were reported to develop by DR mechanism. This affirms the role of chemical 

composition in the type of reversion mechanism that occurs during subsequent annealing of cold-

rolled austenitic stainless steel. A 75% thickness reduction of an ultra-low carbon (ULC) austenitic 

steel at room temperature and subsequent annealing at 575 ℃, 605 ℃ and 665 ℃, led to an average 

austenite grain size of 0.3, 0.6 and 2.0 μm, respectively [172]. An average grain size of 130 nm 

with an approximately 83% volume fraction of austenite was reported in AISI 321 austenitic 

stainless steel after cold rolling at -20 ℃ to a 90% thickness reduction and annealing at 750 ℃ for 

5 minutes [49]. Only few authors have reported the development of crystallographic texture during 

the reversion of αʹ-martensite to γ-austenite. The orientation relationship between γ and αʹ is the 

Kurdjumov–Sachs (K–S) relation, {111}γ||{110}α and <110>γ||<111>α, which has about 24 

crystallographic variants [173]. Somani et al. [169] observed strong Brass {110}<112> and Goss 

{110}<100> orientations with minor Copper {112}<111> and S {123}<634> orientations for 
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reversed austenite in cold-rolled and annealed AISI 301LN. Similar texture was reported for other 

austenitic stainless steels [145,174]. 

In general, the development of UFG structure and the accompanying crystallographic texture in 

AISI 321 austenitic stainless steel has not been well addressed to the best of the authors’ 

knowledge. The objective of this study is to determine the optimum thermo-mechanical process 

parameters for developing ultra-fine-grained structure in AISI 321 austenitic stainless steel. In 

addition, a systematic and detailed study of the texture development at each stage of the austenite 

reversion process during annealing was carried out.  

5.2 Material and Methodology 

5.2.1 Material 

An AISI 321 austenitic stainless steel plate described in Section 3.1 was used in this study. 

5.2.2 Cryo-rolling process and annealing treatments 

The cryo-rolling process and annealing treatment procedure are as described in Section 3.2. 

5.2.3 Material characterization 

Material characterization techniques are as described in Sections 3.3.1 (hardness tests) and 3.5 

(electrolytic polishing, EBSD, X-ray diffractometry and Feritscope measurements). All 

microstructural analysis and measurements in this study were conducted on the RD-TD plane, 

otherwise referred to as the ND plane. 

5.3 Results and Discussion 

5.3.1 As-received and cryo-rolled samples 

The results of the X-ray phase ID measurement that confirms the complete martensitic 

transformation of the austenite phase in the as-received sample after cryo-rolling at 77 K are 

presented in Fig. 5.1. It can be observed that the austenitic structure of the as-received steel has 

completely transformed to αʹ-martensite at 20% thickness reduction. However, a higher percentage 

thickness reduction (r = 50%) was carried out so that the martensite grains can accumulate enough 

stored energy that promotes the development of ultra-fine strain-free austenite grains during 



79 

 

subsequent annealing. X-ray diffraction patterns also show that the martensitic peak with the 

highest intensity (preferred orientation) changed from (110)αʹ to (200)αʹ as the percentage 

thickness reduction increased from 20 to 50%. The EBSD inverse pole figure (IPF) maps in the 

inset of Fig. 5.1 shows a near-random texture of the austenitic phase and the presence of annealing 

twins in the as-received alloy. The maps confirmed that the austenitic structure of the as-received 

steel did not only completely transform to αʹ-martensite, significant texturing also occurred in both 

cryo-rolled samples. While the orientation of martensite grains in cryo-rolled samples are 

predominantly ND||{100} and ND||{111}, the orientation of few grains are ND||{123}, {133} and 

 

 
Fig. 5.1. X-ray diffraction patterns of the as-received sample and cryo-rolled specimens reduced 

by 20% and 50% of its original thickness. Inset is the associated EBSD inverse pole figure (IPF-

Z) colour maps of both the FCC-austenitic phase of the as-received and the BCC-martensitic phase 

of the cryo-rolled specimens. 
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ND||{013}, {012}, {023} in r20 and r50 samples, respectively. Furthermore, the EBSD maps 

confirm the further crushing of martensite grains and the development of dislocation-cell type αʹ-

martensite with an average grain size of 0.36 μm as the percentage thickness reduction increased 

from 20 to 50%. Three ɸ2 sections of the calculated ODF in Fig. 5.2a confirm the randomness of 

texture in the austenitic phase of the as-received sample. Similarly, an increase in thickness 

reduction to 50% led to the replacement of strong Cube {001}<100> in r20 sample with R-Cube 

{001}<110> component as shown in Fig. 5.2b and c. The intensities of Z {111}<110> and R-Cu 

{112}<110> texture was also increased by the increase in the degree of cryo-rolling. Fig. 5.2d is 

used in the interpretation of the major texture components and fibres in the three ɸ2 sections of 

the calculated ODF. Further analysis in this study will henceforth center on the r50 sample since 

it has the necessary characteristics that favours the development of UFG structure. 

5.3.2 Annealing at 923 K, 973 K, 1023 K and 1073 K 

5.3.2.1 Reversion kinetics and hardness profile 

The X-ray diffraction patterns that show the reversion behaviour of BCC αʹ-martensite to FCC γ-

austenite after annealing at 923 K (650 ℃), 973 K (700 ℃), 1023 K (750 ℃) and 1073 K (800 ℃) 

are presented in Fig. 5.3. No new peak(s) were observed for 60 s annealing at 923 K (650 ℃), 973 

K (700 ℃) and 1023 K (750 ℃) and 30 s annealing at 1073 K (800 ℃). These suggest there is no 

evidence of the commencement of austenitic reversion since only the BCC peaks were still present 

at these times. This behavior may be peculiar to the investigated steel. In a separate study [49], the 

90% rolling reduction of an AISI 321 austenitic stainless steel at 253 K with subsequent annealing 

at 973 K (700 ℃), 1023 K (750 ℃), 1073 K (800 ℃) and 1123 K (850 ℃) for 240, 180, 120 and 

60 s, respectively, shows no austenitic reversion. As annealing time increased, (111)γ and (200)γ 

peaks appeared and their intensities increased at two 2θ positions (67.1o and 79.3o) at the expense 

of the (110)αʹ and (200)αʹ peaks. However, at certain annealing temperature and specific time 

range, the intensities of martensite peaks remain either unchanged or increased with time, signaling 

the formation of thermally-induced martensite. For instance, (110)αʹ and (200)αʹ peaks remain 

nearly unchanged or increased between 3600-14400 s, 600-1200 s and 600-1200 s when cryo-

rolled samples were annealed at 923 K (650 ℃), 973 K (700 ℃) and 1023 K (750 ℃), respectively.  
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Fig. 5.2. Selected ODF ɸ2 sections from the XRD measurement of the (a) austenitic phase in as-

received specimen and martensitic phase in (b) r = 20% and (c) r = 50% cryo-rolled specimen (d) 

ideal texture components observed in steels. r is the percentage thickness reduction. 
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The reverse was observed to be the case for the specimen annealed at 1073 K (800 ℃) as the 

intensities of the martensite peaks consistently decreased with time. Similarly, Fig. 5.3a-c shows 

the presence of a new TiC (111) peak in the X-ray diffraction patterns of specimens annealed at 

923 K (650 ℃), 973 K (700 ℃) and 1023 K (750 ℃), which is nearly absent in the specimen 

annealed at 1073 K (800 ℃) (Fig. 5.3d).  

Notable similarities also exist among the specimens subjected to the four reversion temperatures 

used in this study, as it relates to peaks and the preferred orientation. Between the two martensitic 

planes, (200)αʹ is the preferred orientation with intensity higher than that for (110)αʹ, for all 

reversion temperatures, irrespective of the annealing time. However, austenite peaks show a switch 

of preferred orientation from (200)γ to (111)γ when the reversion of αʹ-martensite to γ-austenite is 

near completion, as observed in the maximum annealing times of 28800 s and 1800 s for specimens 

annealed at 923 K (650 ℃) and 1073 K (800 ℃), respectively (Figs. 5.3a and d). At 

 

Fig. 5.3. X-ray diffraction patterns showing the pattern of phase transformation at an annealing 

temperature of (a) 923 K (650 ℃), (b) 973 K (700 ℃), (c) 1023 K (750 ℃) and (d) 1073 K (800 

℃). Enlargement in (a) and (b) shows more clearly the TiC peaks in selected annealing times. 
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annealing temperature of 973 K (700 ℃) and 1023 K (750 ℃) (Figs. 5.3b and c) where the 

maximum annealing time does not result in the completion of the reversion process, it is observed 

that (200)γ plane is the preferred orientation. A shift in the preferred orientation of martensitic 

planes had also been observed during the isochronal annealing of a cold rolled AISI 301 austenitic 

stainless steel [158]. 

 

Fig. 5.4. (a) Volume fraction of reversed austenite and (b) corresponding hardness profile during 

reversion. 
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Once the reversion commences as shown in Fig. 5.4, the volume fraction of austenite increases 

with time, while the hardness decreases until a near-asymptotic behaviour is observed. The reason 

for asymptotic behavior of the austenite fraction is under debate. However, a previous study 

indicated that the depletion of carbon (an austenite former) in the γr as a result of the precipitation 

of carbides during reversion can increase the Ms temperature above the room temperature in AISI 

301 steel [169]. The increase in Ms temperature implies that the γr may transform back to martensite 

(thermally-induced martensite) on cooling from the annealing temperature to room temperature. 

This may result in asymptotic behaviour or increased martensite fraction at higher annealing times. 

In this study, the Ms temperature of AISI 321 austenitic stainless steel was re-estimated to be -79 

oC (194 K) using Eqn. 2.3 without carbon. 

Therefore, the cooling of the reverted austenite to room temperature in AISI 321 steel may not be 

responsible for the transformation of austenite back to martensite. It is obvious from this study that 

the observation of asymptotic behaviour and evidence of TiC during reversion at 923 K (650 ℃), 

973 K (700 ℃) and 1023 K (750 ℃) may suggest that TiC precipitates (and not the depletion of 

carbon itself) inhibit austenitic reversion rate to keep the volume fraction of the martensite constant 

or increased it at higher annealing times. It has been suggested that the asymptotic behavior can 

indicate an upper limit to the prospect of increasing the mechanical properties of the austenitic 

steel via grain refining process [157]. This is true and could be validated by considering, for 

instance, sample annealed at 923 K (650 ℃) in Fig. 5.4. At an annealing time beyond the 

asymptotic region (28800 s), austenite fraction increased, hardness value decreased and grain 

growth (confirmed and presented in the next section) had begun. 

The effect of annealing temperature on the percentage volume fraction of reversed austenite (γr) 

follows a typical sigmoidal shape as shown in Fig. 5.4a. The sigmoidal shape implies that at the 

commencement of annealing, nucleation of the austenite grains occurs slowly. However, 

nucleation and growth rate reached its peak and reversion rate slows down again near completion 

due to the impingement and exhaustion of nucleation sites [175]. As earlier observed in the X-ray 

diffraction patterns presented in Fig. 5.3, Feritscope measurements also confirmed that austenitic 

reversion had barely occurred for samples annealed at 923 K (650 ℃), 973 K (700 ℃) and 1023 K 

(750 ℃) for 60 s and at 1073 K (800 ℃) samples for 30 s. As annealing time increased, specimens 

showed a relative increase in austenite fraction, though a near-asymptotic behavior was observed 
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after certain annealing times towards the completion of reversion. From the isothermal reversion 

plot in Fig. 5.4a, the rate of reversion during the annealing at 923 K (650 ℃), 973 K (700 ℃), 1023 

K (750 ℃) and 1073 K (800 ℃) are estimated to be 4.17 x 10-3, 6.99 x 10-3, 8.00 x 10-3 and 20.41 

x 10-3 s-1, respectively, using Eqn. 5.2 [176]. These values confirmed that the rate of reversion 

increases with annealing temperature. 

Table 5.1. Variation of αʹ-martensite and γ-austenite grain size with annealing temperature and 

time. 

 

𝑅𝑎𝑡𝑒 = 1/𝑡0.5                                …5.2 

where t0.5 is the time required for the reversion to proceed half way to completion as obtained from 

Fig. 5.4a. 

Figure 5.4b shows the hardness profile of the cryo-rolled AISI 321 sample as the annealing time 

increases. The Vickers hardness value of the as-received austenitic steel had increased from 166 

± 8 to 590 ± 5 HV upon cryo-rolling at 77 K. The complete transformation of γ-austenite to αʹ-

martensite and the crushing of the martensitic grains to ultra-fine size via 50% thickness reduction 

would have resulted in the 255% rise in the hardness value. However, low annealing times (60 s 

at 923 K [650 ℃], 973 K [700 ℃] and 1023 K [750 ℃] and 30 s of annealing at 1073 K [800 ℃]) 

that shows no trace of commencement of austenite reversion, the hardness remained relatively 

unchanged, in comparison with the hardness value of the cryo-rolled sample. As annealing time 

was further increased, hardness values dropped till an asymptotic behavior is reached at approx. 

490 HV for lower annealing temperature (923 K [650 ℃] and 973 K [700 ℃]) It is suspected that 

a further drop in the hardness value below the asymptotic region signalled the onset of grain growth 

 Grain size, µm 

Temp., K       923 K 973 K      1023 K   1073 K 

Phases αʹ γ αʹ γ αʹ γ αʹ γ 

Time, s         
60 0.36 - 0.36 - 0.36 - 0.21 0.21 

180 0.23 0.16 0.13 0.16 0.19 0.21 0.18 0.24 

300 0.20 0.22 0.15 0.18 0.18 0.25 0.16 
0.12-

2.73 

600 0.20 0.22 0.17 0.22 0.17 0.31 0.10 0.9-5.6 

900 0.20 0.22 0.17 0.22 0.16 0.12-2.32 0.10 1.2-8.6 

1200 0.20 0.25 0.16 0.28 0.15 0.93-5.32 0.10 2.8-10.6 

1800 0.20 0.25 0.16 0.32 - - 0.10 4.2-14.6 

3600 0.20 0.26 - - - - - - 

14400 0.19 0.33 - - - - - - 

28800 0.18 0.12-1.7 - - - - - - 
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which will be analyzed in the subsequent section. The hardness values were observed to be higher 

in specimens subjected to lower annealing temperatures (923 K [650 ℃] and 973 K [700 ℃]) than 

those subjected to higher annealing temperatures (1023 K [750 ℃] and 1073 K [800 ℃]). A higher 

fraction of TiC particles in the specimens annealed at low temperature may have been an additional 

source of hardening. So far, there exists a striking correlation between the evolution pattern of 

thermally-induced martensite, TiCs and the asymptotic behavior in the hardness profile during 

austenite reversion. This pattern is observed more in a wider range of time at low annealing 

temperatures. The effect of annealing temperature and time on the αʹ-martensite and γ-austenite 

grain size is presented in Table 5.1. Increase in annealing temperature and time results in a relative 

increase in γ grain size at the expense of the αʹ grains. 

5.3.2.2 Microstructural evaluation 

5.3.2.2.1 Microtexture analysis 

The results of the high resolution (HR) EBSD measurement on the cryo-rolled and annealed AISI 

321 ASS specimens are presented in Figs. 5.5-5.11. Measurement on the specimens annealed at 

923 K (650 ℃), 973 K (700 ℃) and 1023 K (750 ℃) for 60 s and 1073 K (800 ℃) for 30 s also 

suggest no evidence of austenite reversion as previously noted in Figs. 5.3 and 5.4. Therefore, 

EBSD maps of these specimens are not included in this article for brevity.  

Annealing at 923 K 

Figure 5.5 shows the EBSD maps of a specimen annealed for 180 s at 923 K (650 ℃), indicating 

an early stage of reversion. Phase colour map in Fig. 5.5a clearly shows that fairly equiaxed 

austenite grains with an average size of 0.16 µm randomly nucleated in the αʹ-martensite lath 

boundaries. The αʹ-martensite lath boundaries and its vicinity are the dark regions and are 

indications of accumulation of stored energy with high Kernel average misorientation (KAM) 

values (KAM map not included in the figure) that promote the evolution of new austenite grains 

and TiC particles. The IPF color map and BCC ODFs in Figs. 5.5b and d showed five possible αʹ-

martensite variants ({001}<100>, {111}<2-31>, {110}<-331>, {112}<-2-33> and {123}<-2-

33>), with {001}<100>, {111}<2-31> and {112}<-2-33> as the predominant variants. On the 

other hand, four possible γ-austenite variants ({001}<201>, {110}<110>, {113}<3-16> and 

{212}<1-51>) were observed in Fig. 5.5c and d, with {110}<110> as the predominant variants 
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(preferred orientation). It is worth noting that αʹ-{110}<-331> (green color) was observed to be 

finely dispersed at the lath boundaries (Fig. 5.5b); the same region where equiaxed γ-{110}<110> 

grains nucleates (Fig. 5.5c). αʹ-{110}<-331> and γ-{110}<110> are close in orientation and the 

former (finely dispersed in Fig. 5.5b) could be thought to influence the latter. The superimposition 

of {111}γ and {110}αʹ pole figures in Fig. 5.5e shows the poles from all variants are in 

coincidence. A {100} oriented-αʹ and {110} oriented-γ grains adjacent to one another were 

randomly selected and further analyzed in Fig. 5.5f. It can also be seen (black circles) that one of 

the poles of {111}γ is parallel to one of the poles of {110}αʹ. Similarly, one of the <110>γ 

directions is parallel to one of the <111>αʹ directions. These confirm that the nucleated γ-austenite 

follows K-S orientation relationship with the αʹ-martensite.  

  

Fig. 5.5. HR-EBSD maps of specimen annealed at 923 K (650 ℃) for 180s: (a) phase color map. 

IPF color maps of (b) BCC αʹ-martensite and (c) FCC γ-austenite, (d) 0o, 45o, 65o ɸ2 ODF 

sections of the BCC αʹ-martensite and FCC γ-austenite. Superimposed {111} and {110} pole 

figures for (e) all grains and (f) selected αʹ-γ grains.  
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Fig. 5.6. HR-EBSD maps of specimen annealed at 923 K (650 ℃) for (a-d) 300s and (e-h) 28800s: 

(a, e) phase color maps, (b, f) IPF color maps of BCC αʹ-martensite, (c, g) IPF color maps of FCC 

γ-austenite, (d) superimposed {111} and {110} pole figures for all grains and selected αʹ-γ grains 

in 300s-annealed specimen, (h) unstratified and superimposed {111} and {110} pole figures for 

all grains and selected αʹ-γ grains in 28800s-annealed specimen. 

At the annealing time of 300 s, a change in the area fraction and texture of the phases, and 

significant change in the morphology of the αʹ-martensite can be observed (Fig. 5.6a-d). Unlike at 

the nucleation stage of austenite grains, where the martensite grains are lath-like as shown in Fig. 

5.5, the shape of the αʹ-martensite grains gradually changed from lath to near equiaxed as annealing 
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time increased to 300 s. The change in morphology of the martensite was also accompanied by a 

decrease in grain size to an average of 0.20 µm. Similarly, the austenite average size had increased 

to 0.22 µm while maintaining its equiaxed morphology. It is evident that the morphology of the 

growing austenite grains is influenced by the morphology of their neighboring martensite grains. 

This can be explained by considering four grains (1, 2, 3 & 4) in Fig. 5.6a. Grains 1 and 2 are 

martensitic (Fig. 5.6b) while grains 3 and 4 are austenitic (Fig. 5.6c). The equiaxed martensite 

grain 1 in Fig. 5.6a has a corresponding equiaxed austenite grain 3 as its neighbour. Similarly, the 

elongated martensite grain 2, that is an exception to the equiaxed structure in Fig. 5.6a, have an 

elongated austenite grain 4 as its neighbour. This suggests that a growing austenite boundary is 

hindered by the boundaries of their neighbour grains; thereby forcing the austenite grain to take 

the morphology of the martensite or surrounding grain. In a separate study [158,167], the 

morphology of transformed martensite (αʹ) has been reported to influence the shape of the γr. On 

the crystallographic orientation of grains, five variants each were present in both BCC 

({001}<201>, {110}<2-11>, {111}<-1-21>, {113}<1-41> and {213}<1-30>) and FCC ({110}<3-

11>, {001}<201>, {113}<2-51>, {112}<0-21>, {111}<-1-23> and {213}<-1-32>) phases. It can 

also be clearly observed that the orientation of the γ-variants is close to those of the αʹ-variants, 

again suggesting that the orientation of austenite grains is affected by those of the martensite. The 

comparison of {111}γ and {110}αʹ pole figures in Fig. 5.6d also confirms the coincidence of poles 

from all variants and those of the selected grains of both phases; affirming that the K-S orientation 

relationship still exists between γ-austenite and αʹ-martensite. At this stage of annealing, it is worth 

mentioning that grain growth is yet to commence and the preferred orientation of the austenite 

UFG is still near {110}||ND, though not as strong as observed in the early stage of nucleation (Fig. 

5.5c and e). However, the specimen at this stage still contains approximately 30.5% volume 

fraction of martensite. 

As already documented in Figs. 5.3a and 5.4a, the reversion rate at the annealing temperature of 

923 K (650 ℃) is low such that microstructural (EBSD) analysis indicate no evidence of grain 

growth until annealing time was increased to 28800 s (Fig. 5.6 e-h). Though majority of the 

austenite grains are still ultra-fine at annealing time of 28800 s, grain size is now in the range of 

0.12 - 1.70 µm as shown in the EBSD phase color map (Fig. 5.6e). Most of the unreversed αʹ-

martensite (up to about 6% volume fraction as observed in Fig. 5.4a) were located at the austenite 

triple junctions. These are marked by white arrows in the phase color map. Fewer variants were 
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observed with significant texturing of the austenite grains near {110}||ND. Unlike the observations 

in Figs. 5.5 and 5.6a-d, comparison of {111}γ and {110}αʹ pole figures of all variants in Fig. 5.6h 

shows no coincidence of some variants (black arrowed poles) and could indicate the loss of the K-

S orientation relationship between γ-austenite and αʹ-martensite of these variants. Meanwhile, the 

non-arrowed poles or variants (green in {111}γ pole figure, and red and blue in {110}αʹ pole 

figure) are in coincidence, obeying K-S orientation relationship. This is also confirmed by the 

coincidence of poles from the variants of the selected BCC-I and FCC-II grains. It is expected that 

the annealing temperature at 923 K (650 ℃) promotes the evolution of carbide precipitates as 

confirmed in phase color maps (Figs 5.5a, 5.6a, and 5.6e). Both the TiCs and αʹ-martensite at triple 

junctions contribute to the stability of the equiaxed UFG structure. 

Annealing at 973 K 

In comparison with Fig. 5.5a which shows approx. 28% volume fraction of reversed γ-austenite, 

about 69% of αʹ-martensite has been reversed to γ-austenite when the cryo-rolled AISI 321 steel 

was annealed at 973 K (700 ℃) for 180 s. The average martensite and austenite grain sizes are 

0.13 and 0.16 µm, respectively. Increasing the annealing time from 180 s to 900 s (Fig. 5.7) led to 

an increase in the area fraction and the average grain size (approx. 31% increase) of αʹ-martensite 

as shown in Fig. 5.7b. Fig. 5.7b indicates a mixture of equiaxed and lath-like αʹ-martensite grains 

that could signal a change in the mechanism of reversion at this annealing temperature. 

Consequently, the γr also shows a mixture of these morphologies (Fig. 5.7c). However, significant 

texturing of the austenite grains near {110}||ND occurred. The comparison of {111}γ and {110}αʹ 

pole figures confirm the coincidence of poles from all grain variants (Fig. 5.7e) and those of the 

selected grains (Fig. 5.7f) of both phases. These confirm that the nucleated γ-austenite grains at 

this annealing temperature and time follow K-S orientation relationship with the αʹ-martensite. 

Annealing at 1023 K 

The results of the microtexture analysis of specimens annealed at 1023 K (750 ℃) are presented 

in Figs. 5.8 and 5.9. The development of UFG structure with an average austenite grain size of 

0.21 µm was only met after annealing for 180 s (Fig. 5.8a). Meanwhile, 21% volume fraction of 

the αʹ-martensite is yet to revert to γ-austenite. The IPF color maps, pole figures, and ODFs in Fig. 

5.8b-e shows four possible variants in both BCC ({023}<1-32>, {113}<-1-21>, {012}<2-41>, 
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{014}<-1-71>) and FCC ({110}<-331>, {113}<1-10>, {012}<1-33>, {015}<-4-31>) phases. 

Unlike the previously analyzed data where the preferred orientation of austenite grains is near 

{110}||ND, Fig. 5.8b and c shows that the preferred orientations of both BCC and FCC grains are 

near {112} and {113}||ND. However, it is possible that small EBSD scan area is from a block of 

a parent grain such that the aforementioned preferred orientation is not a representative of the 

entire specimen. In this case, the result of the XRD macrotexture analysis will be more reliable to 

ascertain if {112} and {113}||ND orientations are the preferred orientations. The coincidence of 

poles of all possible variants when {111}γ and {110}αʹ pole figures are superimposed (Fig. 5.8e) 

indicates that the reversed γ-austenite follows K-S orientation relationship with the αʹ-martensite. 

This is further confirmed by the analysis of selected reversed austenite and transformed martensite 

grains (Fig. 5.8f); one of the poles of {111}γ is parallel to one of the poles of {110}αʹ and one of 

the <110>γ directions is parallel to one of the <111>αʹ directions. 

 
Fig. 5.7. HR-EBSD maps of specimen annealed at 973 K (700 ℃) for 900s: (a) phase color map. 

IPF color maps of (b) BCC αʹ-martensite and (c) FCC γ-austenite, (d) 0o, 45o, 65o ɸ2 ODF sections 

of the BCC αʹ-martensite and FCC γ-austenite. Superimposed {111} and {110} pole figures for 

(e) all grains and (f) selected αʹ-γ grains.  
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Fig. 5.8. HR-EBSD maps of specimen annealed at 1023 K (750 ℃) for 180s: (a) phase color map, 

IPF color maps of (b) BCC αʹ-martensite and (c) FCC γ-austenite, (d) 0o, 45o, 65o ɸ2 ODF sections 

of the BCC αʹ-martensite and FCC γ-austenite. Superimposed {111} and {110} pole figures for 

(e) all grains and (f) selected αʹ-γ grains.  

Annealing for 600 s (Fig. 5.9a-d) shows the development of UFG structure with an average 

austenite grain size of 0.31 µm. The volume fraction of the unreversed αʹ-martensite is 

approximately 8%. Most of the unreversed αʹ-martensite with an average grain size of 0.17 µm are 

observed at the austenite triple junctions with few located at the austenite boundaries. Three 

variants were observed in each of the martensite ({001}<100>, {111}<3-41>, {213}<0-41>) and 

austenite ({011}<0-11>, {114}<1-10>, {213}<0-41>) phases. The preferred orientation in the 

austenite grains is near {110}||ND (γr-{011}<0-11>), while martensite grains are near {100}||ND 

({001}<100>) and {111}||ND (αʹ-{111}<3-41>). So far, the comparison of {111}γ and {110}αʹ 

pole figures of specimens with a negligible fraction of unreversed αʹ-martensite do not show the 
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Fig. 5.9. HR-EBSD maps of specimen annealed at 1023 K (750 ℃) for (a-d) 600s and (e-h) 900s: 

(a, e) phase color maps, (b, f) IPF color maps of BCC αʹ-martensite, (c, g) IPF color maps of FCC 

γ-austenite. Unstratified and superimposed {111} and {110} pole figures for all grains and selected 

αʹ-γ grains in specimens annealed for (d) 600s and (h) 900s.  

coincidence of black-harrowed poles in Fig. 5.9d. This indicates loss of the K-S orientation 

relationship between the arrowed variants in both phases. The non-arrowed poles or variants (green 

in {111}γ pole figure and red in {110}αʹ pole figure) are in coincidence, obeying K-S orientation 

relationship. This is further confirmed by the coincidence of poles from the variants of the selected 
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BCC-I and FCC-II grains. The negligible fraction of αʹ suggests this annealing condition could be 

acceptable for the development of UFG structure. 

At 900 s (Fig. 5.9e-h), the volume fraction of unreversed αʹ-martensite is less than 7%. However, 

discontinuous or abnormal grain growth of the austenite grains had occurred. The phase map in 

Fig. 5.9e shows two distinct regions of the FCC phase; UFG and abnormal grain growth. There 

are unique features in the phase map that distinguishes these regions. The UFG regions are 

characterized by the presence of triple junction martensite, finely dispersed martensite, and TiC 

precipitates at the grain boundaries. Abnormal grain growth regions, which show little or no TiC, 

are mainly characterized by finely arranged martensite (white-arrowed in Fig. 5.9e-h) at grain 

boundaries. A comparison of Figs. 5.9b, c and 5.9f, g shows that finely dispersed martensite of the 

same crystallographic orientation is orderly arranged at (or “pushed” towards) austenite boundaries 

during grain growth; forming a grain boundary αʹ allotriomorph. While the preferred orientation 

near {110}||ND is maintained in the FCC UFG region, grown grains which are accompanied by 

annealing twins, are characterized by random orientations. It is worth noting that the orientations 

of the grain boundary αʹ allotriomorph (white-arrowed in Fig. 5.9f) have the same crystallographic 

variant with only one of its γ-austenite neighbor (white-arrowed in Fig. 5.9g) and not with the 

other γ grain. This is attributed to the K-S orientation relationship that exists between the grain 

boundary αʹ allotriomorph and only one of its γ-austenite neighbor [177]. However, the 

comparison of {111}γ and {110}αʹ pole figures in Fig. 5.9h also shows that unreversed ultrafine 

αʹ-martensite (BCC-I) only obeyed a K-S orientation relationship with a neighboring ultrafine γ-

grain (FCC-II) and not with the γ abnormal (large) grain (FCC-III). This is confirmed by the 

coincidence of only variants of BCC-I and FCC-II (black circles). 

Annealing at 1073 K 

EBSD maps of specimen annealed at 1073 K (800 ℃) show features that are quite different from 

those observed in specimens annealed at 923 K (650 ℃), 973 K (700 ℃) and 1023 K (750 ℃). 

This could largely be due to the higher rate of reversion (as estimated from Fig. 5.4a) obtainable 

at 1073 K (800 ℃)  annealing temperature. Unlike annealing at a lower temperature, maps in Fig. 

5.10 shows reversion had gone beyond half-way (about 71% volume fraction of γr) after annealing 

at 1073 K (800 ℃)  for 60 s. Both martensite and austenite grains have an average size of 0.21 μm. 

The phase color map in Fig. 5.10a shows the area fractions of lath-like γr and αʹ that are inclined 
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at 45o to the rolling direction. Again, a careful observation of Fig. 5.10 a, b and c revealed that the 

morphology (lath) of the γr took after those of the neighbouring αʹ-martensite. Figure 5.10b-e 

shows five possible orientation variants in each of the martensite ({011}<1-33>, {111}<-1-23>, 

{113}<-3-32>, {210}<1-31>, {212}<-2-33>) and austenite ({011}<0-11>, {111}<1-42>, 

{531}<1-20>, {311}<1-53>, {212}<-3-23>) phases. At this annealing temperature and time, K-S 

orientation relationship is obeyed between the γr and αʹ grains (Fig. 5.10e and f). 

Annealing at 1073 K (800 ℃) for 180 s (Fig. 5.11a-d) shows the onset of grain growth with few 

annealing twins, and yet a substantial percentage volume fraction (15%) of the αʹ-martensite is 

present in the specimen. The observation of grown grains with some fractions of unreversed 

martensite is a clear indication that both phase reversion and grain growth occur simultaneously 

during annealing. The orientation relationship between the γr-austenite and αʹ-martensite followed 

K-S (Fig. 5.11d). At a shorter time (in comparison with specimens annealed at 923 K [650 ℃], 

973 K [700 ℃], 1023 K [750 ℃]), abnormal grain growth was observed in the specimen annealed 

at 1073 K for 300 s (Fig. 5.11e-h). UFG and abnormal grain growth regions of the FCC phase with 

features such as the grain boundary αʹ allotriomorph in Fig. 5.9e-g were also observed in Fig. 

5.11e-h. At this annealing condition, the lath-like morphology of grains is lost. The K-S orientation 

relationship is not obeyed between the unreversed ultrafine αʹ-martensite (BCC-I) and two 

neighbor γ abnormal grains (FCC-II and III) as shown in Fig. 5.11h. None of the poles of {111}γ 

is parallel to the poles of {110}αʹ, and none of the <110>γ directions is parallel to the <111>αʹ 

directions. 

5.3.2.2.2 Macrotexture analysis 

XRD texture measurements on the cryo-rolled and annealed AISI 321 ASS specimens are 

presented in Figs. 5.12-5.15. All the XRD ODFs are compared with Fig. 5.2d for ease of 

interpretation. The ODFs of martensite and austenite phases at specific annealing times in Figs. 

5.12-5.15 are omitted due to the very low or negligible fraction of the phases. As earlier observed, 

specimens annealed at 923 K (650 ℃), 973 K (700 ℃), 1023 K (750 ℃) for 60 s and 1073 K (800 

℃)  for 30 s suggest no evidence of austenite reversion. However, the intensities of Y {111}<112> 

and Z {111}<110> components of the BCC phase in these specimens increased at the expense of 

R-Cube {001}<110> in comparison with the cryo-rolled sample (Figs. 5.12-5.15).  
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Irrespective of the annealing temperature and time, R-Cube {001}<110>, Y {111}<112>, Z 

{111}<110> and R-Cu {112}<110> are the major texture components of unreversed αʹ-martensite. 

Similarly, Brass {110}<112> and Goss {110}<100> with minor spread in R-CubeRD 

{012}<100>, Copper {112}<111> and S {123}<634> are the major crystallographic orientations 

of γr grains. Similar observations in other austenitic stainless steels have been reported 

[145,169,173]. The intensities of these texture components did not follow a specific pattern with 

annealing times in specimens subjected to lower reversion temperature (Figs. 5.12 and 5.13). 

However, at higher reversion temperature (Figs. 5.14 and 5.15), the orientation intensities in the 

 

 
Fig. 5.10. HR-EBSD maps of specimen annealed at 1073 K (800 ℃) for 60s: (a) phase color map, 

IPF color maps of (b) BCC αʹ-martensite and (c) FCC γ-austenite, (d) 0o, 45o, 65o ɸ2 ODF sections 

of the BCC αʹ-martensite and FCC γ-austenite. Superimposed {111} and {110} pole figures for 

(e) all grains and (f) selected αʹ-γ grains.  
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Fig. 5.11. HR-EBSD maps of specimen annealed at 1073 K (800 ℃) for (a-d) 180s and (e-h) 300s: 

(a, e) phase color maps, (b, f) IPF color maps of BCC αʹ-martensite, (c, g) IPF color maps of FCC 

γ-austenite. (d) Superimposed {111} and {110} pole figures for all grains in specimens annealed 

for 180s. (h). Unstratified and superimposed {111} and {110} pole figures for all grains and 

selected αʹ-γ grains in specimens annealed for 300s.   

FCC ODFs shows a distinct pattern with annealing time. The intensities of Brass {110}<112> and 

Goss {110}<100> remain unchanged upon annealing for 600 s and 180 s in specimens annealed 

at 1023 K (750 ℃) and 1073 K (800 ℃), respectively. Beyond these annealing times, the intensities 

of Brass {110}<112> and Goss {110}<100> dropped. This could be attributed to the onset of 
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randomly-oriented grain growth as earlier confirmed by the HR-EBSD maps in Figs. 5.9 e-h and 

5.11. 

5.3.3 Role of TiC and unreversed martensite 

From the results of XRD and EBSD investigations, the evolution of TiC particles during the 

martensite to austenite reversion of a cryo-rolled AISI 321 steel is obvious. These particles are 

more stable at lower reversion temperature, i.e. 923 K (650 ℃) and are less stable at a higher 

temperature of 1073 K (800 ℃). TiC particles were observed to precipitate within the γ-γ, γ-αʹ and 

αʹ-αʹ grain boundaries and none were observed inside the grains. It is, therefore, logical to have 

higher volume fraction of TiC in UFG samples since they have higher grain boundary area per unit 

volume than samples with larger grain size. Similarly, large grains with some fractions of 

unreversed martensite were observed at a higher annealing time, which is an indication that 

simultaneous phase reversion and grain growth occurred at a certain stage of reversion [158]. To 

develop an UFG structure without abnormal grain growth, it may therefore be impractical to 

completely revert the αʹ-martensite to γ-austenite without retaining some negligible fraction of the 

αʹ-martensite in the alloy. Two types of unreversed martensite were observed in this study. The 

first is the finely dispersed martensite with random orientation, i.e. grain boundary αʹ 

allotriomorph, while the second is the equiaxed, ultrafine and textured (preferred orientation near 

{100} or {111}||ND) martensite that is predominantly found at the triple junctions.  

Both the TiCs and the triple junction martensite are observed to be important in obtaining an UFG 

structure through the Zener pinning of grain boundaries. The growth of the austenite grains 

involves the migration of high angle boundaries whose motion is effectively hindered by second 

phase particles such as TiC particles and the unreversed triple junction martensite; contributing to 

the stability of the equiaxed UFG structure. Celada-casero et al. [170] also reported pinning of  the 

austenite grain boundaries (which in-turn prevents grain growth) by χ-phase and nanometric 

Ni3(Ti, Al) precipitates during diffusional reversion in a metastable austenitic stainless steel. 

However, the TiC particles were observed to dissolve when reversion is either prolonged at low 

annealing temperature or done at an elevated temperature. The implication of this is that some high 

angle boundaries can break away before others, paving the way for the occurrence of abnormal 

grain growth [178] and loss of texture [164]. The finely dispersed martensite (grain boundary αʹ 

allotriomorph) is observed to be neatly arranged at the grain boundaries according to their crystal  
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Fig. 5.12. 0o, 45o, 65o ɸ2 ODF sections of the BCC αʹ-martensite and FCC γ -austenite phases 

obtained from the XRD measurement on the specimens annealed at 923 K (650 ℃).  
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Fig. 5.13. 0o, 45o, 65o ɸ2 ODF sections of the BCC αʹ-martensite and FCC γ -austenite phases 

obtained from the XRD measurement on the specimens annealed at 973 K (700 ℃).   



101 

 

 
Fig. 5.14. 0o, 45o, 65o ɸ2 ODF sections of the BCC αʹ-martensite and FCC γ -austenite phases 

obtained from the XRD measurement on the specimens annealed at 1023 K (750 ℃).   
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Fig. 5.15. 0o, 45o, 65o ɸ2 ODF sections of the BCC αʹ-martensite and FCC γ -austenite phases 

obtained from the XRD measurement on the specimens annealed at 1073 K (800 ℃).  
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orientations as shown in Figs. 5.9f and 5.11f. It is the orientation of this finely arranged martensite 

that influences the texture of grown grains and in-turn leads to the loss of significant texturing in 

the sample. Other authors [168,179] have reported that very small fraction of unreversed αʹ-

martensite is also effective in suppressing austenitic grain growth through grain boundary (Zener) 

pinning during the deformation of ultrafine grained austenitic stainless steel.  

The stages of austenitic reversion in the development of UFG structure at low/medium reversion 

rate such as those obtained in samples annealed at 923 K (650 ℃), 973 K (700 ℃) and 1023 K 

(750 ℃) therefore follows; (a) austenitic reversion and carbide precipitation, (b) austenitic 

reversion, carbide precipitation and limited grain growth, (c) carbide precipitation and limited 

grain growth and (d) carbide dissolution and abnormal grain growth. Similarly, the stages of  

 

 
Fig. 5.16. Schematic of the stages of austenitic reversion: (a) onset of austenite reversion; 

nucleation of austenite grains within martensite lath boundaries, (b) austenite reversion and TiCs 

evolution in progress, (c) development of UFG structure with TiC and negligible amount 

unreversed martensite at austenite triple junctions, (d) possible development of abnormal grain 

growth (AGG) within UFG structure at an extended period of time or high reversion/annealing 

temperature; dissolution of TiCs also occurred at this stage. Shape and size of grains and particles 

are exaggerated to show the sequence of UFG development. 
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reversion at a higher reversion rate obtained by 1073 K (800 ℃) follows; (a) austenitic reversion, 

carbide precipitation, (b) austenitic reversion, carbide precipitation and limited grain growth and 

(c) carbide dissolution and abnormal grain growth. These stages are schematically shown in Fig. 

5.16. 

5.3.4 Reversion Mechanisms 

Figure 5.4a shows that the percentage volume fraction of austenite in the specimen annealed for 

180 s at 923 K (650 ℃) is below 50%. This suggests the possibility of a different mechanism of 

reversion in the specimen annealed at 923 K (650 ℃) in comparison with those annealed at 973 K 

(700 ℃), 1023 K (750 ℃) and 1073 K (800 ℃) whose austenite volume fraction is higher than 

50% for 180 s. The equiaxed morphology of the reversed austenite in the specimen annealed at 

923 K (650 ℃) (Figs. 5.5 and 5.6) are characteristics of diffusional reversion (DR) mechanism as 

described in section 5.1. On the other hand, the lath-like austenite grains, which are features of 

martensitic shear reversion (MSR) mechanism, were observed in specimens annealed at higher 

temperatures and became more pronounced at 1073 K (800 ℃) (Figs. 5.10 and 5.11a-d). Apple 

and Krauss [180] observed differences in the morphology of γr in a quenched Fe-Ni-C (0.05–0.3 

wt.%) alloy when the heating rate was varied between 3 °C/s and 1500 °C/s. The authors detected 

that slow heating rates enabled adequate time for short-range diffusion, resulting in equiaxed 

grains by DR mechanism while higher heating rates resulted in limited diffusion, culminating in 

the formation of lath-like austenite morphologies by MSR mechanism. To elucidate more on this, 

Eqn. 5.1 was used to plot the ΔG(α→γ) versus temperature curve as shown in Fig. 5.17. Using the 

free energy of -500 J/mol as the minimum driving force criterion required for a complete MSR 

[167], it was indeed confirmed that DR occurred in the specimen annealed at 923 K (650 ℃) and 

MSR for specimens annealed at 973 K (700 ℃), 1023 K (750 ℃) and 1073 K (800 ℃). 

5.3.5 Estimation of Activation energy and rate of reversion 

The Arrhenius relationship in Eqn. 5.3 [175] was used to estimate the activation energy (Q) 

required for the reversion of αʹ-martensite to γ-austenite in AISI 321 ASS in this study. Taking the 

𝑙𝑜𝑔 of both sides of the Eqn. 5.3, Eqn. 5.4 is obtained. It therefore follows that the slope of a 

𝑙𝑛 1 𝑡0.5⁄ 𝑣𝑠 1 𝑇⁄  plot can be used to obtain the value of −𝑄 𝑅⁄ . Although other methods such as the 

rate constant and change of slope techniques can also be used to estimate Q, the adopted technique  
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Fig. 5.17. ΔG(α→γ)-Temperature (K) curve for AISI 321 austenitic stainless steel. 

in this study is termed time for constant fraction [181].   

𝑘 = 1 𝑡0.5⁄ =  𝐴 exp (−
𝑄

𝑅𝑇
)                                              …5.3 

𝑙𝑛 1 𝑡0.5⁄ = (−
𝑄

𝑅
) 1

𝑇
+ ln 𝐴                                ...5.4 

where 𝑘, 𝐴, 𝑄, 𝑅 and 𝑇 are the reaction rate coefficient (s−1), frequency factor (s−1), activation 

energy (J mol⁄ ), the universal gas constant (8.314 Jmol−1K−1) and absolute temperature (𝐾), 

respectively. The 𝑙𝑛 1 𝑡0.5⁄ 𝑣𝑠 1 𝑇⁄  plot is shown in Fig. 5.18a with Q estimated to be 80 kJmol-1 

using regression analysis. The dependence of 1 𝑡0.5⁄  on any reversion temperature is shown in Fig. 

5.18b which is obtained by substituting 131 s−1 and 80 kJmol−1 for 𝐴 and 𝑄, respectively, in Eqn. 

5.3. Figure 5.18b provides useful information about the reversion kinetics of a cryo-rolled AISI 

321 ASS subjected to different reversion temperature. For example, the reversion rate at 1173 K 
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(900 ℃) is about 17 times greater than the reversion rate at 873 K (600 ℃). This also indicates the 

influence of annealing temperature on reversion rate; the reversion kinetics at a lower temperature 

(e.g. 923 K [650 ℃]) is slow compared to that at a higher temperature (e.g. 1073 K [800 ℃]). The 

inset in Fig. 5.18b is the expanded plot of the reversion temperature range used in this study. 

5.3.6 Preferred annealing temperature and time for the development of UFG structure 

Results of the current investigations indicate that equiaxed UFG structure containing negligible 

volume fraction of unreversed αʹ-martensite can be obtained through the (a) DR route at 923 K 

(650 ℃) for approximately 28800 s (8 h) as shown in Fig. 5.6e-h and (b) MSR route at 1023 K 

(750 ℃) for 600 s (10 min) as shown in Fig. 5.9a-d. The average grain size is 0.22 and 0.31 m in 

the specimens processed at these temperatures using DR and MSR routes, respectively. However, 

the DR route may not be the best choice for two reasons. The first is the precipitation of TiC at the 

grain boundaries which are more stable and of higher density at the annealing temperature of 923 

K (650 ℃) than 1023 K (750 ℃). Qualitative characterization of a specimen reversed via DR route 

has been reported to be prone to the formation of secondary phase precipitates [182]. These 

carbides serve as a barrier to grain growth on one hand [158,182] but have been reported to be 

detrimental, especially in providing preferential sites for cavity nucleation in austenitic stainless 

steels exposed to creep–fatigue interaction during structural application [183]. In a study on fatigue 

behaviour of 316Ti stainless steel in high-temperature water, Xu et al. [184] reported Ti-bearing 

precipitates as the preferential initiation site for cracking. Secondly, the time required for DR to 

retain an acceptable volume fraction of unreversed αʹ-martensite while at the same time 

maintaining its ultra-fine structure is too high (Fig. 5.4a). Hence, the achievement of an UFG 

structure via DR mechanism will not be as economical (in terms of the energy consumption during 

prolonged annealing) as those obtained via the MSR mechanism. Martensitic shear reversion is 

not only rapid, the amounts of the deleterious TiC particles produced during reversion is very low 

compared to diffusion reversion. 
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Fig. 5.18. (a) 𝑙𝑛 1 𝑡0.5⁄ − 1 𝑇⁄  plot for the estimation of activation energy, (b) reversion rate as a 

function of temperature for AISI 321 ASS. Inset in (b) is the expanded plot of the reversion 

temperature range used in this study. 
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5.4 Summary and Conclusions 

In this article, the optimum thermo-mechanical processing conditions required to develop UFG 

structure in AISI 321 austenitic stainless steel were experimentally determined. The reversion 

behavior and the associated texture development was studied in the cryo-rolled steel specimens 

annealed at 923 K (650 ℃), 973 K (700 ℃), 1023 K (750 ℃) and 1073 K (800 ℃) for varying 

times. The following are the major conclusions drawn from this work: 

1. The minimum annealing temperature at which martensitic shear reversion will occur in 

AISI 321 steel is 940 K (667 ℃). Hence, the dominant reversion mechanism is diffusion 

reversion (DR) at annealing temperature of 923 K (650 ℃) while martensitic shear 

reversion (MSR) dominates at 973 K (700 ℃), 1023 K (750 ℃) and 1073 K (800 ℃). 

2. TiC precipitates and unreversed triple junction αʹ-martensite played a major role in 

obtaining an UFG structure by Zener pinning of grain boundaries. The carbides are more 

stable in DR specimens. Consequently, a more stable UFG structure is obtainable in DR 

specimens at higher annealing time than in the MSR specimens.  

3. The sequence of austenitic reversion in the development of UFG structure at low/medium 

reversion rate such as those obtained in samples annealed at 923 K (650 ℃), 973 K (700 

℃) and 1023 K (750 ℃) follows; (a) austenitic reversion and carbide precipitation, (b) 

austenitic reversion, carbide precipitation and limited grain growth, (c) carbide 

precipitation and limited grain growth and (d) carbide dissolution and abnormal grain 

growth. On the other hand, the sequence of reversion for a higher reversion rate at 1073 K 

(800 ℃)  K follows; (a) austenitic reversion, carbide precipitation, (b) austenitic reversion, 

carbide precipitation and limited grain growth and (c) carbide dissolution and abnormal 

grain growth. 

4. The activation energy, Q, required for the reversion of αʹ to γ in AISI 321 ASS is 

80 kJmol−1.  

5. UFG size of 0.22 µm can be obtained through the DR route at 923 K (650 ℃) for 

approximately 28800 s (8 h) and 0.31 µm through the MSR route at 1023 K for 600 s (10 

s). However, the MSR route at 1023 K (750 ℃) may be the best choice since the volume 

fraction of carbides are less than those in DR specimen, and perhaps, the energy 



109 

 

consumption required to achieve an UFG structure via DR mechanism is higher due to low 

reversion rate.  

6. About 195% increase in hardness value was observed for UFG specimens in comparison 

with the hardness value of the as-received specimen, though a higher fraction of TiC 

precipitates in the UFG structure may be an additional source of hardening. 

7. At any annealing temperature, the elapsed annealing time (30-60 s) with no reversion 

showed that the crystallographic orientation of the martensitic grains changed. The 

intensity of Y {111}<112> and Z {111}<110> components increased at the expense of R-

Cube {001}<110> in comparison with the cryo-rolled sample. This suggests that αʹ-

martensite grains first, attain an orientation at the early stage of annealing that favors the 

nucleation of new austenite grains. 

8. The {110}<uvw> is the major texture component of austenite grains in the UFG structure. 

It is stronger at a lower temperature where DR is the mechanism of reversion and weaker 

at a higher annealing temperature when MSR is the dominating reversion mechanism.   
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Chapter 6 

Pseudo-Texture Memory in AISI 321 Austenitic Stainless Steel 

In this chapter, the research findings on texture memory effect in the investigated AISI 321 

austenitic stainless steel is presented and discussed. To the best of my knowledge, this is the first 

time that this alloy is being reported to exhibit texture memory effect. A mechanism of this effect 

is proposed to validate AISI 321 as a texture memory alloy. This chapter is published in “IOP 

Conference series: Materials Science and Engineering” as follows: 

Tiamiyu, A. A., Szpunar, J. A., and Odeshi, A. G. (2017). Pseudo-texture memory in AISI 321 

austenitic stainless steel. IOP Conference series: Materials Science and Engineering. ICOTOM 

2017, 5-10 November, St George, Utah, U.S.A. 

My contributions to this paper include review of the relevant literature, design and implementation 

of experimental procedures, analysis of test results and preparation of the manuscript which was 

reviewed by my supervisors; Professors Akindele Odeshi and Jerzy Szpunar. Their comments and 

suggestions were addressed before the manuscript was submitted for publication.  The present 

manuscript is a modified version of the published paper. Detailed information on experimental 

procedures, which are covered in Chapter three, is removed to avoid repetition. This manuscript is 

used under the terms of the Creative Commons Attribution 3.0 licence. Hence, no copyright 

permission is required. 

Abstract  

In this study, AISI 321 austenitic stainless steel with a grain size of 45 µm was cryo-rolled at -196 

℃ to 50 % thickness reduction to completely transform the γ-austenite phase to αʹ-martensite. The 

cryo-rolled sample was subsequently annealed in the temperature range of 923 – 1073 K for 30-

28800s (0.5 – 480 mins) to reverse the αʹ-martensite back to γ-austenite and develop ultrafine grain 

(UFG) structure at optimum annealing condition. Average austenite grain sizes of 0.22 and 0.31 

µm were obtained at an optimum annealing conditions of 923 K for less than 480 minutes and 

1023 K for 10 minutes, respectively. High-resolution EBSD and XRD texture analyses show that 

ζ-fibre ({110}<uvw>) is the major texture component of the austenite grains in the UFG structure 

and it is stronger in specimen annealed at 923 K than those of the higher temperatures (973, 1023 
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and 1073 K) used in this study. The strong intensity of ζ-fibre in UFG is attributed to pseudo-

texture memory in AISI 321, i.e. the ability of the steel to memorize the crystallographic 

orientation of the deformed austenite, rather than that of the conventional as-received austenite 

phase that is random.  

6.1 Introduction 

Texture memory effect (TME) is a phenomenon which occurs when the texture of material 

strengthens or remains unchanged after the phase transformation cycle from one phase to another 

and back to the initial phase [185,186]. TME has mainly been observed after the αʹ (bcc) → γ (fcc) 

→ αʹ (bcc) transformation in BCC metals [186,187] and α (hcp) → β (bcc) → α (hcp) 

transformation in HCP metals [188,189] during a heating and cooling cycle. On the completion of 

transformation cycle in 0.1% C-1% Mn steel [186], a BCC metal, {100}<011>, {311}<011> and 

{332}<113> texture components reappeared with little decrease in intensity. Other alloys in which 

TME has been reported include interstitial free (IF) steel [187], Ti–6Al–4V [188] and zirconium 

[189]. The orientation relationship (OR) between γ and αʹ in steels is the Kurdjumov–Sachs (K–

S) relation, {111}γ||{110}αʹ and <110>γ||<111>αʹ, or the Nishiyama–Wasserman (N–W) relation, 

{111}γ||{110}αʹ and <112>γ||<110>αʹ. There are about 24 and 12 crystallographic variants in K–S 

and N–W relations, respectively. In those metals that exhibit TME, crystallographic OR is obeyed 

between parent and product phases. Thus, implying that out of the dozens of the equivalent 

crystallographic orientations allowed under the OR, only specific ones are selected after the 

completion of the phase transformation cycle. This phenomenon is termed variant selection [186] 

and its description can be found elsewhere [143,190]. Although the mechanism behind TME is 

still not very clear, mechanisms related to transformation strain, role of precipitates, and 

development of special boundaries during heating have been proposed [185,186]. 

In the present study, UFG structure was developed in AISI 321 austenitic stainless steel (ASS) to 

improve its mechanical properties. AISI 321 is a titanium (Ti)-stabilized austenitic stainless steel 

that is widely used in chemical process plants [3] and fabrication of pressure vessels [1]. To the 

best of the authors’ knowledge, the development of UFG structure and the accompanying 

crystallographic texture in AISI 321 austenitic stainless steel has not been well addressed. The 

objective of this study is to investigate texture evolution during the development of UFG structure 

in AISI 321 steel. For the first time, the mechanism of texture memory in AISI 321 is addressed. 
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6.2 Material and methods 

An AISI 321 austenitic stainless steel plate described in Section 3.1 was used. The cryo-rolling 

process and annealing treatment procedure are as described in Section 3.2. Material 

characterization techniques are as described in Sections 3.3.1 (hardness tests) and 3.5 (electrolytic 

polishing, EBSD, X-ray diffractometry and Feritscope measurements). All microstructural 

analysis and measurements in this study were conducted on the rolling plane (RP). 

6.3 Results and discussion 

Figure 6.1a shows a random texture in the γ-austenite phase of the as-received AISI 321 ASS. The 

as-received AISI 321 sample was slightly deformed (early stage of rolling) to avoid the start of 

martensitic transformation and the resulting deformed structure is hereafter referred to as the 

deformed austenite (γd). The EBSD IPF map of the γd grains (Fig. 6.1b) showed a significant 

texturing near the ζ-fibre ({110}<uvw>). The strong development of {110}<uvw> could be 

explained using grain B in Fig. 6.1b. This grain shows a possible orientation interplay between 

{110}||ND and {111}||ND i.e. the gradual rotation of {111}||ND grains during deformation to 

{110}||ND, which is the most stable end-orientation. Schmid factor (SF) map using {111}[1-10] 

as the active slip system was plotted to establish the correlation between plastic deformation 

mechanism (slip) and the orientation of γd (Fig. 6.1c). The SF varies with orientations in the 

following order: {100}||ND (highest) > {110}||ND > {111}||ND. This indicates that the ease at 

which slip will occur on {111}[1-10] slip system for the grains with {111}||ND orientation is 

lowest and as a matter of fact, these set of grains are near hard orientation. The {111}||ND oriented-

grains are then “forced” to rotate during deformation to a more stable orientation ({110}||ND 

orientation with higher SF) [112]. Comparing the spread of orientation in the inverse pole figure 

(IPF) of undeformed γ (grain A) and deformed γd (grains B and C) in Fig. 6.1d shows that the γd 

has undergone plastic deformation by slip. The orientation of grain A converges to a point in the 

IPF triangle; suggesting a strain-free grain. The grains B and C show the widest orientation spread, 

which is an indication of large plastic deformation by slip. The IPF triangle could also be a useful 

tool in showing the gradual rotation of {111}||ND to {110}||ND as in grain B (a spread of blue 

color towards green) and C (rotation nearly complete as confirmed by the predominant green 

color). Upon 15% thickness reduction during cryo-rolling, 80% of the γ phase is transformed to 

αʹ-martensite (Fig. 6.1e). While the BCC IPF map in Fig. 6.1e shows a significant texturing of αʹ-
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phase around {100}||ND, the remaining γd is textured around {110}||ND. To validate the existing 

OR between the γd and αʹ phases, grains i and ii in Fig. 6.1e are selected and analyzed in Fig. 6.1f. 

The comparison of {110}αʹ and {111}γ pole figures for grains i and ii, respectively, in Fig. 6.1f 

shows the coincidence of poles (circled). These confirms that K-S orientation relationship exists 

between the γd and αʹ and not γ and αʹ. Hence, the γ → αʹ sequence is revised to γ → γd → αʹ as 

also expressed in Fig. 6.1g. 

 

 
Fig. 6.1. (a) EBSD-IPF map of the as-received sample, (b) IPF and (c) Schmid factor maps of 

deformed austenite (γd), (d) inverse pole figures of selected undeformed and deformed austenite 

grains. (e) EBSD-phase color, BCC and FCC IPF color maps of γd and αʹ, (f) {111}γ and {110}αʹ 

pole figures of selected grains in (e), (g) revised sequence of strain-induced martensitic 

transformation. 
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The results of the X-ray measurement that confirms the complete martensitic transformation of the 

austenite phase in the as-received sample after cryo-rolling at 77 K are presented in Fig. 5.1. 

Although γ-austenite of the as-received steel was transformed completely to αʹ-martensite at 20% 

thickness reduction, it was increased to 50% to generate finer martensite grains (insets in Fig. 5.1) 

that accumulate enough stored energy. This promotes the development of ultra-fine strain-free 

austenite grains during subsequent annealing. The sigmoidal isothermal reversion curves and 

associated hardness profiles at two annealing temperatures are presented in Fig. 6.2. Feritscope 

reading showed that austenitic reversion had barely occurred for samples annealed at 923 K and 

1023 K for 60 s. As annealing time increases, specimens showed an increase in austenite fraction 

and a corresponding decrease in hardness values with annealing time. A notable observation in 

Fig. 6.2 is the sharp drop in hardness value of specimens annealed beyond 600s at 1023K. This is 

suspected to signal the onset of grain growth. Therefore, annealing at 1023 K for 600s may be the 

optimum reversion condition to develop UFG structure via the martensitic shear reversion 

mechanism. Similarly, annealing at 923 K for 28800s may be the optimum reversion condition via 

the diffusional reversion mechanism since the volume fraction of the unreversed martensite is 

approximately 6%.  

 

 

Fig. 6.2. Volume fraction of reversed austenite and corresponding hardness profile during 

reversion.  
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The results of macrotexture analyses show that the UFG structure is significantly textured with 

strong Brass {110}<112>, Goss {110}<100> and Copper {112}<111> components (Fig. 6.3a). 

Specimen annealed at 923 K for 28800s (8 h) developed stronger texture than the specimen 

annealed at 1023 K for 600s (10 min). The EBSD maps of a specimen annealed for 180s at 923 K 

are presented in Fig. 6.3b-d, which indicate an early stage of reversion. Fairly equiaxed austenite 

grains with an average size of 0.16 µm randomly nucleated in the αʹ-martensite lath boundaries 

(Fig. 6.3b). At the annealing time of 300s, the area fraction, morphology and texture of the phases 

significantly changed (Fig. 6.3e-g). The shape of the αʹ-martensite grains had changed from lath 

to near equiaxed after annealing for 300s. It is apparent in Fig. 6.3e-g that the morphology of the 

growing austenite grains is influenced by the morphology of their neighboring martensite grains.  

To expatiate on this, four grains (1, 2, 3 & 4) in Fig. 6.3e-g are considered. The equiaxed martensite 

grain 1 has a corresponding equiaxed austenite grain 3 as its neighbour. Similarly, grains 2 and 4 

are neighbours and both elongated. This shows that a growing austenite grain boundary may be 

hindered by the boundaries of their neighbour grains; forcing the austenite grain to take the 

morphology of the martensite. Elsewhere, the morphology of transformed αʹ have been reported 

to influence the shape of the reversed austenite (γr) [167]. On the crystallographic orientation of 

grains, few variants are present in both BCC and FCC phases (Fig. 6.3h and i). All the variants, V, 

developed during reversion in this study are presented in Table 6.1. The comparison of {111}γ and 

{110}αʹ pole figures for all grains in Fig. 6.3j and k confirms the coincidence of poles. Grains 5  

 Table 6.1. The {hkl}<uvw> of all identified variants in the EBSD pole figures and ODFs. 

 

Variants αʹ-martensite γr-austenite αʹ-martensite γr-austenite αʹ-martensite γr-austenite 

 923 K / 180s 923 K / 300s 923 K / 28800s 

V1 {001}<100> {001}<201> {001}<201> 
{110}<3-11> 

{001}<201> 
{001}<100> {110}<100> 

V2 {111}<2-31> {110}<110> {110}<2-11> {113}<2-51> {110}<1-10> {001}<101> 

V3 {110}<-331> {113}<3-16> {111}<-1-21> {112}<0-21> {332}<1-22> {111}<-1-34> 

V4 {112}<-2-33> {212}<1-51> {113}<1-41> {111}<-1-23> - {211}<0-32> 

V5 {123}<-2-33> - {213}<1-30> {213}<-1-32> - - 

 1023 K / 180s 1023 K / 600s 1023 K / 900s 

V1 {023}<1-32> 
{110}<-331> 

{001}<102> 

{011}<0-11> 

{001}<100> 

{011}<0-11> 

{031}<0-13> 
{011}<1-11> {011}<0-11> 

V2 
{112}<111> 

{113}<-1-21> 
{113}<1-10> {111}<3-41> {114}<1-10> {001}<102> {001}<3-10> 

V3 {012}<2-41> 
{112}<110> 

{012}<1-33> 
{213}<0-41> {213}<0-41> {111}<1-21> {223}<3-41> 

V4 {014}<-1-71> {015}<-4-31> - - {210}<2-41> {210}<1-34> 

V5 - - - - {213}<0-21> {213}<0-21> 
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 ({100} oriented-αʹ) and 6 ({110} oriented-γ) are selected and further analyzed as presented in Fig. 

6.3l. One of the poles of {111}γ is parallel to one of the poles of {110}αʹ. This confirms that K-S 

orientation relationship exists between the reversed γ-austenite and αʹ-martensite. 

The EBSD maps of specimens annealed at 923 K for 28800s (Fig. 6.4a-c) and at 1023 K for 600s 

(Fig. 6.4d-f) show the development of UFG structure with very low and acceptable fraction of αʹ-

martensite. The average austenite grain sizes are 0.22 µm and 0.31 µm in the specimens annealed 

at 923 K and 1023 K, respectively. Although the orientation of γr grains are close to {110}<uvw> 

(ζ-fibre), texture is stronger in the specimen annealed at 923 K (Fig. 6.4c) than in the specimen 

annealed at 1023 K (Fig. 6.4f). This agrees with the result of the macrotexture measurement in 

Fig. 6.3a. It is worth noting that most of the unreversed αʹ-martensite and TiC particles are located 

at the austenite triple junctions. These contribute to the stability of the UFG structure via Zener 

pinning of grain boundaries [191]. At higher annealing temperature and times, the larger fraction 

of the TiC particles dissolve and the volume fraction of αʹ-martensite was near-zero. This leads to 

abnormal grain growth by the breaking away of high angle boundaries and loss of texture [164]. 

To develop an UFG structure without abnormal grain growth, it may, therefore, be impractical to 

completely reverse the αʹ to γ without retaining some negligible fraction of the αʹ.  

While the texture of the γ-phase (parent) in the as-received AISI 321 ASS is random (Fig. 6.1a), it 

is apparent that the ζ-fibre texture of the γr (product) in the UFG structure memorizes the texture 

of the deformed austenite (γd) on the completion of γ (parent) → αʹ → γr (product) transformation 

cycle. Since γd is intermediated between γ (parent) → αʹ and conventional texture memory like 

those observed in BCC and HCP metals require that the texture of the product phase ‘remembers’ 

that of the initial parent phase, the phenomenon in AISI 321 steel is hereby referred to as Pseudo-

texture memory. Hence, the transformation cycle is revised to γ → γd → αʹ → γr as shown in Fig. 

6.4g. The mechanism behind the pseudo-texture memory involves microstructural sites such as 

special grain boundaries. The variant that acted on the first transformation (γd → αʹ) in the special 

grain boundary is memorized and the same path becomes more accessible than the others for the 

αʹ → γr reversion during annealing. This is schematically shown in Fig. 6.4h-l.  At the early stage 

of cryogenic rolling of AISI 321 ASS, the austenite grains will first be deformed (Fig. 6.4h). As 

cryogenic rolling proceeds, two αʹ grains, for instance, nucleate along the same 𝛾𝑑 boundary (Fig. 

6.4i). 
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Fig. 6.3. (a) Volume fraction of selected texture components. (b-g) EBSD maps of specimen 

annealed at 923 K (650 ℃) for (b-d) 180s and (e-g) 300s: (b and e) phase color maps, (c, d, f, g) 

IPF color maps. {110} and {111} pole figures of specimens annealed at (h) 180s and (i) 300s. 

Superimposed {111}γ and {110}αʹ pole figures of all grains in specimen annealed for (j) 180s and 

(k) 300s, (l) {111}γ and {110}αʹ pole figures of selected grains in specimen annealed for 180s. 

These two αʹ grains obey the K-S orientation relationship with γ
d2

, but exhibiting different variants 

of the 24 possible K-S conditions. As the percentage thickness reduction increases, both grains 
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should grow into the neighbor 𝛾𝑑1 grain and then merge to establish a ‘special grain boundary’ in 

the new αʹ grain structure (Fig. 6.4j). When the new αʹ grain structure is annealed, the special grain 

boundary will be highly favored for the nucleation of γr grains that possess the same orientation as 

the γ
𝑑2 since it is the orientation that fulfills the K-S condition (Fig. 6.4k), as indicated in the 

experimental results presented in Fig. 6.3b-d, h-l. The available special grain boundaries in the 

specimen therefore act as crystallographic orientation memory sites during austenitic reversion. 

This process is more pronounced at lower annealing temperature (923 K) where TiC precipitates 

 

 
Fig. 6.4. EBSD maps of specimen cryo-rolled and subsequently annealed at (a-c) 923 K (650 ℃) 

for 28800s and (d-f) 1023 K (750 ℃) for 600s. (g) sequence of transformation/reversion, (h-l) 

schematic of the pseudo-texture memory process adapted from Ref. [185]. 
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are more stable than at higher annealing temperature (1023 K). This explains why the intensity of 

ζ-fibre is stronger at lower temperature (Figs. 6.3a and 6.4c) and weaker at higher annealing 

temperature (Figs. 6.3a and 6.4f). TME in Mn-IF steel has been attributed to the formation of TiC 

precipitates [185]. It can therefore be concluded that TiC precipitates played a significant role in 

the TME exhibited by AISI 321 steel. The schematic of pseudo-texture memory and stages of 

martensitic transformation and austenitic reversion during the development of UFG structure is 

shown in Fig. 6.5. 

Fig. 6.5. Schematic of texture memory and stages of martensitic transformation and austenitic 

reversion. Shape and size of grains and particles are exaggerated to show the sequence of UFG 

development  

6.4 Conclusion 

The strong ζ-fibre ({110}<uvw>) observed in the austenite phase of the UFG structure can be 

traced to AISI 321 ASS’s ability to memorize the orientation of the deformed austenite.  
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Chapter 7 

Characterization of Coarse and Ultrafine-Grained Austenitic Stainless Steel Subjected to 

Dynamic Impact Load: XRD, SEM, TEM and EBSD Analyses  

Upon the successful development of ultrafine grain (UFG) structure, it became necessary to 

determine how the dynamic impact responses of AISI 321 austenitic stainless steel has been 

influenced by grain refinement to UFG structures. In this chapter, the results of the investigations 

on the dynamic impact responses of UFG specimens in comparison with those of the as-received 

coarse-grained (CG) AISI 321 austenitic stainless steel are reported. The mechanical test was 

conducted using split Hopkinson pressure bar while transmission electron microscopy (TEM), 

electron backscatters diffraction (EBSD) and x-ray diffraction (XRD) were used in identifying  

deformation and strengthening mechanisms in both coarse- and ultrafine-grained specimens. This 

chapter is published in “Materialia” as follows: 

A. A. Tiamiyu, A. G. Odeshi, and J. A. Szpunar. “Characterization of coarse and ultrafine-grained 

austenitic stainless steel subjected to dynamic impact load: XRD, SEM, TEM and EBSD analyses” 

Materialia, vol. 4, pp. 81-98, 2018. 

My contributions to this paper include review of the relevant literature, design and implementation 

of the experimental procedures, analysis of test results and preparation of the manuscript, which 

was reviewed by my supervisors; Professors Akindele Odeshi and Jerzy Szpunar. Their comments 

were addressed before submission for publication. The information already provided in Chapter 3 

(material and methodology) of this thesis have been removed to avoid repetitions. The copyright 

permission for manuscript reuse was obtained and provided in APPENDIX C. 

Abstract 

A comparative study of the dynamic impact responses of coarse- (37 μm) and ultrafine-grained 

(0.24 μm) AISI 321 austenitic stainless steel was conducted using a split Hopkinson pressure bar 

system. An increase in firing pressure of the system’s projectile results in the corresponding 

increase in impact momentum, strain rate, total strain, and maximum flow stress of the specimens. 

Although ultrafine-grained (UFG) specimens show higher compressive strength, coarse-grained 

(CG) specimens possess higher strain hardenability than the UFG specimens under the same 
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impact loading conditions. UFG specimens exhibit lower critical strain and strain rate at which 

adiabatic shear bands (ASBs) developed when subjected to high strain-rate loading; hence, UFG 

specimens are more susceptible to ASB formation than CG specimens. Using the XRD, SEM, 

TEM and EBSD characterization techniques, the underlying deformation and strengthening 

mechanisms were studied. Slip and twinning are the active deformation mechanisms in CG 

specimens, and they are highly suppressed in UFG specimens due to spatial restriction effect. At 

higher strain rates, CG specimens are only susceptible to the formation of multiple transformed 

shear band (MTSB), while UFG specimens are susceptible to both MTSB and TSB bifurcation. 

Although the mechanism behind the formation of MTSB is not completely clear, bifurcation of 

TSB was geometrically necessary, and the presence of precipitate at the bifurcation point could 

play a major role. EBSD analysis of inside, interface and outside the TSB revealed the 

development of equiaxed ultra-fine grain structure (~0.17 μm in CG and ~0.14 μm in UFG 

specimens) inside the TSB by rotational dynamic recrystallization mechanism.                                                                

Keywords: AISI 321 austenitic stainless steel; SHPB; EBSD; Strain-induced martensitic 

transformation; Adiabatic shear band. 

7.1 Introduction 

Studies on the dynamic impact response of materials under high strain-rate loading conditions have 

received increased interest. This is largely due to the ability of dynamic impact test to simulate the 

behavior of materials under ballistic impact, crash or explosive events. An important mode of 

deformation in materials subjected to dynamic impact load is the formation of adiabatic shear 

bands (ASB), which is a consequence of thermally-assisted shear strain localization. This band is 

a narrow shear zone that eventually becomes preferential sites for dynamic failure/fracture [89,90]. 

Localized shear deformation, for decades, has been of great interest since the pioneering work of 

Zener and Hollomon [91], who ascribed the occurrence of ASB to a competition between strain 

hardening and thermal softening.  

Deformed shear band (DSB) consisting of elongated/distorted grains and transformed shear band 

(TSB) consisting of equiaxed ultrafine grains formed by dynamic recovery or dynamic 

recrystallization are the two types of ASB that develop in impacted specimens. The TSB is a 

metamorphosed DSB upon an increase in strain and/or strain rate [192]. Other possible structural 
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alterations such as phase transformation [105,106], amorphization [107] and carbide fragmentation 

and redistribution [108] have been reported to occur within the TSB. Factors affecting ASB 

formation includes strain and strain rate [192], strain rate sensitivity [193], specimen geometry and 

dimension, presence of local defects [194,195], notches [196], pre-heat treatment [197,198], 

stacking fault energy [199], temperature of deformation and grain size [200]. 

High strain rate deformation and the associated microstructural evolution in different metals have 

enjoyed substantial number of both experimental [35,89,106-108,201-205] and theoretical 

[110,154,206] research investigations. Xue and Gray [201] used transmission electron microscope 

(TEM) to observe equiaxed grain substructures (< 100 nm) that developed by both dynamic 

recovery and recrystallization within ASB in AISI 316L stainless steel. In another study [202], 

sintered AISI 316L steel was subjected to a wide range of strain-rates (10-3 to 7.5 x 103 s-1) using 

MTS 810 Material Testing System and split Hopkinson pressure bar (SHPB) system at low and 

high strain-rate regimes, respectively. The flow stress, rate of work hardening, and strain rate 

sensitivity of the sintered steel were observed to be dependent on strain rate. ASB formation was 

recorded at strain rate above 5.6 x 103 s-1. In the study of the dynamic deformation and failure of 

ultrafine-grained (~120 nm) pure titanium using a SHPB system, Li et al. [203] observed equiaxed 

nanograins (~40 nm) that developed via rotational dynamic recrystallization mechanism within 

ASB. They reported that the developed ASB in the alloy served as the eventual crack initiation 

site and crack propagation path leading to a combination of brittle and ductile fracture [203]. Using 

the electron backscattered diffraction (EBSD) technique, Wang et al. [86] observed ultrafine grains 

(0.1 - 0.3 µm) in the ASB region that developed in an impacted Fe-Cr-Ni austenitic stainless steel. 

The exposure of AISI 304L stainless steel to dynamic shock loading conditions was also studied 

by Meyers et al. [107], who used TEM to reveal two distinct regions within the adiabatic shear 

band. While the first region consisted of refined grains with sizes ranging between 0.1 and 0.2 µm, 

glassy structure (amorphization) was observed in other regions of the band. It was also reported 

that martensitic transformation, stacking faults and twinning occurred outside the ASB region of 

the deformed AISI 304L steel. In a recent high resolution-EBSD study [137], the dynamic impact 

response of Mn-steel confirms both ε (HCP) and αʹ (BCC)-martensitic transformations inside and 

outside the ASB region, which obey the Shoji-Nishiyama and Burger crystallographic relationship, 

respectively, with the parent austenite (FCC) phase.  
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The aim of this study is to investigate the dynamic impact response of AISI 321 steel, an austenitic 

stainless steel that is stabilized with titanium (Ti) to reduce sensitization in elevated-temperature 

applications. AISI 321 steel has an FCC structure with low stacking fault energy [20], and its γ-

austenite phase can transform to martensite during plastic deformation. Due to its corrosion 

resistance [3], AISI 321 finds application in components designed for nuclear power and chemical 

reactors, automobile exhaust systems, aircraft exhaust stacks and exhaust manifolds, pressure 

vessels, mufflers for engines, carburetors, expansion bellows, stack liners, etc. In some of these 

applications, the alloy can be exposed to explosive or impact loading. A major limitation of AISI 

321 stainless steel is its relatively low yield strength. To expand its structural applications to areas 

where low yield strength is a limitation, an ultrafine-grained (UFG) structure was developed from 

the commercial as-received coarse-grained (CG) alloy via thermo-mechanical processing [207]. A 

comparative study of the deformation behavior of the coarse and ultrafine-grained AISI 321 

stainless steel under dynamic impact load is conducted using a SHPB system. The goal is to 

understand the mechanical response and microstructural evolution in this steel under loading 

conditions that simulate explosive or impact loading. X-ray diffraction (XRD), optical and electron 

microscopy (SEM, EBSD, and TEM) techniques were used to investigate the microstructural 

evolution in the steel during high strain-rate deformation. 

7.2 Materials and methodology  

The commercial coarse-grained AISI 321 with a grain size of 37 µm was subjected to cryorollimg 

and subsequent annealing treatments to obtain ultrafine grains, 0.24 µm in size, as discussed in 

Chapter 3, Section 3.1. High strain-rate test using a split Hopkinson pressure bar (SHPB) system 

was conducted on cylindrical test specimens (4mm x 4mm) machined along the rolling direction 

(RD). The compression direction (CD) is parallel to the RD. Both the CG and UFG specimens 

were deformed using projectile’s firing pressures that ranged between 50 and 130 kPa (at 10 kPa 

interval). These generated strain rates between 1300 and 8800 s-1 in the specimens. The dynamic 

impact tests and microstructural analyses using SEM, TEM, EBSD, XRD and Feritscope are 

described in detail in Chapter 3. 
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7.3 Result and discussion 

TEM micrographs of the CG and UFG samples, respectively, before dynamic impact are provided 

in Figs. 7.1a and b. Stacking faults (Fig. 7.1[a1]) and annealing twins can be observed in the CG 

alloy, which are absent in the UFG alloy. The absence of twinning in UFG alloy (Fig. 7.1b) could 

imply that the grain size (0.24 µm) is below the critical grain size at which annealing twin can 

occur in AISI 321 steel. The presence of nanosized (~100 nm) carbide identified as TiC particle 

by the EDS spectra can be observed in Fig. 7.1(a2 and a3). The results of the XRD bulk texture 

measurement (Fig. 7.1c) indicate R-Cube ({001}<110>) as the major crystallographic orientation 

in the CG alloy, with a spread around Goss orientation ({110}<001>). However, the UFG alloy is 

significantly textured around Cube orientation ({001}<100>). Both undeformed CG and UFG 

alloy samples contain less than 10% BCC αʹ and their Vickers hardness values are 186 and 490 

HV, respectively. 

 

 
Fig. 7.1. TEM bright field micrographs of undeformed (a) CG and (b) UFG samples. (c) ODF 45o-

ɸ2 sections from the XRD texture measurement of the undeformed samples. Insets in (a); a1, a2 

and a3, are the stacking fault, TiC particle and EDS spectra of the TiC particle.  

7.3.1 Dynamic mechanical behaviour 

The dynamic engineering stress-strain curves of the CG and UFG specimens deformed using 

various firing pressures (FP) are presented in Fig. 7.2. As FP increases, the impact momentum, 

strain rate (lower in UFG), final deformation strain (lower in UFG) and maximum flow stress 

(higher in UFG) increases, as also summarized in Table 7.1. The stress-strain curves typically 

show two major peaks. The first peak occurs near the yield point after a drop in flow stress. This 

is followed by a steady rise in flow stress that leads to the second peak (i.e., the maximum flow 

stress) at the later stage of the deformation process. The corresponding strain at the maximum flow 
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stress (MFS) is referred to as the instability strain. The ‘rising and falling’ of the stress-strain curve 

is attributed to the competition between strain hardening (rising) and thermal softening (falling) 

which are characteristics of specimens under dynamic loading conditions. Hardening in metastable 

AISI 321 stainless steel has been attributed to multiple strengthening sources during plastic 

deformation [208]. Whereas, thermal softening leading to thermo-mechanical instability and 

eventual loss of load-carrying capability, occurs when the impact energy of projectile converts to 

thermal energy. About 90 % of the kinetic energy of projectile has been estimated to convert to 

thermal energy during high strain rate deformation [75]. It has been reported that a variation in 

stress-strain curves could be related to variation in the microstructural evolution in the material 

during mechanical loading [209]. Therefore, the steepness of the drop in flow stress beyond the 

instability strain, which increases with increasing firing pressure could signal a differing 

microstructural changes in the deforming specimen.  

 Table 7.1. Experimental data sheet from the dynamic impact test of AISI 321 steel specimens. 

FP- Firing pressure, IM- Impact momentum, MFS- Maximum flow stress 

 

 

Grain 

struct

ure 

 
FP, 

kPa 

IM, 

kg.ms-1 

Strain 

rate, 

s-1 

Total 

strain 

MFS, 

MPa 

Type of 

ASB 

ASB 

Bifur

cation 

Deformat

ion time 

(μs) 

Temperature 

inside ASB, 

K 

CG  
50 10 

2600 0.24 790 NO NO 170 - 

UFG  1300 0.12 1490 NO NO 168 - 

CG  
60 14 

4000 0.36 1010 NO NO 167 - 

UFG  2700 0.24 1700 NO NO 158 - 

CG  
70 18 

5400 0.48 1030 NO NO 149 - 

UFG  3800 0.33 1780 DSB NO 148 - 

CG  
80 20 

6400 0.57 1300 DSB NO 145 - 

UFG  5100 0.45 1900 DSB+TSB NO 147 - 

CG  
90 21 

7100 0.63 1430 DSB NO 145 - 

UFG  6100 0.54 2040 TSB  NO 143 985 

CG  
100 23 

7600 0.68 1460 MTSB NO 145 680 

UFG  6700 0.60 2020 TSB NO 143 999 

CG  
110 26 

8200 0.73 1710 MTSB NO 140 688 

UFG  7600 0.67 2180 TSB YES 141 1015 

CG  
120 31 

8700 0.76 1970 MTSB NO 148 696 

UFG  7900 0.70 2400 MTSB YES 143 1021 

CG  
130 36 

8800 0.81 2120 MTSB NO 151 702 

UFG  8400 0.74 2480 MTSB YES 144 1029 
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Fig. 7.2. Dynamic stress-strain curves of deformed CG and UFG specimens. 

The UFG specimens show higher compressive strength than the CG specimens, thereby obeying 

the Hall [210]-Petch [211] relation. However, CG specimens possess higher strain hardenability 

than the UFG specimens. This is corroborated by the plot of hardening diagrams in Fig. 7.3 that 

corresponds to the stress-strain curve in Fig. 7.2. Complete dominance of thermal softening occurs 

at strain where strain hardening rate consistently drops below zero. This is the same as instability 

strain indicated in Fig. 7.2. The instability strain increases with FP/strain rate, and it is higher in 

CG specimen, which suggests a higher strain hardenability in CG specimen. However, at FP above 

100 kPa (or έ ≥ 7600 s-1), the strain hardenability of both CG and UFG becomes relatively 

comparable (Fig. 7.3).  
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Fig. 7.3. Dynamic strain hardening curves of deformed CG and UFG specimens. 

7.3.2 Microstructural characterization of deformed specimens 

Due to the complexities associated with the very short deformation time involved in investigating 

the deformation behavior of materials under dynamic loadings, it is difficult to analyze the 

dynamic deformation process in real-time without a high-speed camera. A viable alternative to 

revealing deformation mechanisms and damage evolution in a material during such rapid and 

massive deformation is to examine the microstructure of the materials after the deformation. This 

is because there is usually a strong correlation between the post-deformation microstructure and 

the deformation process [212]. Hence, highlights of the observed microstructural changes in CG 

and UFG specimens under dynamic impact load are provided in this section. 
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7.3.2.1 Optical microscopic (OM) analysis: Effect of strain rate and grain size on the onset of 

adiabatic shear band  

Optical micrographs showing the onset of adiabatic shear band (DSB and TSB) in CG and UFG 

specimens, respectively are presented in Figs. 7.4 and 7.5. These bands form a conical shape in 

the specimen. When observed on the compression plane in contact with the transmitter bar, the 

bands are observed to be circular. The circular shape of the shear band on the compression plane 

might be due to the cylindrical shape of the test samples [193]. Systematic observation of the 

deformed specimens showed that there’s a critical FP or strain rate at which DSB and TSB forms. 

Strain rate at which TSBs formed is higher than that of DSBs, which affirm that TSB is a 

metamorphosed DSB at high strain rates [192]. However, grain size plays a significant role in the 

onset and type of ASB that formed in the AISI 321 steel. Both DSB and TSB first formed at higher 

strain and strain rate in CG specimen (Fig. 7.4) than in the UFG specimen (Fig. 7.5a-d) as presented 

in Table 7.1. For instance, the strain and strain rate at which DSB is formed in CG specimen are 

0.57 and 6400 s-1 (FP = 80 kPa), respectively, compared to 0.33 and 3800 s-1 (FP = 70 kPa) for 

UFG specimen. These critical conditions for the onset of DSB accurately correspond to the same 

conditions (in CG and UFG, respectively) at which the drop in flow stress beyond the MFS first 

becomes steeper (Fig. 7.2). Thus, the susceptibility of metals to adiabatic shear banding can be 

predicted from the stress-strain curves [213].  

Similarly, the strain and strain rate at which TSB formed in the CG specimen is 0.68 and 7600 s-1 

(FP = 100 kPa), respectively, compared to 0.45 and 5100 s-1 (FP = 80 kPa) for the UFG specimen. 

This implies that UFG samples, which are characterized by lower strain and strain hardening rate 

(favourable factors for shear strain localisation [214]) as described in Section 7.3.1, are more 

susceptible to ASB formation than CG samples. At higher FP/strain rate, the formation of multiple 

TSB (MTSB) and bifurcation of TSB is observed. While multiple TSBs were observed in the CG 

specimen (Fig. 7.4c and d), TSB bifurcation was observed in addition to MTSB in UFG specimen 

(Fig. 7.5e-h) as summarized in Table 7.1. Although grain size, strain and strain rate played key 

roles in the evolution of these band type, the mechanism of their formation is not well understood. 

In the study of the adiabatic shear failure of AA 2024 aluminum alloy deformed at high strain rate 

using the SHPB system, temper condition and strain rate were reported to influence the 

susceptibility of the alloy to the formation of both MTSB and TSB bifurcation [198]. As a result 
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of the development of ASB near the circumference of the impacted cylindrical specimens, it is 

expected that the microstructure at the centre of the specimen will differ from that in the region of 

shear strain localization. 

 
Fig. 7.4. Optical micrographs showing the onset of ASB in deformed CG specimens. 
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Fig. 7.5. Optical micrographs showing the onset of ASB in deformed UFG specimens. 
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7.3.2.2 XRD, EBSD and TEM analyses at the specimens’ centre 

7.3.2.2.1 XRD analysis (macrotexture and phase identification) and Hardness profile 

The result of the X-ray diffraction measurements (Fig. 7.6) shows evidence of strain-induced 

martensitic phase transformation as indicated by the appearance of αʹ-martensite peaks at two 2θ 

positions [(110)αʹ and (200)αʹ]. This phenomenon is termed transformation-induced plasticity 

(TRIP) effect. It is observed that the stability of the austenite phase is lower in impacted UFG 

specimens (Fig. 7.6b) than in the CG specimens (Fig. 7.6a). It can be observed from the diffraction 

patterns for both CG and UFG specimens that the αʹ peaks initially increases as the firing pressure 

increases. At a critical FP, the intensity of αʹ peaks starts to decrease with further increase in FP. 

This trend was also confirmed during the quantitative measurement of αʹ-martensite using 

Feristcope. Although the martensitic phase transformation is more suppressed in the CG specimens 

(Fig. 7.7), the volume of αʹ in both CG and UFG specimens increased to ~10 (at FP = 70 kPa) and 

~43 % (at FP = 80 kPa), respectively. Beyond these critical firing pressures, the volume percent 

of αʹ-martensite decreased with increase in strain rate. The drop in the volume percent of αʹ at 

higher FP/strain rate may be due to the temperature rise in the material as impact energy was 

converted the heat energy.  

 

 

Fig. 7.6. X-ray diffraction patterns showing the trend of phase transformation in deformed (a) 

CG and (b) UFG specimens. 
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Fig. 7.7. Strain rate, volume percent of αʹ-martensite and Vickers hardness at region outside the 

ASB as a function of firing pressure for (a) CG and (b) UFG specimens. 

  

These findings are consistent with those of Hecker et al. [215] who reported the ease of αʹ-

martensite formation in AISI 304 stainless steel under low-strain dynamic loading, but their (αʹ) 

suppression during high-strain dynamic loading due to adiabatic heating. There are two possible 

reasons for the ‘rise and fall’ (Fig. 7.7) of the final volume fraction of αʹ-martensite in a dynamic 

impacted metastable stainless steel. The first possibility is that the temperature rise suppressed 

strain-induced martensitic phase transformation during the deformation process. Alternatively, it 

is also possible that a higher percentage of martensite was originally formed at an early stage of 

deformation, and some were reversed back to austenite due to temperature rise in the material 

before deformation was completed. Because the formation of strain-induced martensite during 

deformation (TRIP effect) improves materials’ strength [216], it is thought that a drop in volume 

fraction of martensite should be accompanied by a corresponding drop in strength or hardness. 

This is not the case, as the hardness values (and yield stress/MFS) of the impacted specimens 

increased with an increase in firing pressure/strain rate (Fig. 7.7). The increase in hardness beyond 

the FP at which the volume percent of αʹ drops suggest other plausible strengthening sources in 

the AISI 321 stainless steel which will be discussed later in this article.  

The results of macrotexture analysis using XRD (Fig. 7.8) indicate the volume percent of [100], 

[110] and [111]||CD fibres as a function of the firing pressure. Although a higher volume percent 

of [110]||CD fibre is recorded in coarse-grained specimens, however, the stable end-orientation of 

the γ-austenite phase is [110]||CD fibre at the expense of [100] and [111]||CD fibres irrespective 

of the grain size. This agrees well with the earlier reported end-orientation in compressed FCC 
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metals [142]. The strengthening of [111]||CD texture in the CG specimens at higher firing pressures 

coincides with the slight drop in [110]||CD texture (Fig. 7.8a). This is not noticeable in UFG 

specimens, and it may be due to different active deformation mechanism(s) in the CG and UFG 

specimens. 

 

Fig. 7.8. Volume percent of selected fibre texture of the γ-austenite phase as a function of firing 

pressure: (a) CG and (b) UFG specimens. 

7.3.2.2.2 EBSD analysis  

The result of the microtexture (EBSD) analysis of the CG (Figs. 7.9-7.11) and UFG (Fig. 7.12) 

specimens deformed at FPs of 60 and 80 kPa are highlighted in this section.  

Coarse-grained structure 

For CG specimen deformed at 60 kPa (Fig. 7.9a-d), the band contrast map (low image quality) 

shows a signature of strained region while the phase map shows a significantly low area fraction 

of the BCC phase as also observed in Fig. 7.7a. The IPF map in Fig. 7.9c confirms [110]||CD 

texture as the predominant crystallographic orientation. A notable observation is the orientation 

interplay mainly between [110]||CD-green color and [111]||CD-blue color within an austenite 

grain. This indicates gradual lattice rotation and slip as the dominant plastic deformation 

mechanism. It is therefore suggested that the slight drop and increase in the volume percent of 

[110]||CD and [111]||CD textures, respectively, at higher FP (Fig. 7.8a) may be due to intense and 

dominant slip deformation mechanism. Dominant slip mechanism in CG specimen is also 

supported by the high KAM value (>1.0o), which was recorded in the largely austenitic phase in 

Fig. 7.9d. High KAM value is a signature of large stored energy and plastic deformation by slip.  
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Fig. 7.9. EBSD maps of CG specimens deformed at FP of (a-d) 60 and (e-h) 80 kPa. 

The high magnification and low step size scan of the marked region in Fig. 7.9a-d is presented in 

Fig. 7.10. BCC αʹ-martensite with mainly [100]||CD texture (few with spread near [111]||CD 

texture) were observed to nucleate at grain boundaries with higher KAM values or defects (circled 

region). In two separate studies [50,217], the nucleation of martensite embryo at grain boundaries 

that are characterized by dislocation pile-ups has been reported. Other αʹ-martensite nucleation 

sites observed in Fig. 7.10 (arrowed regions) includes dislocation bands (region of higher KAM) 

and {110} austenite twin plane. Localized dislocation bands and twinned austenite grains were 

also reported in Refs. [218] and [219], respectively, as favorable nucleation sites for martensitic 

transformation in steels. In Fig. 7.10a, the presence (circled region) and absence (arrowed) of HCP 

ε-martensite are observed, which can suggest the sequence of γ - αʹ transformation (either γ → αʹ 

or γ → ɛ → αʹ) during impact. Using the XRD, SEM and TEM techniques, Grassel et al. [220] 

studied the effect of aluminum (Al) and silicon (Si) contents on the martensitic phase 

transformation in an austenitic Mn-steel under both tensile and compressive loads. They observed 

the suppression of γ → ɛ phase transformation as the Al fraction increases. Meanwhile, the increase 

in the fraction of Si promotes γ → ɛ transformation. While overlapping stacking faults are widely 

accepted as the origin of the ɛ-phase in steels [145], parameters such as the state of stress, 

temperature, chemical composition, SFE, and deformation rate have been reported to influence the 

amount of ɛ and αʹ–martensite that form [6,19].  

Although the area fraction of the HCP ε-martensite is very low (justifying the absence of ε-peak 

on the X-ray diffraction patterns in Fig. 7.6), their presence in the circled region in Fig. 7.10a could 

imply a possible FCC γ-austenite → HCP ɛ-martensite → BCC αʹ-martensite transformation path 
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during plastic deformation. This path has also been reported for AISI 304 austenitic stainless steel 

[19]. Similarly, two inferences could be drawn from the absence of ε-martensite in the arrowed 

 

 
Fig. 7.10. (a-d) EBSD maps of the marked region in Fig. 7.9(a-d). (e and f) are the {111}γ, {0001}ɛ 

and {110}αʹ pole figures showing existing Shoji-Nishiyama, Kurdjumov-Sachs  and Burgers’ 

orientation relationships between the γ & ɛ, γ & αʹ and ɛ & αʹ phases, respectively, in regions (e) 

1 and (f) 2 on Fig. 7.10a. 

regions (Fig. 7.10a). The first could be that a γ → ɛ → αʹ is already completed. The second 

explanation could be that ɛ phase is completely suppressed or by-passed, thereby favoring the 

direct γ → αʹ transformation sequence. The singular transformation path (γ → αʹ) has also been 
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reported in AISI 301L [221] austenitic stainless steels. Therefore, the co-existence of 

transformation paths with and without the ɛ-phase is possible in AISI 321 steel as also observed 

during the plastic deformation of austenitic Mn-steel [222] and duplex stainless steel [223]. This 

aformentioned observation is further confirmed by analyzing the rectangular regions 1 and  2 in 

Fig. 7.10a for possible orientation relationships that may exist between the γ, ɛ and αʹ phases. The 

{111}γ, {0001}ɛ and {110}αʹ pole figures of region 1 (Fig. 7.10e) confirms the existence of Shoji-

Nishiyama (S-N) {111}γ||{0001}ɛ, Kurdjumov-Sachs (K-S) {111}γ||{110}αʹ and Burgers (B) 

{0001}ɛ||{110}αʹ orientation relationships between the γ & ɛ, γ & αʹ and ɛ & αʹ phases, respectively. 

The γ → ɛ → αʹ transformation path is therefore, a good possibility. Similarly, Fig. 7.10f confirms 

the feasibility of γ → αʹ transformation path by the K-S orientation relationship that exists between 

γ and αʹ phases.  

Figure 7.10c also shows the development of deformation twinning; a phenomenon termed 

twinning-induced plasticity (TWIP) effect. Among several proposed mechanisms, the 

development of deformation twins is generally a process that proceeds via a dislocation mechanism 

[224]. Both critical dislocation density and stress concentration at grain boundaries [225] were 

reported to be required for initiation of deformation twin. Hence, KAM value as high as 2.4o (Fig. 

7.9d) can promote TWIP effect in AISI 321 steel. The extent of twinning in AISI 321 ASS 

subjected to high impact load can be explained using the expression (Eqn. 2.9) for the critical stress 

required for mechanical twinning. Because an increase in temperature of metal of fixed 

composition would increase the SFE, temperature rise due to adiabatic heating during high strain 

rate deformation is sufficient to increase the SFE of the deformed metal [146]. This should in-turn 

suppress mechanical twinning. It is therefore expected that similar to TRIP effect, TWIP effect is 

also suppressed by the temperature rise in the specimen during high strain rate deformation. The 

suppression of both twinning and martensitic transformation due to an increase in  SFE of an 

austenitic phase has also been reported [50]. However, the comparison of Fig. 7.10a and c show 

more stability of TWIP effect in deformed CG specimen than the TRIP effect. A larger fraction of 

deformation twin reduces dislocation mean free path. This results in high strain hardening (Fig. 

7.3) in CG specimens since twins are strong obstacles to dislocation glides, even in specimens 

deformed at higher strain rates [83].  
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The residual strain in the austenite matrix of the CG specimen deformed at FP of 80 kPa (Fig. 7.9e-

h) is higher than those of the specimens deformed using FP of 60 kPa (Fig. 7.9a-d). This is 

indicated by the lower image quality in the band contrast map and increased KAM value to 2.7o 

for the specimen deformed at 80 kPa. Whereas the phase color map in Fig. 7.9f shows more 

suppressed martesitic phase transformation, the area fraction of [110]||CD texture increased in  

 
Fig. 7.11. EBSD maps of the marked region in Fig. 7.9(e-h). 

agreement with the XRD texture result in Fig. 7.8a. The high magnification and low step size scan 

of the marked region in Fig. 7.9e-h are presented in Fig. 7.11. Very low fraction of BCC αʹ-

martensite (arrowed) is observed to nucleate from the grain boundaries. Hence, the TRIP’s 

contribution to strain-hardening will be significantly low. Recall, that the increase in FP from 60 

to 80 kPa resulted in an increase in strain rate and an increase in temperature rise within the 

specimen. It is, therefore, possible that the absence of HCP ɛ-martensite in Fig. 7.11a translates to 

the rapid completion of γ → ɛ → αʹ or the complete suppression of ɛ-martensite in the 

transformation sequence.  



138 

 

On twin development, the area fraction of {110} twin plane in Fig. 7.11b and c increases (in 

comparison with the specimen impacted at an FP of 60 kPa) despite higher temperature rise that 

is expected to suppress TWIP effect. Figures 7.11c and d show that twins nucleate at the grain 

boundaries and twin bands are surrounded by higher KAM value; an indication that twin is an 

effective barrier to dislocation glide. On a grain scale, the higher KAM value suggests slip (in 

addition to twinning) as a dominant deformation mechanism in AISI 321 stainless steel; hence, 

contributing significantly to strain-hardening in CG specimens. 

Ultrafine-grained grained structure 

The very major strengthening source in UFG specimen is via the grain boundary strengthening. 

On exposure to an external load, dislocations in polycrystalline material move within the grain. At 

a certain point, the mobile dislocations are hindered by the grain boundaries. Dislocation pileups 

start as more dislocations propagate towards these boundaries; hence, leading to repulsive stress 

fields. The smaller the grain size, the lower the stress at the tip of the pile-up; therefore, requiring 

larger applied stress to move dislocations across grain boundaries [226]. This culminates in 

improved mechanical properties of the UFG specimens as can be observed in Fig. 7.2. 

Kocks [227] proposed a composite model of a polycrystal on the evidence that the grain boundary 

region deforms differently than the grain interior. The author argued that a rule-of-mixture based 

on an averaging procedure as expressed in Eqn. 7.1 should be used to obtain the yield strength (σy) 

of a polycrystal. 

σy =  σIAI +  σGBAGB                                                            …7.1 

where σI and σGB are the flow stresses of a grain interior and a hard grain boundary region of 

constant width, respectively, AI and AGB are the area fractions of grain interior and grain boundary 

region. This implies that as the grain size of the polycrystal decreases, the AGB for the constant 

width grain boundary region increases (as AI → 0), resulting in an increase in the yield strength of 

the polycrystal since σGB > σI. This further justifies the high dynamic mechanical strength recorded 

in UFG specimen.  

On the dynamic impact response of UFG specimens, no twinning (TWIP effect) was observed in 

the UFG structure deformed at a firing pressure of 60 kPa. Hence, for brevity, only the phase, IPF 
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and KAM maps are presented in Fig. 7.12a-e. The absence of deformation twin (i.e. suppression 

of TWIP effect) in UFG specimen is further discussed and verified using the TEM technique in 

the subsequent subsection. It, therefore, suggests that the twinning stress, i.e. stress required to 

develop deformation twinning in UFG structure is high compared to those of the CG structure. A 

study on the effect of grain refinement on deformation twinning in a high Mn austenitic TWIP 

steel under tensile load was conducted by Ueji et al. [80]. The authors observed that the evolution 

of deformation twinning becomes more difficult as the grain size decreases to a certain scale. In a 

finite element simulation of AISI 304 ASS under uniaxial tension, twinning activation and 

suppression were observed in coarse and ultrafine-grained structures, respectively [81]; reduced 

distance between the obstacles that suppresses twin growth was attributed to twinning suppression 

in the UFG structure.  

 

 

Fig. 7.12. EBSD maps of UFG specimens deformed at FP of (a-e) 60 and (f-j) 80 kPa. 

However, the phase map in Fig. 7.12a shows the development of UFG strain-induced martensite 

(TRIP effect). A notable observation is the absence of ɛ-martensite in Fig. 7.12a; implying that 

only the FCC γ-austenite → BCC αʹ-martensite transformation path occurs in UFG specimen. 

Hence, grain size and temperature rise due to adiabatic heating (deformation mode) could also play 

a major role in strain-induced martensitic phase transformation path. Although the area fraction of 

[110]||CD texture in the deformed UFG austenite is slightly higher (Fig. 7.12b), it is not as 

significantly textured around [110]||CD in comparison with those observed in the deformed CG 

specimens (Fig. 7.9c); an agreement with the macrotexture results in Fig. 7.8. Similarly, the IPF 

map of the UFG strain-induced martensite (Fig. 7.12c) is of a single variant. The KAM values of 

the FCC (Fig. 7.12d) and BCC (Fig. 7.12e) grains are very low compared to those of CG specimen 

(Fig. 7.9d). This implies low dislocation density and less of slip activity in the UFG specimen. 
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Therefore, on the basis that deformation twins proceed via a dislocation mechanism such that both 

critical dislocation density and stress concentration are key requirements for its evolution, low 

KAM in UFG specimens justifies suppression of deformation twin.  

An increase in FP to 80 kPa shows an increase in the area fractions of UFG αʹ-martensite, 

[110]||CD texture and KAM value (Fig. 7.12f-j). The UFG αʹ-martensite are mainly textured 

around [100]||CD with fairly equiaxed structure. Owing to the low slip activity due to low KAM 

(in comparison with that of the CG specimen in Fig. 7.9h) and absence of twinning in UFG 

specimen, it is expected that the other major strain-hardening source is the substantial increased 

fraction of UFG BCC αʹ-martensite (pronounced TRIP effect). Hence, the composite model in 

Eqn. 7.1 can be re-written to obtain Eqn. 7.2. This is to account for the stress contribution from αʹ-

grains as in the case of AISI 321 steel that undergoes a deformation-induced martensitic 

transformation during plastic deformation.  

σy =  (σIAI +  σGBAGB)γ + (σIAI + σGBAGB)αʹ                               …7.2 

Under external load, αʹ-martensite can withstand a higher stress than the γ-austenite; this makes 

αʹ-martensite act as a more effective reinforcing phase than the γ-austenite phase [228]. Hence, 

σI and σGB of martensitic grains are higher than those of the austenite.  

7.3.2.2.3. TEM analysis  

This is a complimentary post-mortem analysis that verifies the results of the XRD and EBSD 

analyses and gives more information on the strengthening sources in the deformed specimens. The 

TEM bright field micrographs of the CG and UFG specimens deformed at 90 kPa are presented in 

Fig. 7.13. The micrographs of the CG specimen in Fig. 7.13a and b show multiple strengthening 

sources that justify higher strain hardening rate in CG specimens than those of the UFG specimens. 

Twin intersection and their effective barrier to dislocation glide are observed in Fig. 7.13a; as pile-

ups of dislocations are noticeable at the intersection of the twins and around them. A plausible 

source of strengthening during high strain rate deformation is from the TiC-dislocation interaction. 

The inset in Fig. 7.13a shows an in-grain nano-sized TiC precipitate acting as a barrier to an on-

coming dislocation forest. Elsewhere [149], intragranular TiCs have been reported to contribute to 

the strain hardening capability of AISI 321 ASS by serving as effective barriers to dislocation 

motion [149]. Other strengthening sources in the CG specimen could be from dislocation-
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dislocation interaction and dislocation multiplication during slip activity. This is confirmed by the 

presence of high dislocation-forming networks observed in Fig. 7.13a. Fig. 7.13b shows a dense 

dislocation pile-up at the grain boundary and nucleation of nano-twin around it. This validates the 

earlier observation (by EBSD technique) on the nucleation of twins at the grain boundary of high 

KAM value in Fig. 7.11.  

The absence of deformation twin was confirmed in the TEM micrographs of the UFG grain 

specimen (Fig. 7.11c). Only the martensitic phase (TRIP effect) with moderate dislocation density 

was noticeable under TEM; an agreement with the EBSD results in Fig. 7.12. Hence, the higher 

strain hardening rate in CG specimens than those of UFG specimens in Figs. 7.2 and 7.3 are 

because of the combined contribution of TWIP effect (twinning, twin intersection and their 

interaction with dislocations), slip (dislocation multiplication and dislocation-dislocation 

interactions) and carbide precipitation (carbide interaction with dislocation) in CG specimen. 

Although grain boundary strengthening and TRIP effect contribute to strengthening, their 

contribution to strain-hardening is minimal in CG specimens but more effective in UFG 

specimens. 

 

 
Fig. 7.13. TEM bright field micrographs of (a and b) CG and (c) UFG specimens deformed at 90 

kPa. Inset in (a) is dense dislocation pile-up around a TiC particle. 

7.3.2.3 EBSD investigation of the ASB region 

It will be recalled from section 7.3.2.1 (OM analysis) that at higher FP/strain rate, CG specimen is 

only susceptible to the formation of MTSB while UFG specimen is susceptible to both MTSB and 

TSB bifurcation. This section, therefore, reports the possible mechanism of microstructural 

evolution inside the ASB (Figs. 7.14 a-d and 7.15). Furthermore, the mechanism of MTSB (Fig.  



142 

 

 

Fig. 7.14. EBSD maps showing the development of multiple transformed shear band (MTSB) in 

CG specimen deformed at a FP of 110 kPa. 
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7.14) and bifurcated TSB (Figs. 7.16 and 7.17) formation are discussed. For brevity, and on the 

assumption that the mechanism of MTSB formation is the same in AISI 321 irrespective of grain 

size, only the characterization of the MTSB in CG specimen is discussed. 

7.3.2.3.1 Dynamic recrystallization mechanism and temperature rise inside TSB 

The IPF map in Fig 14a shows inhomogeneous texture distribution across the compression plane; 

the dominant crystallographic orientation of the austenite grains changes from the [110]||CD fibre 

at the specimen centre to [111]||CD fibre towards the edge of the cylindrical specimen). 

Meanwhile, the band contrast map (Fig. 7.14a) shows shear strain localized regions of lower image 

quality. In agreement with earlier observation in Figs. 7.9-7.11, Fig. 7.14b, confirm a very low 

fraction of αʹ-martensite nucleated at the high dislocation density grain boundary (indicated by 

white arrows in the phase map), and pronounced slip (IPF and KAM maps) and twinning (BC/twin 

map) mechanisms in the region outside the transformed shear band. On approaching the MTSB 1, 

a clear mixture of ultrafine grains and lamellar grains (with twin boundaries) that are elongated 

along the shear direction are observed in the interface region (Fig. 7.14c). The microstructural 

feature in this region gives vital information on the mechanism of ASB formation. The equiaxed 

grains with near weak texture are thought to have their origin closely associated with the nearly 

[110]||CD oriented lamellar grains in the IPF map of Fig. 7.14c. This is confirmed in the KAM 

map by the presence of higher KAM network (dislocation cells) within the lamellar grains.  

With an increase in deformation, the lamellar grain breaks up to minimize interfacial energy 

leading to the development of equiaxed subgrains. The coexistence of some near weak-textured 

ultrafine grains and subgrains within lamellar boundaries in Fig. 7.14c suggests that the interface 

between the inside and outside ASB region underwent dynamic recovery [109]. Ahead of the 

dynamic recovery front (interface) is the presence of UFG grain structure within the TSB (Fig. 

7.14d). A comparison of the IPF maps in Fig. 7.14 c (interface) and d (MTSB 1) shows a stronger 

texture of [110]||CD oriented UFG grains in the MTSB 1 than the interface. This suggests a further 

rotation of the ultrafine subgrain to accommodate further imposed strain leading to the 

development of ultrafine grain (~0.17 μm in size) in the TSB region. This mechanism of ultrafine 

grain development in the TSB region in this study is in agreement with the rotational dynamic 

recrystallization (RDRX) mechanism proposed by Nesterenko et al. [112]. RDRX mechanism 

occurs concurrently during plastic deformation, and it is one of the most accepted mechanisms to 
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explain ultrafine grain structure inside TSB. The other mechanism, migrational dynamic 

recrystallization (MDRX), as classified by Derby [111], cannot explain the ultrafine grain structure 

observed in ASB. This is because MDRX is governed by diffusion and recrystallized grains 

develop by nucleation and growth. The time for ASB formation (Table 7.1) is too short for the 

required diffusion process to occur. It is expected that the proposed RDRX mechanism for the 

development of UFG structure in CG specimen (Fig 7.14) holds for those developed in UFG 

specimens, although some stages of the mechanism may be hastened or retarded due to the size of 

the grain. 

According to the RDRX mechanism, fragmented subgrains as observed in Fig. 7.14c should make 

about ~30o rotation to form the final recrystallized grains in Fig. 7.14d. The required time, t, for 

the rotation process can be estimated using [107]: 

𝑡 =
𝐿1𝑘𝑇𝑓(𝜃)

4𝛿𝜂𝐷𝑜𝑏exp (−𝑄𝑏/𝑅𝑇)
                                   …7.3 

where L1 is the average size of the fragmented subgrains; δ is the grain boundary thickness; η is 

the grain boundary energy; Dob is a constant related to grain boundary diffusion, Qb represents the 

activation energy of the grain boundary diffusion. θ is the degree of grain rotation and f(θ) is 

expressed as: 

𝑓(𝜃) =
3𝑡𝑎𝑛(𝜃)−2cos (𝜃)

3−6 sin(𝜃)
−

4√3
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𝑙𝑛
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+

2

3
                                                    …7.4 

 
Fig. 7.15. Angle of rotation of subgrain boundaries as a function of time for: (a) different 

temperatures for L1 = 0.05 μm `and (b) different grains size at 0.55Tm. 
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For AISI 304 stainless steel, k = 1.38 x10-23 JK-1, δ = 0.5 nm, η = 0.625 Jm-2, δDob = 2.0×10−13 

m3s-1, Qb = 167 KJmol-1 and R = 8.314 J(K.mol)-1 [229]. AISI 321 is a derivative of AISI 304 and 

hence, these values are acceptable parameters that can be used in this study. With ~1673 K as the 

melting temperature (Tm) of AISI 321 stainless steel, the kinetic curve that predicts the RDRX 

mechanism within the ASB are constructed using Eqns. 7.3 and 7.4, and presented in Fig.15. The 

homologous temperature (T/Tm) within the ASB was varied from 0.45 to 0.60 at a fixed subgrain 

size of 0.05 μm in Fig. 7.15a. Similarly, the subgrain size was varied from 0.05 to 0.5 μm at a fixed 

T/Tm of 0.55 (Fig. 7.15b). At both instances, the rate of rotation decreases with the increasing angle 

and asymptotically approaches 30° as t→∞. The deformation time as presented in Table 7.1 is 

~145 μs at the higher firing pressures (FP), where ASBs are formed. Therefore, the calculations 

accurately predict the rotation of the subgrain boundaries (within the deformation time of 145 μs) 

at a temperature of 0.5Tm and above, for subgrain size of 0.05 μm (Fig. 7.15a). From Fig. 7.15b, 

it can be concluded that subgrain sizes in the range 0.05 to 0.5 μm can form via RDRX mechanisms 

at T/Tm of 0.55. Hence, the higher the temperature inside ASB and the smaller the subgrain size, 

the lower the time required for subgrain rotation.  

If an adiabatic condition is assumed, the temperature inside the ASB of the investigated steel can 

be estimated by the integration of Eqn. 7.5 and substituting the Zerilli-Armstrong constitutive 

equation (Eqn. 7.6) for 𝜎: 

𝑑𝑇 = (
β 

ρ .Cv 
)𝜎𝑑ɛ                             …7.5 

where T and 𝜎 are the temperature and flow stress, 𝛽 (0.9 assumed) is the fraction of plastic work 

that is converted into heat and it is referred to as the Taylor-Quinney parameter, Cv and ρ are the 

specific heat capacity (475 J/kg-oC) and density (7920 kg/m3) of AISI 321 stainless steel.  

𝜎 = 𝐶𝑜 + 𝐾1𝑑−1/2 + 𝐶2ɛ𝐶𝑛exp (−𝐶3𝑇 + 𝐶4𝑇𝑙𝑛έ)                  …7.6 

where Co, C2, C3, C4, Cn and K1 are -76.9 MPa, 2340 MPa, 0.0016 K-1, 0.00008 K-1, 0.36 and 0.75 

MNm1/2 [107]. The result (Table 7.1) shows that temperature inside the ASB is higher in UFG 

specimens than those of the CG specimens; hence, promoting the earlier formation of ASB in the 

former as observed in Figs. 7.4 and 7.5. 
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Whether thermal softening or DRX-induced softening is the potential trigger for the ASB initiation 

has remained a subject of debate amount different researchers. Meanwhile, both thermal softening 

and DRX are expected to play a role in ASB initiation. On their respective role, Longere [230] 

observed that ASB initiation is controlled by thermal softening when the onset of DRX is late. 

Alternatively, DRX softening mainly control ASB initiation when the onset of DRX is early. Based 

on the experimental findings in the current study, it can be safely proposed that thermal softening 

(and not DRX softening) played a major role in the initiation of ASB in AISI 321 stainless steel. 

This is because the temperature rise that results in thermal softening increases with FP/strain rate 

and no DRX was observed at lower FP/strain rate (Figs. 7.9-7.13). DRX was only observed at a 

higher FP/strain rate. 

7.3.2.3.2 Multiple and Bifurcated adiabatic shear band 

Only the formation of MTSB and TSB bifurcation in specimen deformed using an explosive 

testing technique has been extensively studied so far. This technique uses thick-walled hollw 

cylindrical specimens rather than the solid cylindrical specimens conventionally used in the SHPB 

technique [112]. The explosive testing induces multiple and bifurcated shear bands in the thick-

walled cylinder specimens in which features of self-organization and spacing of bands were of 

major interest as investigated in AISI 304L stainless steel [231] and other alloys [232-236]. In the 

current study, multiple and bifurcated adiabatic shear bands developed in solid cylindrical 

specimens that were rapidly deformed using the SHPB system.  

The EBSD maps showing the overview of the developed MTSB in CG specimen are presented in 

Fig. 7.14a. The maps with higher magnifications and lower step size scan of the first TSB, MTSB 

1 (closer to specimen interior), and the second, MTSB 2 (closer to specimen edge) are presented 

in Fig. 7.14d and e, respectively. The spacing between these bands is ~200 μm and ~100 μm in 

CG (Figs. 7.4d and 7.14a) and UFG (Fig. 7.5h) specimens, respectively. This confirms the role of 

grain size on ASB spacing, which has been earlier reported to decrease with increasing strain rate 

[237]. The mechanism of formation of MTSB is not completely clear; although different 

mechanical and physical properties of materials could result in different adiabatic shearing energy 

barrier (i.e. energy required to nucleate and propagate of ASB) that promotes multiple ASBs [236]. 

Liu et al. [238] experimentally and numerically determined the response of Ti-6Al-4V alloy to 

impact from a 12.7-mm armor-piercing projectile. They observed that the periodic loading–
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unloading cycle of hydrostatic pressure of the target elements leads to the formation of multiple 

periodic ASBs. During multiple bands formation, Zhou et al. [237] also suggest that bands adjust 

their spacing for the fastest localization that results in the least energy dissipation.  

It is very important to know which TSB in Fig. 7.14a formed first. This may clarify the direction 

of the “loading–unloading cycle” that leads to the formation of MTSB. For instance, if MTSB 1 is 

first formed, it implies the direction of loading–unloading cycle is to the right of Fig. 7.14a 

(towards specimen edge), and vice-versa if MTSB 2 formed first. The quantitative summary of the 

salient microstructural characteristics (estimated from larger EBSD scan area than those presented) 

of the MTSB 1 and 2 are shown in Table 7.2. Although the size of DRXed UFG in MTSB 1 (~0.17 

μm) is smaller than that in MTSB 2 (~0.21 μm), both MTSBs show the absence of twinning as 

observed in the band contrast/twin maps in Fig. 7.14d and e. The IPF maps and triangles show that 

the DRXed UFG are more textured around [110]||CD in MTSB 1 (Fig. 7.14d) than MTSB 2 (Fig. 

7.14e), suggesting that more DRXed UFGs in the later rotated than in the former. The IPF maps 

also indicate that DRXed UFGs in MTSB 2 have well-defined high angle grain boundaries (i.e. 

complete RDRX) while those of MTSB 1 are signature of the penultimate stage (subgrain structure 

with not well-defined boundaries) of the RDRX phenomenon described in section 7.3.2.3.1. 

Although the LAM values of both MTSBs (Table 7.1) are characteristics of DRXed grains, MTSB 

1 in addition to the lower recrystallized fraction of UFG grains, has higher LAM value than that 

of MTSB 2. On the strength of these observations, it can be concluded that MTSB 2 first developed 

since it possesses features of DRXed UFGs that underwent a complete rotational dynamic 

recrystallization. Hence, the direction of “loading–unloading cycle” is to the left of Fig. 7.14a 

(towards specimen centre). 

The EBSD maps showing the overview of the developed bifurcated TSB in UFG specimen are 

shown in Fig. 7.16a. Figure 7.16b shows high area fraction of mainly [100]||CD-oriented αʹ-

martensite outside the TSB, which is in agreement with the volume fraction estimated using 

Feritscope (Fig. 7.7b). The ‘mother’ TSB was observed to split at a bifurcation point into two 

‘child’ bands (Child 1 and 2). Higher magnification and lower step size scan of these regions are 

presented in Fig. 7.16c-f, respectively. From the mother band to the bifurcation point and 

subsequently to the two-child bands, there is no specific pattern in the microstructural 

characteristics other than a slightly larger grain size in child 2 TSB (0.15 μm) than other regions  
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Fig. 7.16. EBSD maps showing bifurcation of transformed shear band in UFG specimen deformed 

at a FP of 110 kPa. 
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Table 7.2. Quantitative summary of the salient microstructural characteristics in MTSBs 1 and 2 

formed in CG specimen (Fig. 7.14). 

 

 Table 7.3. Quantitative summary of the salient microstructural characteristics in bifurcated TSB 

formed in UFG specimen (Fig. 7.16). 

(0.14 μm) as summarized in Table 7.3. This implies that the UFG specimens are further refined 

inside the TSB by rotational dynamic recrystallization described in section 7.3.2.3.1. Although 

ASB developed earlier in impacted UFG specimens than in CG specimens, the extent of grain 

refinement in the TSB of the UFG specimens is lower largely due to the spatial restriction effect 

(very small size of grains), i.e., the size of grains in the UFG specimen did not permit enough 

accumulation of random, but yet homogeneously distributed dislocations. Hence, subsequent re-

arrangement to elongated dislocation cells that produce the subgrains are minimized. This is 

further validated by observing the higher grain size ratio (Gr) in UFG specimens (Table 7.3) than 

in CG specimens (Table 7.2). Grain size ratio (Gr) is defined by; 

Gr = 
Gasb

Gi
              …7.7 

where Gasb and Gi are grain sizes inside the adiabatic shear band and in the initial microstructure 

before impact, respectively. The lower the Gr, the more the occurrence of an extensive grain 

refinement within the ASB and vice-versa. 

The mechanism of the TSB bifurcation in UFG specimens is not well understood. However, 

bifurcation of TSB is reported to be geometrically necessary during the explosive testing of thick-

walled cylindrical Ti alloy specimen [232]. This geometrically-necessary bifurcation was 

attributed to the spiral trajectory of the band and the need to keep similar band spacing. On the 

damage and failure mechanism of aluminum alloy (thick-walled cylindrical specimen) subjected 
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2 0.21 22.4 16.6 61.0 0.85 4.3 31.7 12.4 0.006 
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Mother 0.14 26.2 13.2 60.6 0.80 3.3 33.5 12.8 0.583 

Bif. point 0.14 31.0 13.0 56.0 0.79 3.8 31.1 15.4 0.583 

Child 1 0.14 17.7 13.6 68.7 0.89 1.1 20.8 9.0 0.583 

Child 2 0.15 25.9 16.5 57.6 0.80 3.5 34.9 10.8 0.625 
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to radial collapse, Yang et al. [239] report that barriers such as precipitates, impurity and other 

defects could resist the propagation of a band along its original direction. Consequently, the band 

is forced to part along the region of maximum shear stress with low resistance and a new band is  

 

 
Fig. 7.17. (a) SEM micrograph showing edge crack-child 2 TSB link and particle drop-off region, 

(b) EBSD band contrast maps showing bifurcation of transformed shear band at another region 

other than the region presented in Fig. 7.16. 

formed. The previously provided reasons for bifurcation in Refs. [232] (geometrically necessary) 

and [239] (barrier-providing precipitates) could play major roles in the bifurcation of TSB in this 

study. The SEM micrograph showing an edge crack-child 2 TSB link is suggestive of a 

geometrically necessary bifurcated TSB. It is possible that at this imposed firing pressure, the 

specimen has exceeded the maximum allowable strain at which no crack initiates. In 

accommodating further imposed strain, the formation of child 2 TSB is necessitated in advance 

along which edge crack can nucleate and propagate. On the other hand, cavities suggesting 

plausible TiN particle drop-off point (that may occur during electrolytic polishing) are observed 

near bifurcation points in Fig. 7.16a and inset in Fig. 7.17a, which may support the idea relating 

to the role of barriers on bifurcation. The low-magnification EBSD scan of another bifurcation 

region was taken to validate this observation; again, suspected particle drop-off point can be 

observed as shown in Fig. 7.17b.   

7.4. Conclusion 

A comparative study on the deformation behavior of coarse (37 μm) and ultrafine-grained (0.24 

μm) AISI 321 stainless steel under dynamic impact load was conducted using a SHPB system. 

XRD, OM, SEM, EBSD and TEM characterization techniques were used for microstructural 
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analyses of the alloy before and after deformation under impact load. The following conclusions 

are drawn from this study: 

1. An increase in firing pressure of the projectile results in a corresponding increase in impact 

momentum, strain rate, final deformation strain, and maximum flow stress of the 

specimens. 

2. Although ultrafine-grained (UFG) specimens show higher compressive strength than the 

coarse-grained (CG) specimens, CG specimens possess higher strain hardenability than the 

UFG specimens at the same firing pressure.  

3. Multiple strengthening sources such as the development of strain-induced martensite (little 

contribution), twin/twin intersection-dislocation, TiC-dislocation, dislocation-dislocation 

and dislocation-grain boundary interactions contributed to higher strain hardening rate in 

CG specimens. Meanwhile, only strain-induced martensite and grain boundary 

strengthening contributed to hardening of the UFG specimens under impact load. 

4. Slip and twinning are the active deformation mechanisms in CG specimens and they are 

highly suppressed in UFG specimens due to spatial restriction effect. While the TRIP effect 

was suppressed and TWIP effect occurs readily in CG specimens, the reverse was observed 

to be the case for the UFG specimens. 

5. The co-existence of martensitic phase transformation paths with and without an 

intermediate phase (HCP ɛ-martensite) during plastic deformation is confirmed in AISI 

321 stee. The temperature rise in specimen and grain size influences the transformation 

path. 

6. The stable end-orientation of the austenite phase in compression is [110]||CD texture while 

that of the martensitic phase is [100]||CD with spread towards [111]||CD texture. 

7. UFG specimens exhibit lower critical strain and strain rate at which localized shear strain 

regions develop. They are therefore more susceptible to ASB formation than CG 

specimens. 

8. While multiple TSB (MTSB) developed in the CG specimen, both the MTSB and TSB 

bifurcation develop in the UFG specimens. Although the mechanism behind the formation 

of MTSB is not completely clear, bifurcation of TSB was geometrically necessary, and the 

presence of precipitate at the bifurcation point could play a major role. 
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9. EBSD analysis of inside, interface and outside the TSB revealed the development of 

equiaxed ultra-fine grain structure (~0.17 μm in CG and ~0.14 μm in UFG specimens) 

inside the TSB by rotational dynamic recrystallization mechanism.  
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Chapter 8 

Effects of Grain Refinement on the Quasi-Static Compressive Behavior of AISI 321 

Austenitic Stainless Steel: EBSD, TEM, and XRD Studies 

The results discussed in Chapter 7 made it necessary to study AISI 321 steel’s behaviour under 

low strain rate condition, more so that the findings in Chapter 7 cannot be generalized for all strain 

rate regimes. In Chapter 8, the results of investigations on the effects of grain refinement on the 

behavior of AISI 321 steel when compressed at low strain rate regime are presented and discussed. 

The co-existence of both FCC γ → BCC αʹ and FCC γ → HCP ɛ→ BCC αʹ transformation paths 

in AISI 321 steel, which is a subject of debate in the literature is confirmed. Visco-plastic self-

consistent (VPSC) modeling was employed to validate the experimental results. This manuscript 

is published in “International Journal of Plasticity” as follows: 

A. A. Tiamiyu, V. Tari, J. A. Szpunar, A. G. Odeshi, and A. K. Khan, “Effects of grain refinement 

on the quasi-static compressive behavior of AISI 321 austenitic stainless steel: EBSD, TEM, and 

XRD studies,” International Journal of Plasticity, vol. 107, pp. 79–99, 2018. 

My contributions to this paper are as follows: I reviewed the relevant literature, designed and 

conducted the experiments, analyzed test results and prepared the manuscript, which was reviewed 

by my supervisors (Prof. Akindele Odeshi and Prof. Jerzy Szpunar) before submitting it to the 

International Journal of Plasticity for publication. This chapter contains a modified version of the 

published paper. General information such as detailed experimental procedure has been moved to 

Chapter 3. The copyright permission to use the manuscript in this thesis was obtained form the 

publishers and it is provided in APPENDIX C. 

Abstract 

The effects of grain refinement on the quasi-static compressive behavior of AISI 321 austenitic 

stainless steel (ASS) were studied. The effect of strain on the final microstructure after 

compressive deformation was also investigated. The compression tests on steel specimens were 

conducted at a strain rate of 4.2 x 10-3 s-1. Ultrafine-grained (UFG) specimen with the grain size 

of 0.24 μm exhibits an excellent combination of high yield strength (~1 GPa) and good strain 

hardenability. Meanwhile, the coarse-grained (CG) specimen with the grain size of 37 μm exhibits 
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yield strength of ~0.2 GPa. At 0.53 true strain, UFG and CG specimens exhibit compressive 

strengths of 5.95 and 4.80 GPa, respectively. The Hall-Petch relation constants, 𝜎𝑜, and K, for the 

AISI 321 ASS were estimated to be 128 MPa and 478 MPa μm-0.5, respectively. The strain 

hardening process in both UFG and CG specimens occured in three distinctive stages. The CG 

specimens exhibit a higher strain-hardening rate than the UFG specimens up to a critical true strain 

of 0.4, above which strain-hardening rate in UFG becomes greater. X-ray diffraction (XRD), 

electron backscatter diffraction (EBSD) and transmission electron microscope (TEM) techniques 

were used for microstructural analyses to understand the underlying mechanisms behind the strain 

hardening behavior of the alloy under quasi-static compressive load. Texture evolution during 

deformation, orientation relationship between phases and the sequence of martensitic phase 

transformation were also studied and are discussed in this paper. Visco-plastic self-consistent 

(VPSC) modeling was employed to determine the role of various deformation mechanisms in the 

macroscopic stress-strain response, and also in texture evolution during uniaxial compression 

loading. 

Keywords: AISI 321 austenitic stainless steel; C. Electron microscopy; A. Twinning; A. Phase 

transformation; A. strengthening mechanisms; VPSC 

8.1 Introduction 

Conventional coarse-grained (CG) austenitic stainless steels are characterized by relatively low 

yield strength. This is a challenge in high load-bearing applications, where their excellent corrosion 

resistance is desired. To overcome this challenge, the alloy is commonly strengthened via grain 

refinement. Grain refinement of metallic alloys has been a subject of widespread research in recent 

years [240,241]. Amongst different strengthening mechanisms, only strengthening by grain 

refinement simultaneously improves the strength and toughness of a polycrystalline material. 

Hence, ultra-fine-grained (UFG) austenitic stainless steels (ASS) exhibit the good potential of 

replacing the conventional coarse-grained alloys for structural applications that require high 

mechanical strength and good toughness. ASS has a face-centered cubic (FCC) crystal structure, 

and it possesses low stacking fault energy (SFE) [19][20]. Partial transformation of the 

thermodynamically-metastable austenitic phase to a martensitic phase (strain-induced martensite) 

can occur in ASS during deformation [30]. The resulting martensite is harder than the prior 

austenite phase, resulting in a composite strengthening and a high strain hardening capability. This 
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is the phenomenon that promotes an excellent combination of high strength and ductility during 

deformation of ASS [218]. This phenomenon is called Transformation-Induced Plasticity (TRIP). 

The kinetics of evolution of martensitic phase and other phenomena such as twinning and slip 

during plastic deformation may differ for both CG and UFG structures due to the spatial restriction 

effect in the UFG materials [37]. 

In a study on the relationship between grain size, martensitic phase transformation and ductility of 

ultralow-carbon austenitic steel during deformation under tensile loading, Yoo et al. [172] 

observed that the UFG specimens exhibit a slower (in comparison with the CG specimen) 

martensitic transformation kinetics due to higher critical stored energy required for martensitic 

formation. In another study [37], it was reported that the mechanical stability of austenite in a Fe-

Ni-Cr alloy with a wide range of grain sizes (1 - 80 μm) and subjected to a quasi-static tensile 

loading at 5.6 x 10-4 s-1 is independent of grain size. Shen et al. [81] reported UFG AISI 304 ASS 

with an average grain size of ~270 nm to exhibit high yield and tensile strength of 1890 ± 50 MPa 

and 2050 ± 30 MPa, respectively. The high strength was reported to originate mainly from grain 

boundary strengthening effect. The authors concluded that the volume fraction of twins and 

martensite phase increases with an increase in grain size.  

A comprehensive understanding of the deformation behavior of UFG steels under different loading 

conditions is very important, more so that the few available publications focus on their behavior 

under tensile load. In this study, an ultrafine-grain structure was developed in the as-received 

coarse-grain AISI 321 ASS using thermo-mechanical processing. The process involved cryogenic 

rolling, followed by annealing at an appropriate temperature and time. This study, therefore, 

focuses on the effects of grain refinement on the quasi-static compressive behavior of AISI 321 

austenitic stainless steel. X-ray diffraction (XRD), electron backscatter diffraction (EBSD) and 

transmission electron microscope (TEM) techniques were used to investigate the microstructure 

and texture of the alloy deformed to different strain values. Results of the XRD and microscopic 

analyses will provide information on the mechanism of deformation in the alloy under quasi-static 

compressive loading conditions. The sequence of phase transformation during the deformation of 

stainless steel remains a subject of debate among various researchers. While some authors [6] 

reported FCC γ-austenite → BCC αʹ-martensite transformation sequence, others [19] reported FCC 

γ-austenite → HCP ɛ-martensite → BCC αʹ-martensite transformation sequence. The formation of 
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these phases depends on several conditions that are material- and/or test condition-dependent. The 

effects of aluminum (Al) and silicon (Si) on deformation twinning and martensitic phase 

transformation in an austenitic Fe-(15-30) wt.% Mn steels under tensile and compressive loads 

were studied by Grassel et al. [220]. Using the XRD, SEM and TEM techniques, they reported the 

suppression and promotion of γ-austenite → ɛ-martensite phase transformation by the increase in 

the fraction of Al and Si in the steel, respectively. In a duplex TRIP-assisted stainless steels, the 

coexistence of both phase transformation sequences (FCC γ-austenite → BCC αʹ-martensite and 

FCC γ-austenite → HCP ɛ-martensite → BCC αʹ-martensite) were reported [223]. On the role of 

austenite grain size, all transformation paths including via deformation twin (FCC γ-austenite → 

twinning → BCC αʹ-martensite) were observed in a coarse-grained AISI 304L steel subjected to 

quasi-static tensile loading [242]. On the other hand, Yen et al. [61] reported stress-assisted αʹ-

martensite rather than the strain-induced αʹ-martensite (αʹ formed at the intersection of ɛ-martensite 

or twin bands) in UFG duplex steels. These researchers also presented both experimental and 

theoretical evidence on the effect of compositional differences to support the deformation-induced 

microstructure and mechanical properties of steels. To provide further clarification on the reported 

variations in the phase transformation path, the role of grain size on the phase transformation 

sequence in AISI 321 ASS under quasi-static compressive loading is addressed in this study. 

8.2 Material and methods 

Coarse (37 µm) and ultrafine (0.24 µm) grained AISI 321 austenitic stainless steel plate described 

in Section 3.1 were used in this study. The details on the development of UFG structure in AISI 

321 ASS are provided in Chapter 5, while detailed information of the quasi-static compression test 

is discussed in Section 3.3.2. Cylindrical test specimens, 4 mm in diameter and 4 mm long, 

(Length/Diameter = 1) were machined with the axis of the specimen parallel to the rolling direction 

(RD). The compression direction (CD) is parallel to the RD and all compression tests were 

conducted at room temperature. Samples of 0.24 μm (UFG) and 37 μm (CG) grain sizes were 

compressed to the same true strain value of 0.22, 0.30, 0.37, 0.47 and 0.53. Material 

characterization techniques are as described in detail in Sections 3.3.1 (hardness tests) and 3.5 

(electrolytic polishing, TEM, EBSD, X-ray diffractometry, and Feritscope measurements). All 

microstructural analysis and measurements in this study were conducted on the compression plane.  
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Visco-plastic self-consistent (VPSC) modeling was employed to identify the role of deformation 

mechanisms in the macroscopic stress-strain response and texture evolution in the alloy during the 

uniaxial compression test. The formulation of VPSC is extensively described elsewhere [243] and 

only a brief description of the hardening in a single crystal is provided in this manuscript. The 

plastic response of each grain is described by activating the deformation system(s) at 

predetermined values of critical resolved shear stress (CRSS), and the value of CRSS during plastic 

deformation is given by extended Voce hardening rule [244]:                     

𝜏𝑐𝑟
𝑠 = 𝜏0

𝑠 + (𝜏1
𝑠 + 𝜃1

𝑠Γ) [1 − 𝑒𝑥𝑝 (−
𝜃0 

𝑠 Γ

𝜏1
𝑠 )]                     …8.1 

where 𝜏0
𝑠   and 𝜏1

𝑠 are the initial and back extrapolated critical resolved shear stresses, 𝜃0 
𝑠  and 𝜃1

𝑠 

are the initial and final asymptotic hardening rates associated with the slip or twin system(s). With 

respect to latent hardening effects, the activities on the various slip and twinning systems harden 

each other to: 

�̇�𝑠 =
𝑑𝜏𝑐𝑟

𝑠

𝑑Γ
∑ ℎ𝑠�́�

�́� �̇� �́�               …8.2                                                                                                                         

where ℎ𝑠�́� is the latent hardening matrix which empirically considers the effect of obstacles to slip 

or twinning in the system. 

8.3 Results and discussion 

The reference ideal texture components used to interpret all the orientation distribution functions 

(ODF) presented in this article are shown in Fig. 8.1a. Meanwhile, the EBSD IPF color maps for 

the undeformed CG (37 μm) and UFG (0.24 μm) samples are presented in Fig. 8.1b and c, 

respectively. The IPF maps show a fairly random orientation of grain in CG sample and 

significantly textured grains near Y, Copper and Cube orientations. The microtexture result is not 

statistically reliable owing to the small EBSD scan area. Their corresponding selected ODF ɸ2 

sections (from a more statistically-reliable bulk texture measurement) shows that R-Cube is the 

major crystallographic orientation in the CG sample, with a minor spread near Cube, Copper, and 

Goss orientations (Fig. 8.1b). Meanwhile, UFG sample is significantly textured around Cube 

orientation with a minor spread near Y and Copper orientations (Fig. 8.1c). The microstructure of 

both CG and UFG samples contain less than 10% retained BCC αʹ. The Vickers hardness values 

of undeformed CG and UFG samples are 186 and 490 HV, respectively.  
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8.3.1 Mechanical response during compression 

The true stress-true strain curve of the specimens compressed to a strain of 0.53 is presented in 

Fig. 8.2a. For clarity and to prevent data clumsiness, curves of the specimens compressed to 0.22, 

0.30, 0.37 and 0.47 true strains are not presented. This is because all the curves generated from the 

compressed specimens perfectly superimpose on one another, and are hard to distinguish. Figure 

8.2a shows an increase in true yield strength (σy) from 207 to 1104 MPa (433% increase) when 

the austenite grain size was reduced from 37 (CG) to 0.24 μm (UFG). At strain 0.22, 0.30,  

 

 

Fig. 8.1. (a) Ideal texture components observed in steels. (b and c) EBSD IPF color maps, grain 

size distribution estimated from larger scan area and the corresponding selected ODF ɸ2 sections 

from the XRD measurement of the undeformed samples.  

0.37, 0.47 and 0.53, the corresponding compressive true stresses are 995, 1570, 2240, 3570 and 

4790 MPa, respectively, for CG specimens. Similarly, the compressive true stresses at the selected 
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strain levels are 1810, 2380, 3030, 4460 and 5950 MPa, respectively, for UFG specimens. The 

increase in yield strength by grain size reduction conforms with the Hall [210]-Petch [211] relation 

(Eqn. 8.3). 

𝜎𝑦 =  𝜎𝑜 +  𝐾𝑑−0.5             …8.3 

where 𝜎𝑦 is the true stress corresponding to the 0.2% true strain, 𝜎𝑜 is the lattice friction stress 

required to move individual dislocation, K is a constant that measures the relative hardening 

contribution of grain boundaries, and d is the average grain diameter. The estimated values of 𝜎𝑜 

(128 MPa) and K (478 MPa μm-0.5) are obtained for AISI 321 ASS by solving the two simultaneous 

equations obtained by substituting the grain sizes of CG and UFG specimens and their 

corresponding yield strengths in Eqn. 8.3. Figure 8.2b provides a plot of the estimated yield 

strength of AISI 321 ASS at any grain size, d, > 0.1 μm. The plot is obtained by using the values 

of 𝜎𝑜 and K and varying the values of the grain diameter (d) in Eqn. 8.3. To validate the correctness 

of the values of 𝜎𝑜 and K and the reliability of Fig. 8.2b, an AISI 321 ASS sample with an average 

grain size of 3 μm was compressed under the same loading condition. A true yield strength of ~388 

MPa was obtained as shown in Fig. 8.2c. This is comparable to the value of 𝜎𝑦 (~400 MPa) 

obtained from Fig. 8.2b. 

The higher yield strength of the UFG specimen also agrees with Kocks’ composite model [227] 

for a polycrystal. The author showed that grain interior deforms differently than the grain boundary 

region, such that the σy of the polycrystal is obtained by a rule-of-mixture based on an averaging 

procedure expressed in Eqn. 8.4. 

σy =  σIAI +  σGBAGB                                                            …8.4 

where σI and σGB are the flow stresses of a grain interior and grain boundary region of constant 

width, respectively, AI and AGB are the area fractions of grain interior and grain boundary region. 

This implies that as the grain size of AISI 321 ASS decreases, the AGB for the constant width grain 

boundary region increases, resulting in an increase in the 𝜎𝑦 (since σGB > σI) as can be observed 

in Fig 8.2a. 

Figure 8.2d shows the variation of strain hardening rate (𝑑𝜎𝑇 𝑑𝜀𝑇)⁄  with true strain for both UFG 

and CG specimens. Three distinct stages of hardening are observed. Stage I is a regime 
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characterized by a drop in strain hardening rate, which is similar to the dynamic recovery process 

such as cross-slip and annihilation of dislocations of opposite signs [245]. This stage is also related 

to the elastic-plastic transition behavior of the alloy during compression [246]. As strain increases, 

the hardening rate increases steadily till a 0.4 true strain is reached (stage II), above which an 

accelerated hardening rate occurred (stage III). Although stage I occurs at a lower strain for CG 

specimen (in comparison to UFG specimen), hardening in stage II is slightly higher for CG 

specimen until a critical true strain of 0.4. Hardening rate in UFG specimen became higher than 

that observed in CG specimen above the critical strain (stage III). This suggests that the activation 

and slowdown of deformation and/or strengthening mechanisms in both specimens can be different 

at certain strain level. The repeat of the compression test confirms that these behaviors occur at 

the same strain range and are repeatable. 

 

 

Fig. 8.2. (a and c) True stress-true strain, (b) yield stress-grain diameter curves, (d) strain hardening 

rate-true strain (hardening diagram). 



161 

 

8.3.2 Microstructural evaluation after compression 

To understand the microstructural changes responsible for the hardening behavior in Fig. 8.2d, the 

specimens compressed to 0.30, 0.37, 0.47 and 0.53 true strains were investigated using EBSD, 

TEM, and XRD techniques.  

8.3.2.1 EBSD (microtexture) and TEM analyses 

8.3.2.1.1 At ɛT = 0.30: In the region of hardening stage II  

Figure 8.3 shows the EBSD maps of CG (Fig. 8.3a-d) and UFG (Fig. 8.3e-j) specimens deformed 

to 0.30 strain. For the CG specimen, a very low fraction of martensite is observed in the phase map 

(Fig. 8.3a). The presence of both deformation and annealing twins (4.6% - area percent) in the 

austenite phase (Fig. 8.3c). The distribution of KAM value in Fig. 8.3d is non-uniform; a higher 

misorientation in the 3-4o range was observed near the grain and twin boundaries than in the grain 

interior. This, coupled with the reduction of the dislocation mean free path that occurs as a result 

of nucleation of deformation twins, suggests that these boundaries are effective barriers to 

dislocation motion leading to hardening. The high magnification-low step size scan of the marked 

region in Fig. 8.3a is presented in Fig. 8.4. The map shows dark slip bands (an unresolvable 

measure of orientations) which are regions of high dislocation densities, as also evident by higher 

KAM values around them (Fig. 8.4d). Similar slip bands were observed using high-resolution 

digital image correlation and EBSD techniques in a recent study on the polycrystalline plasticity 

of AISI 304L subjected to quasi-static tensile load [247]. Figures 8.4a and b show the evolution of 

<0013>||CD-oriented HCP ɛ in <110>||CD-oriented austenite grain in grain 1. Grain 2 also reveals 

the evolution of BCC αʹ in the band and close to the grain boundaries, say, the boundary between 

grains 2 and 3, where higher dislocation exists. Similarly, ɛ- and αʹ-martensite are observed to 

coexist along the bands in grain 4 and its boundaries are observed. This agrees with previous 

findings on the nucleation of martensite embryo on slip bands [218] and grain boundaries [217] 

that are characterized by dislocation pile-ups. A notable observation in Fig. 8.4c is also the 

evolution of nano-twins along the bands and grain boundaries in grains 3, 4 and 5. These nano-

twins which are thought to also contribute to strain hardening, are not observed at a lower 

magnification and lower step size scan in Fig. 8.3a-d. Despite the several mechanisms proposed to  
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Fig. 8.3. EBSD maps of (a-d) 37 and (e-j) 0.24 μm grain-sized specimens deformed at 0.30 true 

strain. Phase color, KAM, IPF and BC maps are (a and e), (d and f), (b, g, h) and (c, i, j), 

respectively.  
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explain the development of deformation twins; it is generally considered a process that proceeds 

via a dislocation mechanism [224]. A critical dislocation density, as well as stress concentration at 

grain boundaries [225], have been reported to be required for initiation of deformation twins. 

A higher fraction of martensite is observed in UFG specimen (Fig. 8.3e) at 0.30 true strain than in 

the CG specimen (Fig. 8.3a), which is attributed to the presence of other nucleation sites such as 

the triple junctions in UFG specimens. This observation is contrary to the findings reported in the 

study of a UFG austenitic steels subjected to tensile load [172]. The authors reported a decrease in 

the critical stored energy for the formation of BCC αʹ with increasing austenite grain size i.e. higher 

stability of the austenite phase in the UFG samples. The variability of their findings in comparison 

with the current study could be due to the difference in the studied material and the test methods 

(compression test in this study, tensile test in [172]) and experimental conditions. Although, the 

distribution of KAM value in Fig. 8.3f shows higher misorientation near the grain boundaries than 

the grain interior, it is in the 2-3o range; lower than misorientation observed in CG specimens. As 

in the case with CG specimen, HCP ɛ is observed in grains 6 and 7 and other sites (white arrows) 

near the higher KAM grain boundaries. In grain 8, the coexistence of ɛ- and αʹ-martensite in 

austenite grain is also observed. This suggests that the phase transformation sequence in AISI 321 

ASS under the above-described deformation conditions can follow both FCC γ→ BCC αʹ and FCC 

γ → HCP ɛ → BCC αʹ; irrespective of the grain size. The absence of bands of high dislocation 

density and near-absence of twins (< 1% in each of αʹ and γ phases) are observed in UFG specimen, 

largely due to space shortage (very small size of grains). This might be responsible for lower 

hardening rate in UFG specimen in stage II of Fig. 8.2d. The near absence of twins in UFG 

specimen suggests that the twinning stress (stress required to develop twinning) is high in UFG 

structure compared to those of the CG specimen. This also agrees with the findings of Gutierrez-

Urrutia et al. [82] that grain refinement makes the nucleation of deformation twinning difficult. 

These authors also reported a good correlation between the Hall–Petch relation and grain size 

effect on the twinning stress; suggesting that as the yield strength of metal increases with a decrease 

in grain size, so does the twinning stress increases. Finite element simulation of AISI 304 ASS 

under uniaxial tension shows the activation of twinning in specimens with an average grain size 

of 35 µm and suppression of twinning in specimens with grain sizes of 800 nm and 270 nm [81]; 

the authors attributed the behavior in the latter to the reduced distance between the obstacles that 

suppressed twin growth. 
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Fig. 8.4. EBSD maps of marked region in Fig. 8.3a: (a) Phase color, (b) IPF, (c) BC and (d) KAM 

maps. 

8.3.2.1.2 At ɛT = 0.37: Still in the region of hardening stage II  

As strain was increased to 0.37, the fraction of BCC αʹ increased to ~35% of the scanned area in 

the CG specimen, while the fraction of HCP ɛ decreased as shown in Fig. 8.5a-e. Meanwhile, the 

area percent of BCC αʹ in UFG specimen increased to ~72% with a near absence of HCP ɛ (Fig. 

8.5f-j). It is thought that HCP ɛ transformed to BCC αʹ upon an increase in strain. In a previous 

study on the deformation behavior of AISI 304 steel under tension at 10-4 s-1 [218], continuous 

transformation of HCP ɛ to BCC αʹ was reported to occur with increased strain. Analyzing the 

crystallographic orientation of the deformed austenite and martensite phase, the area fraction of 

grains with near-<100> and <111>||CD textures is observed to increase (compared to those at 0.30 

true strain) in the BCC αʹ phase. Similarly, the area fraction of austenite grains with near-<110> 
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and <111>||CD textures increased with strain. With twin formation nearly absent in UFG specimen 

(Fig. 8.5i and j), the total area percent of twins in the CG specimen (Fig. 8.5d and e) is now shared 

between the austenite (2.3 %) and αʹ-martensite (5.6 %) phases.  

 
Fig. 8.5. EBSD maps of (a-e) 37 and (f-j) 0.24 μm grain-sized specimens deformed at 0.37 true 

strain. Phase color, IPF and BC maps are (a and f), (b, c, g, h) and (d, e, i, j), respectively.   
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A high magnification-low step size scan of the rectangular-marked region in the CG specimen 

(Fig. 8.5a) is presented in Fig. 8.6. At this strain, it can be observed that all bands with high-density 

dislocations are now fully-formed shear bands, saturated with mostly BCC αʹ as observed in grains 

10 and 11 on Fig. 8.6a. These bands (in Fig. 8.6a) are hereafter referred to as austenite-martensite 

bands (A-M band). Austenite phase in grain 9 with the lowest Schmid factor and KAM value (in 

comparison with those of grains 10 and 11) shows the lowest fraction of BCC αʹ as seen in Figs. 

8.6 and 8.7. It can also be observed from grain 9 that twinned austenite  

 

 
Fig. 8.6. EBSD maps of the rectangular-marked region in Fig. 8.5a: (a) Phase color, (b) IPF and (c 

and d) Schmid factor maps; (e) BC and KAM maps of grain 9 in Fig. 8.6a  

grains with <111>||CD orientation are effective martensite nucleation sites as also reported 

elsewhere [219,242]. The formation of martensite at deformation twin interiors, slip bands and 

near grain boundaries in this study is an indication that martensite transformation was induced by 

stress concentration. This kind of martensite is referred to as stress-assisted αʹ-martensite [242]. 

Whereas, neither shear band (ɛ-martensite or twin bands) intersection nor martensite nucleation at 

these intersections were observed, irrespective of grain size. These band intersections are reported 

to be predominant sites for the nucleation of strain-induced martensite [59]. It, therefore, implies 
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that the martensite formed in AISI 321 ASS under compression is stress-assisted. Moving from 

grains 9 to 10 and to 11 (Figs. 8.6 and 8.7), A-M bands, the area fraction of martensite, Schmid 

factor (SF) and KAM increases. Meanwhile, grain 12 is completely transformed to BCC αʹ. The 

FCC and BCC KAM maps of grains 9 (Fig. 8.6e), 10 (Fig. 8.7a) and 11 (Fig. 8.7c) shows that the 

evolved αʹ-martensite inherit the KAM value (in the 3-4o range) or stored defects of their 

surrounding austenite phase. Once, the bands are saturated by αʹ-martensite, continuous grain 

refinement of the martensite strip in the A-M bands by deformation twinning occur to 

accommodate further strain as shown in the FCC and BCC BC maps for grain 10 (Fig. 8.7a) and 

11 (Fig. 8.7c). This contributes to strain hardening in steels, and it is attributed to a dynamic Hall–

Petch effect [224]. This mechanism is also noticeable in a non-banded martensite grain such as 

grain 12. The {111}αʹ pole figure that corresponds to the marked region in grain 12 (Fig. 8.6b) 

shows a pole common to both αʹ-martensite and twins in Fig. 8.7d. The twin exhibits a 60° rotation 

around {111} axis such that the rotation leads to three common poles in {110}αʹ pole figure. The 

refinement of austenite strips by twinning in the A-M bands are absent in the austenite strips as 

shown in Fig. 8.7. A notable observation in this study is the effect of austenite grain size on the 

morphology of martensite and the number of crystallographic orientation variants they (αʹ) 

possess. While the martensite grains in CG specimen are lath-like and multi-variant (for example, 

four variants (Fig. 8.7b) in the circled region in grain 10), the martensite grains in the UFG 

specimen are mostly single variants, and they maintain the equiaxed morphology of their 

neighboring grains as shown in Figs. 8.3h and 8.5g. A change in the morphology of martensite as 

a result of grain size reduction in steels has also been reported [248]. 

8.3.2.1.3 At ɛT = 0.47: In the region of hardening stage III  

Transmission electron microscopy was used for the microstructural analysis of the specimen 

compressed to 0.47 true strain. Although no quantitative result was obtained for comparison with 

other specimens compressed to different strain levels, the TEM micrographs in Fig. 8.8 provide 

evidence of phase transformation, nano-twins, dislocations and the presence of TiC particles. 

Figure 8.8a shows the austenitic phase with the absence of twins and dislocations in the 

undeformed UFG sample. After compression (Fig. 8.8c), martensitic phase with high dislocation 

density was observed. This implies that UFG AISI 321 is dominated mainly by martensitic phase 
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transformation and slip of partial dislocations. No twin was observed in the UFG specimen even 

after compression to 0.47 true strain.  

 

 

Fig. 8.7. EBSD maps of grains 10, 11 and 12 in Fig. 8.6a: (a and c) BC and KAM maps; (b) selected 

0o and 45o ɸ2 ODF sections of the BCC αʹ-martensite in grain 10; (d) Pole figures of {110}αʹ and 

{111}αʹ of marked region in grain 12 (Fig. 8.6b).     
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Fig. 8.8. TEM bright field micrographs of (a and b) undeformed and (c-g) deformed specimens at 

0.47 true strain: (a and c) 0.24 and (b, d-g) 37 μm grain-sized specimens. TiC particle identified 

by STEM technique before (inset in (b)) and after (g) deformation.  

 

This affirms the role of grain size on the activation of deformation twin. On the other hand, the 

TEM micrograph affirms the presence of annealing twins in the CG specimen before compression 

(Fig. 8.8b). After compression, the coexistence of austenite, lath-like αʹ-martensite, dislocation, 

deformation twin and TiCs were observed (Figs. 8.8d-g). Deformed austenite (Fig. 8.8f) shows 

high dislocations forming-networks and their interaction with nano-twins. The TEM results, 

therefore, confirm five plausible strengthening sources in this steel. These are grain boundary 

strengthening (most beneficial to UFG specimen), deformation-induced martensite formation 

(most beneficial to UFG specimen), deformation twin acting as barrier to dislocation motion (only 

beneficial to CG specimen), dislocation-dislocation interactions and multiplication during slip 

(most beneficial to CG specimen) and dislocation interaction with titanium carbides as shown in 

inset Fig. 8.8b-before and Fig. 8.8g-after compression (most beneficial to CG specimen). 
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8.3.2.1.4 At ɛT = 0.53: Still in the region of hardening stage III 

At 0.53 true strain, the area percent of αʹ-martensite had increased (50% in CG, 96% in UFG) and 

significant texturing (<110>||CD for γ, <100>||CD and <111>||CD for αʹ in both CG and UFG 

specimens) had occurred as shown in Fig. 8.9. While ɛ-martensite might be observed in the CG 

specimen since there is a substantial fraction of austenite phase (Fig. 8.9a), no fraction of ɛ-

martensite were observed in UFG specimen (Fig. 8.9f). With twin formation nearly absent in UFG 

specimen (Fig. 8.9i and j), the area percent of twins in the CG specimen (Fig. 8.9d and e) is now 

drastically reduced in the austenite phase (0.4 %). Meanwhile, the twin fraction in the martensite 

phase slightly increased (6.7 %) in comparison with the twin fraction in specimen compressed to 

0.37 strain. The increase in phase transformation in CG structure may slow down the twinning 

process in the austenite phase. A high magnification-low step size scan of an area with less αʹ-

martensite (marked in Fig. 8.9a) is presented in Fig. 8.10. The phase map in Fig. 8.10a affirm that 

slip bands of high dislocation density (e.g., grain 14) and grain boundaries (e.g., grains 15-17) are 

martensite nucleation sites. Some αʹ lath with multiple crystallographic variants are observed to 

nucleate at one end of a grain boundary, and then their growth is either impinged at the other end 

of the grain boundary due to steeper stress gradient at the boundary [225] or by another αʹ lath as 

observed for example in grain 17. The ɛ-martensite is observed in the CG specimen as seen in 

grains 15 and 17 since there is still a substantial fraction of deformed austenite phase in these 

grains. In agreement with earlier observation, from grains 14 to 15 (Fig. 8.10), the formation of A-

M bands from slip bands, the area fraction of martensite and Schmid factor (SF) increases, while 

αʹ-martensite saturates in grain 18. Again, grains 16 and 17 show some bands saturated by αʹ lath 

and these laths are further segmented by twins to accommodate strain as shown in the BCC BC 

map in Fig. 8.10e. No such behavior is observed in the austenite phase. 
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Fig. 8.9. EBSD maps of (a-e) 37 and (f-j) 0.24 μm grain-sized specimens deformed at 0.53 true 

strain. Phase color, IPF and BC maps are (a and f), (b, c, g, h) and (d, e, i, j), respectively.   
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Fig. 8.10. EBSD maps of the rectangular-marked region in Fig. 8.9a: (a) Phase color, (b) IPF and 

(c and d) Schmid factor maps; (e) BC and KAM maps of grains 11 and 12 in Fig. 8.10a. 

8.3.2.2 XRD, Feritscope and hardness measurement 

8.3.2.2.1 Phase identification (ID) and hardness result 

The result of the XRD phase ID measurement (Fig. 8.11a and b) corroborate the EBSD results. 

For both CG and UFG specimens, the intensity of the martensitic phase transformation increases 

with strain. That is, the intensities of (110)αʹ and (200)αʹ martensitic peaks increase with strain at 

the expense of the (111)γ and (200)γ austenitic diffraction peaks. However, the mechanical stability 

of the austenite phase in the UFG specimen is lower; for instance, 50 volume percent of αʹ-

martensite was obtained at 0.53 and 0.30 true strain in CG and UFG specimens, respectively. This 

is confirmed by the measurements obtained from the use of Feritscope (Fig. 8.11c); a higher 

volume percent αʹ-martensite was recorded in the UFG specimen than in the CG specimen. A 

careful look at the diffraction patterns of the CG specimens shows the presence of a (110)ɛ peak 

(HCP ɛ-martensite) at 0.30 and 0.37 true strain levels. The absence of the (110)ɛ diffraction peak 

at other strain levels does not necessarily imply the absence ɛ-martensite phase, it would rather 

mean that the volume percent of ɛ-martensite is too low to show the (110)ɛ peak on the diffraction 

pattern. Hence, at 0.22 true strain, the ɛ-martensite might just be evolving while their fraction may 
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have reduced at 0.47 and 0.53 true strains, due to the possible occurrence of HCP ɛ→ BCC αʹ at 

these strains. Although EBSD phase maps (Figs. 8.3e and 8.5f) show a very low fraction of ɛ-

martensite in the UFG specimen at low strain, the (110)ɛ peak is not observed in the diffraction 

patterns of the UFG specimens at all strain. This implies that the mechanical stability of ɛ-

martensite is higher in CG than in UFG specimens. The Vickers hardness value of compressed 

specimens shows a near-linear increase with the increase in strain, with the UFG specimens 

possessing higher values (Fig. 8.11d). Comparison of Figs. 8.11c and d indicate the possible 

contribution of αʹ-martensite to the hardness value of AISI 321 ASS as the curves tend to follow a 

similar pattern. 

 

 

Fig. 8.11. X-ray diffraction patterns of (a) 37 and (b) 0.24 μm grain-sized specimens, (c) volume 

percent of αʹ-martensite (d) Vickers hardness profile. 
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8.3.2.2.2 Macrotexture analysis 

Figures 8.12 and 8.13 indicate the effect of grain refinement and strain on the deformation texture 

in both γ-austenite and αʹ-martensite phases. For both CG and UFG specimens, the ODF of the 

austenite phase (Fig. 8.12) shows that the Goss and Brass (ζ fibre) strengthens as strain increase at 

the expense of R-Cube, Cu, and R-Cu textures. However, CG and UFG specimens show a 

significant and complete dominance of ζ fibre at ~0.30 and 0.47 true strains, respectively. This 

indicates grain size affects the bulk deformation texture of AISI 321 ASS. Similarly, the ODF of 

the martensite phase (Fig. 8.13) shows the strengthening of Y and Z (γ fibre) and Cube as strain 

increases at the expense of R-Cube and Brass textures. While CG specimens show significant and 

complete dominance of γ fibre and Cube texture at ~0.53 true strain, UFG specimens show the 

dominance of the same textures at ~0.47 true strain. The critical true strain at which the textures 

above (i.e., <110>||CD fibre in austenite and <100> and <111>||CD fibres in martensite) become 

dominant is also confirmed by the calculated inverse pole figure (IPF) triangles in Fig. 8.14. A 

notable observation in the ODFs (Figs. 8.12 and 8.13) and IPFs (Figs. 8.14) is the variation in 

texture intensities. While there is no large variation in the austenite texture intensity of both CG 

and UFG specimens, martensite texture intensity in CG specimens are lower than those in UFG 

specimens. The reason for this behavior is not completely understood, but phase transformation 

certainly plays no role in the variability of the intensities of these textures [78]. Meanwhile, earlier 

observations (Figs. 8.6a-d and 8.10a-d) suggests the role of texture in phase transformation. The 

<100>||CD fiber grains of highest Schmid factor tends to promote phase transformation more often 

than the <110> and <111>||CD fibre grains of lower Schmid factor. It could, therefore, imply that 

the initial texture plays a significant role in phase transformation. For instance, the initial texture 

of UFG specimen is strongly <100>||CD fibre; hence, promoting earlier and more martensitic 

phase transformation in UFG specimen than those of CG specimens, whose initial texture deviates 

from <100>||CD texture as shown in Fig. 8.1. 

To make a quantitative comparison of the texture components, the volume fraction of <100>, 

<110> and <111>||CD fibres as a function of strain was calculated for γ and αʹ phases in both CG 

and UFG specimens (Fig. 8.15). While the volume percent of <100> and <111>||CD fibres 

decreased with an increase in strain in the γ phase of both set of samples, the volume percent of 

the <110>||CD fibre increased (Fig. 8.15a-c). A similar trend is observed in copper and 70/30 brass, 
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which have low and medium SFE, respectively [249]. The reverse of this behavior is observed in 

the αʹ phase (Fig. 8.15d-e). The observed crystallographic orientations in both γ and αʹ phases 

agree with those of the EBSD results and those reported in the literature. The volume percent of 

<110>||CD fibre texture, which is the stable end-orientations in compression for the γ phase, is 

clearly higher in CG specimens at all strains.  

 

Fig. 8.12. 0o, 45o, 65o ɸ2 ODF sections of the FCC γ -austenite in deformed specimens. 
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Fig. 8.13. 0o, 45o, 65o ɸ2 ODF sections of the BCC αʹ-martensite in deformed specimens. 

8.3.2.3 Microstructure-strain hardening rate correlation 

It has been reported that the deformation mechanisms in metals with UFG structure can be very 

different from those operational in metals with CG structure [250]. The summary of the findings 

in the current study is presented in Table 8.1. The presented data affirms the dependence of 

deformation and strengthening mechanisms on grain size. In this study, the compressive strain 

hardening behavior of CG and UFG AISI 321 ASS specimen seems to be quite different in 

comparison with those reported in the literature. While some authors observed a higher strain 

hardening rate in CG austenitic stainless steel specimen (in comparison with the UFG sample) 

[81], this behavior occurred up to a critical true strain of 0.4 in AISI 321 steel. Above 0.4 true 

strain, strain hardening in UFG specimen becomes higher (Fig. 8.2d). As reported in the previous 

subsections, the strength-contributing sources in AISI 321 steel under compression are dislocation 

multiplication and interaction, twinning and their interaction with dislocations (negligible effect 
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in UFG specimen), martensitic phase transformation, and precipitation of carbides. The onsets of 

these sources correlate to the start in the rise of strain hardening rate. At mid strain range (Fig. 

8.2d), the slightly higher hardening curve for CG specimen could be attributed to twinning activity 

as also reported in other FCC [251] and hexagonal closed-packed (HCP) [252] low SFE alloys. 

 

Fig. 8.14. IPF triangles showing crystallographic fibre texture in (a) FCC γ -austenite and (b) BCC 

αʹ-martensite phases of the deformed specimens. 

The strain hardening behavior beyond 0.4 true strain (stage III of the hardening diagram) could 

also be attributed to either deceleration or acceleration of specific deformation and strengthening 

mechanisms. Although both specimens show accelerated hardening rate beyond 0.4 true strain, 

hardening in UFG specimen is higher and it is attributed to higher martensitic phase transformation 

rate and αʹ grain boundary strengthening. The αʹ-martensite acting as a reinforcing phase in 

stainless steels has been reported by [228]. This is due to the ability of αʹ to withstand a higher 

stress than the austenite phase under external load. Hence, αʹ-martensite will act as a more effective  
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reinforcing phase than the austenite phase; contributing significantly to the strain hardening rate 

of UFG specimen beyond 0.4 true strain. 

Table 8.1. A comparison table of observations from the CG and UFG specimens subjected to same 

deformation conditions. 

* No quantitative data at this strain level 

 

Fig. 8.15. Volume percent of selected texture fibres in (a-c) FCC γ -austenite and (d-f) BCC αʹ-

martensite phases of the deformed specimens. 

8.3.2.4 Phase transformation path for αʹ-martensite and orientation relationships between phases 

In the present study, it is established that ɛ-martensite is a transition phase that acts as a precursor 

to the formation of αʹ-martensite in a compressed AISI 321 austenitic stainless steel specimen 

(Figs. 8.3, 8.4, 8.6, 8.10 and 8.11). However, the phase transformation sequence can follow both 
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0 0 186 490 5.0 9.6 - - - - 

0.22 995 1810 372 551 7.6 42.0 4.4 0.0 0.0 0.4 

0.30 1570 2380 461 559 18.4 47.5 4.6 0.2 3.7 0.5 

0.37 2240 3030 501 570 37.2 71.7 2.3 0.2 5.6 0.5 

0.47 3570 4460 541 612 49.7 93.2 * * * * 

0.53 4790 5950 550 641 50.2 95.6 0.4 0.1 6.7 0.5 
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FCC γ → BCC αʹ and FCC γ → HCP ɛ→ BCC αʹ; irrespective of grain size. This is confirmed by 

the analysis of selected grains in both the UFG (Fig. 8.16) and CG (Fig. 8.17) specimens. At 0.30 

strain (for UFG specimen), grain 6 (Fig. 8.16a) shows the evolution of ɛ-martensite phase in an 

austenite grain. Both the ɛ-martensite and the austenite phases have Shoji-Nishiyama's (S-N) 

orientation relationship {111}γ||{0001}ɛ obeyed between them. Meanwhile, grain 8 (Fig. 8.16b) 

shows the coexistence of the martensite (ɛ and αʹ) and austenite phases with S-N, Kurdjumov-

Sachs (K-S) {111}γ||{110}αʹ and Burgers (B) {0001}ɛ||{110}αʹ orientation relationships existing 

between the γ & ɛ, γ & αʹ and ɛ & αʹ phases, respectively.  

At 0.37 true strain, where there is near-absence of ɛ-martensite in UFG specimen, grain 13 (Fig. 

8.16c) shows αʹ transform from γ without a transiting phase (ɛ-martensite). Hence, the parent (γ) 

and product (αʹ) phases obey the K-S orientation relationship as shown by the coincidence of 

{111}γ and {110}αʹ poles. The band contrast, Schmid factor and Kernel misorientation maps in 

Fig. 8.16 shows that the product phases inherit the microstructural features of the parent phase. 

The observations that confirm the existence of FCC γ → HCP ɛ → BCC αʹ transformation also 

occured in the selected grains from EBSD maps of the CG specimens in Fig. 8.17. The two-phase 

transformation paths (FCC γ → BCC αʹ and FCC γ → HCP ɛ→ BCC αʹ) were also reported in Fe-

Mn-Al alloys in a previous study [253]. The development of ɛ-martensite as a transition phase, 

however, depends on the chemical composition of the material, test temperature and the amount 

of strain [220]. 

8.3.3 VPSC modeling 

The Voce hardening parameters used in this study were adjusted to achieve a good agreement 

between the measured stress-strain curve and the VPSC simulated one, as shown in Fig. 8.18. The 

fitted Voce parameters for each modeling case are listed in Table 8.2. The negative 𝜏1 on Table 

8.2 for CG sample means both slip and twin softens during uniaxial compression. Based on the 

experimental evidence presented in this work, martensitic phase transformation, slip, and 

mechanical twinning are activated in the CG specimen during compression test while the operation 

of slip systems and martensitic phase transformation occurred in UFG specimen. All of these 

(mechanical twinning, slip, and phase transformation) play important roles in strain hardening and 

texture evolution during compression. However, VPSC only uses slip and twinning as the active 

deformation mechanisms for predicting stress-strain curves. Therefore, as shown in Table 8.2, slip 
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and twinning were considered in VPSC modeling as the active systems in the CG specimen, and 

only slip system in the UFG specimen.  

Figure 8.18 shows that VPSC successfully predicted stress-strain curves for both CG and UFG 

specimens until the plastic strains of 0.16 and 0.23, respectively, are attained. The deviations of 

VPSC simulated curves from experimental curves in CG and UFG specimens are related to the  

 

 
Fig. 8.16. EBSD analysis of (a) grains 6 and 8 in Fig. 8.3e; (c) grain 13 in Fig. 8.5f.   
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 occurrence of martensitic phase transformation during compression. This is because VPSC only 

uses slip and twinning as the active deformation mechanisms for predicting the stress-strain curves. 

The same deviation has been reported in another previous study [78]. The variation between the 

experimental and simulated curves occurs in UFG specimen at lower plastic strain, which affirms 

an earlier onset of martensitic phase transformation in UFG than in CG specimens. This also agrees 

well with the experimental results presented in Figs. 8.3, 8.4 and 8.11c, which suggest possible 

earlier onset of phase transformation in the UFG specimen under compression. Hence, further 

VPSC simulated results focus on the operating mechanisms in the austenitic phase. 

 
Fig. 8.17. Pole figures of {111}γ, {0001}ɛ and  {110}αʹ for selected region in (a) grain 4 of Fig. 

8.4b, (b) grain 9 of Fig. 8.6b  and (d) grain 17 of Fig. 8.10; (c) EBSD maps of selected region in 

grain 17 of Fig. 8.10. 

Table 8.2. Voce hardening parameters used in the VPSC model for slip and twining in CG and 

UFG specimens. 
 

 

 

Sample Deformation mechanism 𝜏𝑜 (MPa) 𝜏1 (MPa) 𝜃𝑜 (MPa) 𝜃1 (MPa) 

CG 
Slip {111}<110> 107 -70 600 900 

Twin {111}<112> 118 -111.2 794 1140 

UFG Slip {111}<110> 410 30 320 830 
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Fig. 8.18. True stress vs. plastic strain curves, the experimental and VPSC simulated curves for 

ultra fine grains (UFG) and coarse grains (CG). The deviation of experimental curves from 

simulated ones is related to the onset of the martensitic phase transformation that occurs at different 

strain levels. 

Figure 8.19 shows the variations in relative activities of slip/twinning and slip in the austenite 

phase as a function of plastic strain during the compression of CG and UFG specimens, 

respectively. The results show that twinning decreases during straining, which agrees with the 

relative activities reported in other publications [254]. Slip deformation is significantly more active 

than twinning in CG specimen that is related to higher hardening parameters assigned to the 

twinning mode. Some grains deform by twinning in CG steels due to activation of the twin system 

during deformation. Figure 8.20 shows measured and calculated twin volume fraction. As also 

deduced from activation of the twin system in Fig. 8.19a, twin volume fraction increases with 

plastic strain until ~0.15 and remains constant with increasing plastic strain (Fig. 8.20). Figure 

8.21 shows the simulated IPF in CG and UFG steel, which are in good agreement with the 

experimental ones in Fig. 8.14. The absence of a contour near-<112>||CD fiber in the simulated 

IPF triangle for the undeformed austenitic phase is the only difference in comparison with the 
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experimental IPF. The difference between the simulated texture of CG and UFG specimens can 

also be related to the difference in the initial texture of both sets of specimens. In addition, the 

occurrence of twinning in CG specimen decreases the intensity of <100>||CD fiber as shown in 

the IPFs (Fig. 8.21). 

 
Fig. 8.19. Results of VPSC simulations showing the relative activity of slip and twinning during 

deformation in (a) CG and (b) UFG specimen. 

 

 

Fig. 8.20. The simulated evolution of the twin volume fraction compared to the measured ones. 
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Fig. 8.21. Simulated IPF triangles showing crystallographic fibre texture in the γ-austenite phase 

of the deformed specimens. 

 

8.4 Summary and Conclusions 

The effects of grain refinement on the quasi-static compressive behavior of AISI 321 austenitic 

stainless steel were studied. The following are the conclusions drawn from experimental findings: 

1. UFG sample exhibits an excellent combination of high yield strength (~1 GPa) and good 

strain hardenability, in comparison with the CG sample that shows yield strength (σy) of 

~0.2 GPa and compressive strength of 4.8 GPa at 0.53 true strain. 

2. The Hall-Petch relation constants, 𝜎𝑜, and K, for AISI 321 ASS were estimated to be 128 

MPa and 478 MPa μm-0.5, respectively. 

3. The strain hardening of both UFG and CG specimens occurs in three distinct stages.  

4. Five strengthening sources contribute to hardening of the AISI 321 steel during 

compressive loading. They are: grain boundary strengthening (most beneficial to UFG 

specimen), deformation-induced martensite transformation (most beneficial to UFG 

specimen), deformation twinning acting as barrier to dislocation motion (only beneficial to 

CG specimen), dislocation-dislocation interactions and multiplication (most beneficial to 

CG specimen) and dislocation interaction with titanium carbides (most beneficial to CG 

specimen).  

5. CG specimen exhibited a slightly higher strain hardening rate than the UFG specimen up 

to a critical true strain of 0.4. Above this value, strain hardening in UFG specimen became 
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higher. The higher hardening rate above 0.4 true strain in UFG specimen is attributed to 

higher martensitic phase transformation rate and αʹ grain boundary strengthening. 

6. Slip bands and grain boundary regions of high dislocation densities are observed to be 

nucleation sites for HCP ɛ-martensite, BCC αʹ and deformation twin in the CG specimen. 

While grain boundaries and triple junctions are the nucleation sites for martensite in UFG 

specimen, twinning was not observed due to space restriction effect. 

7. While <110>||CD fibre texture is the stable end-orientations in compression for the FCC γ 

phase, <100> and <111>||CD fibres are predominant for the BCC αʹ phase. 

8. Irrespective of grain size, Shoji-Nishiyama, Kurdjumov-Sachs and Burgers orientation 

relationships exist between the γ & ɛ, γ & αʹ, and ɛ & αʹ phases, respectively. Hence, the 

phase transformation sequence follows both FCC γ → BCC αʹ and FCC γ → HCP ɛ→ 

BCC αʹ under the deformation condition used in this study. 

9. Experimental results agree well with the VPSC simulation results. The latter confirms that 

the decrease in the intensity of <100>||CD fiber in CG specimen is due to twinning. 

10. The deviations of VPSC simulated stress-strain curves from the experimental curves in 

coarse and ultra-fine grained specimens at plastic strains of 0.23 and 0.16, respectively, are 

due to martensitic phase transformation during the compression test. This is because VPSC 

only uses slip and twinning as the active deformation mechanisms for prediction of stress-

strain curve. 
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CHAPTER 9 

Strain Rate Sensitivity and Activation Volume of AISI 321 Stainless Steel under Dynamic 

Impact Loading: Grain Size Effect  

A change in the strain rate sensitivity (SRS) upon an increase in strain rate could signal a transition 

in the dominant rate-controlling deformation mechanism(s). Therefore, it is necessary to 

understand the effects of grain size on the SRS and activation volume of metastable AISI 321 

austenitic stainless steel (ASS) when deformed at high strain rates. The results of an investigation 

on the SRS and activation volume of three groups of the stainless steel specimens having grain 

sizes of 0.24 m (ultrafine grain, UFG), 37 m (fine grain, FG) and 37 m (coarse grain, CG) 

under dynamic impact loading are presented and discussed in this chapter. Using the transmission 

electron microscopy (TEM) and electron backscattered diffractometry (EBSD) characterization 

techniques, the dominant deformation mechanism(s) in the UFG, FG and CG specimens are 

determined. This chapter has been published in “Materials Characterization” as follows: 

A. A. Tiamiyu, J. A. Szpunar, and A. G. Odeshi, “Strain rate sensitivity and activation volume of 

AISI 321 stainless steel under dynamic impact loading: grain size effect,” Materials 

Characterization, vol. 154, pp. 7-19, 2019.  

My contributions to this paper include a review of the relevant literature, design and carrying out 

the experiments, analysis of test results and preparation of the manuscript. My supervisors (Prof. 

Akindele Odeshi and Prof. Jerzy Szpunar) reviewed the manuscript, and their comments and 

suggestions were adressed before the manuscript was submitted for publication. The present 

chapter is a modified version of the published paper. Repetition is avoided by removing the 

portions already covered in Chapter 3 (Materials and methodology). The copyright permission for 

manuscript reuse was obtained and provided in APPENDIX C. 

Abstract 

The rapid change in strain rate sensitivity (SRS) of metals at a critical true strain rate (𝜀�̇�𝑐) is 

commonly attributed to change in rate-controlling deformation mechanism from thermally-

activated process to viscous drag. In this study, metastable AISI 321 stainless steel with grain sizes 

of 0.24 µm (ultrafine [G1]), 3 µm (fine [G2]) and 37 µm (coarse [G3]) was deformed under high 



187 

 

strain-rate loading regime. A change in SRS with increasing 𝜀�̇� is observed only in G2 and G3 and 

it occurs at 𝜀�̇�𝑐 of ~5900 and 6800 s-1, respectively; suggesting that grain size have an effect on 

the switch of rate-controlling deformation mechanisms. While the SRS of G1 is 0.101 and 

unchanged, those of G2 and G3 change from 0.094 to 0.326 and 0.091 to 0.634, respectively, once 

𝜀�̇�𝑐 is reached. Similarly, the estimated activation volume in G1 specimen is ~1.57b3, while those 

of G2 and G3 specimens change from ~2.95b3 to ~0.65b3 and from ~4.10b3 to ~0.45b3, 

respectively. Analysis of the deformed specimens using XRD, EBSD and TEM techniques 

revealed that the complexities in the deformation mechanisms in G2 and G3 specimens led to a 

change in 𝜀�̇�𝑐. Constant SRS in G1 specimen indicated no change in the operational deformation 

mechanisms. 

Keywords: AISI 321 austenitic stainless steel; Slip; Twinning; Phase transformation; Strain rate 

sensitivity; Activation volume 

9.1 Introduction 

The strain rate sensitivity (SRS) of a metal describes the effect of strain rate on the plastic flow 

behaviour of that metal at constant strain and temperature [255]. Denoted by 𝑚 in Eqn. 9.1, SRS 

reflects the plastic behaviour by taking into account dislocation density, dislocation velocity and 

obstacles to dislocation motion. Some of these dislocation barriers may include grain boundaries, 

deformation twins, precipitates, etc. The implication of this is that an observable change in SRS 

upon an increase in strain rate could signal a transition in the dominant rate-controlling 

deformation mechanism [256]. Recently, Wang et al. [257] for the first time studied the effects of 

SRS on the mechanical behavior of Mg alloys at a wide range of strain-rates using an improved 

self-consistent polycrystal plasticity model. The strength of this work was hinged on the fact that 

Mg alloys exhibit multiple SRSs that are associated with different deformation mechanisms in 

operation during deformation. Hence, these authors used different SRSs for different deformation 

mechanisms to examine the strain-rate dependent behaviors of Mg alloys rather than a single SRS 

scheme commonly employed in numerical modelling. Amongst other use, SRS has been 

successfully used in the construction of phase diagram [258]. Activation volume, 𝜗∗, as expressed 

in Eqn. 9.2, can also be used to assess the rate-controlling deformation mechanism in metals. 𝜗∗ 

is based on thermal activation analysis and it is defined as the separation distance between points 

of dislocation intersection [259]. Hence, as plastic strain increases, the 𝜗∗ decreases due to the 
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multiplication of dislocations. The analysis of both m and 𝜗∗ will, therefore, expatiate on the rate-

controlling deformation mechanisms during the plastic deformation of metals [260]. 

𝑚 = 𝜕𝑙𝑜𝑔 𝜎𝑇 𝜕𝑙𝑜𝑔 𝜀�̇�⁄             …9.1 

where 𝜎𝑇 and 𝜀�̇� are true stress and true strain rate, respectively. 

𝜗∗ = 𝑘𝑇 𝑚𝜎𝑇⁄               …9.2 

where T, and k are temperature, and Boltzmann constant, respectively.  

Revealing active deformation mechanisms by experimentally determining the mechanical 

response of materials to mechanical loading at different strain-rate regimes has been adopted in a 

number of studies. At both low and high strain rate regimes, alloys such as AISI 304L stainless 

steel [261,262], AISI 309 stainless steel [262], AA 2024-T351 aluminum alloy [259], Cu 

[260,263], Fe and Ta [260], AA 6061-T6 aluminum alloy [264], AA 1050 and AA 5052 aluminum 

alloys [265] etc., have been studied. Using a split Hopkinson pressure bar (SHPB) system, 

cylindrical test specimens of AISI 304L stainless steel (with or without prestrain) were subjected 

to compressive loads at strain rates ranging between 800 and 5000 s-1 up to 0.1, 0.2 and 0.3 strain 

levels [261]. The authors observed increased work-hardening rate with increasing strain and strain 

rate while higher rate of hardening was observed in the prestrained specimens. In comparison with 

specimens subjected to quasi-static compressive loading, the authors also observed a rapid increase 

in SRS at strain rate above 1000 s-1. This rapid change in SRS was attributed to the change in rate-

controlling deformation mechanism from thermally-activated motion of dislocation during quasi-

static compression to viscous drag during dynamic shock loading [266-269]. The strain rate (𝜀̇) for 

thermally-activated process during plastic deformation can be described by the Arrhenius-type 

equation presented in Eqn. 9.3 [270]: 

𝜀̇ = 𝜀�̇�exp (
−∆𝐺(𝜎𝑎)

𝑘𝐵𝑇
)                          …9.3 

where 𝜀�̇�, 𝜎𝑎, 𝑘𝐵, 𝑇 and ∆𝐺 are the material pre-exponential constant, applied stress, Boltzmann 

constant, absolute temperature and the activation energy, respectively. In other previous studies 

[268,271], the thermally-activated motion of dislocation is reported to dominate up to a strain rate 

of ~3000 s-1 before transition (i.e. before the steep rise in SRS) to viscosity drag mechanism. 

Strengthening due to twin-dislocation, precipitate-dislocation, dislocation-dislocation and 
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dislocation-grain boundary interactions, dominates at strain rates below ~3000 s-1. On the other 

hand, viscous dislocation drag dominates the flow stress at strain rate beyond ~3000 s-1. In both 

low and high strain rate regimes, the kinetics of generation and motion of dislocations govern 

plastic deformation. It is, therefore, the mechanism that results in the most rapid relaxation of the 

imposed elastic stress that will be the dominant plastic deformation mechanisms [272].  

Investigating the role of temperature on the variability of SRS of AA 2024-T351 alloy deformed 

over a wide range of strain rate, Khan and Liu [259] reported that the specimens deformed at high 

strain rates showed a positive SRS. However, the effect of strain rate on strength was reported to 

be independent of temperature while the alloy specimens deformed under quasi-static loading 

regime exhibited a temperature-dependent SRS. Using coupled dislocation dynamics and diffusion 

kinetics simulations, Ahmed and Hartmaier [263] studied the mechanical behavior of metals whose 

material constants are similar to those of copper. The authors reported higher SRS for fine-grained 

material than for coarse-grained materials at a constant temperature. Meanwhile, SRS for fine- and 

coarse-grained materials were determined to be temperature-dependent and temperature–

independent, respectively. Investigating the SRS and activation volume of FCC (Cu) and BCC (Fe 

and Ta) metals with ultrafine-grained (UFG) and/or nanocrystalline (NC) structure using tensile 

strain rate jump test, Wei et al. [260] observed higher SRS for UFG/NC FCC metals and lower 

SRS for UFG/NC BCC metals in comparison with specimens with coarse-grained structure. They 

reported lower activation volume for UFG FCC Cu, whereas those of UFG BCC Fe and Ta 

remained unchanged in comparison with coarse-grained specimens. 

In this study, the strain rate sensitivity of AISI 321 austenitic stainless steel impacted only in the 

high strain rate regime is investigated. In addition to investigating the dynamic impact response of 

the steel, the following questions are intended to be answered in this manuscript: (a) How does 

grain size influence the SRS of AISI 321 steel? (b) Could there be a rapid change in SRS at a 

particular threshold of strain rate? (c) If the answer to question (b) is yes, what is the strain rate 

threshold at which rapid change in SRS occurs in AISI 321 steel and how does deformation 

mechanism (which is a function of grain size) influence it? 

AISI 321 is a variant of AISI 304 stainless steel that is stabilized with titanium (Ti) to reduce 

sensitization during high-temperature applications. It has an FCC crystal structure with low 
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stacking fault energy [20]. Its FCC structure (γ-austenite phase) can transform to BCC structure 

(α'-martensite) during plastic deformation. Due to its corrosion resistance [3], AISI 321 finds 

application in components designed for nuclear power and chemical reactors, automobile exhaust 

systems, aircraft exhaust stacks and exhaust manifolds, pressure vessels, mufflers for engines, 

carburetors, expansion bellows, stack liners, etc. It is important to understand the mechanical 

response of this alloy to impact loading due to the possibility of its exposure to such an extreme 

loading condition in such applications. SHPB was used to deform the AISI 321 steel specimens 

(with varying grains sizes) at high strain rates. X-ray diffraction (XRD) and electron microscopic 

(SEM, EBSD and TEM) techniques were used to characterize impacted specimens to understand 

the underlying mechanism of deformation or strengthening in the alloy. 

9.2 Materials and methodology  

Ultrafine (0.24 µm), fine (3 µm) and coarse (37 µm) grained AISI 321 austenitic stainless steel 

plate whose nominal composition is presented in Table 2.1 were investigated in this study. The 

steel was received in hot-rolled condition with coarse grain structure (G3). Fine (G2) and ultrafine 

(G1) were obtained by annealing 50% cryo-rolled as-received (G3) sample at 800 ℃ (360 mins) 

and 750 ℃ (10 mins), respectively. The cryo-rolling process is described in Section 3.2.  

High strain-rate test using the SHPB system was conducted on 4mm x 4mm cylindrical test 

specimens machined from the as-received and refined alloys. These specimens were machined 

along the rolling direction (RD) of the steel plate and compression direction (CD) is parallel to the 

RD. G1, G2 and G3 samples were subjected to common projectile’s firing pressures (FP) at 50, 

60, 70, 80, 90, 100, 110, 120 and 130 kPa. Upon generating the engineering stress, strain, and 

strain rate data from Eqns. 3.1-3.3, the 𝜎𝑇, true strain (𝜀𝑇), and 𝜀�̇� data were obtained using Eqns. 

9.4-9.6 [73], respectively; 

𝜎𝑇 = 𝜎 [1 − 𝜀]                                                                                                                                                                   …9.4 

𝜀𝑇 = −𝑙𝑛 [1 − 𝜀]                                                                                                                                                              …9.5 

𝜀�̇� =
̇

1−
                                                                                                                                                                           …9.6 



191 

 

The dynamic impact tests, hardness tests and microstructural analyses such as the optical 

microscopic examination, TEM, EBSD, X-ray diffractometry and Feritscope measurements were 

conducted as described in Chapter three. 

9.3 Results and discussion 

9.3.1 Microstructural evaluation before deformation 

Figure 9.1 shows the EBSD band contrast maps and the TEM micrographs for the three starting 

microstructures (UFG-0.24 µm [G1], fine-3 µm [G2] and coarse-37 µm [G3]) of the investigated 

AISI 321 stainless steel. Besides revealing the morphology of the grain size, both EBSD and TEM 

techniques confirm the absence of annealing twins in UFG specimen and their (annealing twins) 

increase in fraction with an increase in grain size. The absence of annealing twins in UFG sample 

(Fig. 9.1a and d) suggests that 0.24 µm is below the critical grain size at which annealing twin can 

develop in AISI 321 stainless steel. A similar observation has also been reported in UFG AISI 304 

stainless steel (~0.27 µm grain size) that was developed by accumulative rolling (up to 67% total 

reduction) followed by annealing at 823 K for 150 s [81]. The presence of nano-sized carbide 

precipitates identified by EDS technique as TiC was observed in the bulk of the investigated steel 

in the current study (insets [a2 and a3] in Fig. 7.1). 

9.3.2 Dynamic mechanical behavior, martensitic phase transformation and hardness  

Typical dynamic true stress-true strain curves and their corresponding strain hardening rate curves 

for G1, G2 and G3 specimens, deformed using the firing pressures of 50, 60 and 70 kPa are 

presented in Fig. 9.2. For brevity, other curves deformed at higher firing pressures are not included. 

The curves are uniquely characterized by yield, strain hardening and thermal softening regions. 

The summary of the mechanical data generated from the true stress-true strain curves is provided 

in Table 1. The competition between strain hardening and thermal softening are characteristics of 

the mechanical behaviour of metals under dynamic shock-loading conditions. This accounts for 

the rising (strain hardening) and falling (thermal softening) observed in the dynamic stress-strain 

curves. Although G1 specimens exhibit a higher yield strength, the strain hardening rate curves in 

Fig. 9.2d-f indicates the G1 specimen as the least strain-hardened specimen, compared to G2 and 

G3 specimens in the plastic zone. Unlike in stable alloys where hardening is solely attributed to 

dislocations, their multiplication, and their interaction with barriers [273], strain hardening in 
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Fig. 9.1. (a-c) EBSD band contrast maps and (d-f) TEM bright field micrographs of undeformed 

(a, d) G1, (b, e) G2, and (c, f) G3 samples. Black and red lines in the EBSD maps are high angle 

grain boundaries and twin boundaries, respectively.  

metastable AISI 321 stainless steel has been reported to be from multiple strengthening sources 

during plastic deformation [208]. Meanwhile, thermal softening occur when about 90 % of the 

kinetic energy of the projectile is converted to thermal energy during high strain-rate deformation 

[75]; leading subsequently to temperature rise in the specimen.  

At a common firing pressure, say, 50 kPa, Fig. 9.2 shows that different strain rates (and strain) 

were generated in the G1 (1300 s-1), G2 (2200 s-1) and G3 (2900 s-1) specimens. Consequently, at 

any firing pressure, highest and lowest strain rates (and strain) were recorded in G3 and G1 

specimens, respectively. This affirms the effect of grain size on the dynamic impact response of 

the AISI 321 steel as G1 (UFG) specimens also show higher compressive strength than those of 

G2 (fine) and G3 (coarse) specimens; obeying the Hall-Petch relation [274]. X-ray diffraction 

patterns (Fig. 9.3(a-c)) confirms the evolution of deformation-induced martensitic phase 

transformation during high-strain-rate deformation. This is because the intensity of α'-peaks 

[(110)α' and (200)α'] increases with increase in FP/strain rate at the expense of the γ-peaks [(111)γ 

and (200)γ] of the starting microstructure. The intensity of α'-peaks are higher in G1 than G2 and 

G3 specimens; showing lower stability of austenite during dynamic deformation in G1 specimens. 
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Fig. 9.2. Typical (a-c) true stress-true strain and (d-f) corresponding strain hardening rate curves 

of deformed G1, G2 and G3 specimens.  

Meanwhile, the reverse hold for γ-peaks (i.e. higher intensity of γ-peaks in G3); implying higher 

stability of austenite in G3 specimens. However, increasing the FP/strain rate beyond a critical 

value, the intensity of α'-peaks drop again i.e. the development of α' is suppressed. This behavior 

is also confirmed in Fig. 9.3d that shows volume percent of α'-martensite, as measured using 

Feritscope, in the impacted specimens. The onset of the drop in the fraction of α' occurred at strain 

rates in the range 6000-8000 s-1 (marked in Fig. 9.3d). The suppression of deformation-induced 

martensite above this strain-rate range is a result of the significant temperature rise (adiabatic 

heating) in the specimen which is associated with high strain rate testing conditions 

[255,262,275,276]. Among other factors such as alloy content, deformation temperature, pre- 

strain, stress state, deformation mechanism, and deformation methods, strain and strain rate are 

important factors reported to influence the fraction of deformation-induced martensite in stainless 

steel [19,66,105]. 
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Table 9.1. Comparison table of observations from the dynamic impact responses of AISI 321 steel 

specimens. 

G1, G2 and G3 are specimens with grain sizes of 0.24, 3 and 37 µm, resp., FP- Firing pressure, 

IM- Impact momentum, IV- impact velocity, ASB- Adiabatic shear band, DSB- Deformed shear 

band, TSB- Transformed shear band.  

Besides adiabatic heating, grain size also plays a significant role in austenite stability during 

deformation. From Figs. 9.3c and d, the stability of austenite in the coarse-grained specimen (G3) 

is so high that phase transformation barely occurred. Hence, stronger austenite stability in G3 

(without downplaying the effect of adiabatic heating within specimen) is more responsible for low 

α' fraction. This is because, from Eqn. 2.6, higher adiabatic heating is expected in G1 (UFG) 

specimens than in G2 and G3 specimens; as already confirmed elsewhere [277]. Based on this 

Grain structure FP, kPa IV,  ms-1 IM, kg.ms-1 True strain rate, s-1 True strain Type of ASB 

 

50 4.93 10 

   

G1 1300 0.13 NO 

G2 2200 0.21 No 

G3 2900 0.27 NO 

 

60 6.86 14 

   

G1 3000 0.27 NO 

G2 4000 0.38 No 

G3 4800 0.45 NO 

 

70 8.95 18 

   

G1 4200 0.40 DSB 

G2 5900 0.56 DSB 

G3 6800 0.65 NO 

 

80 9.44 20 

   

G1 6400 0.60 DSB+TSB 

G2 8000 0.76 DSB 

G3 8800 0.84 DSB 

 

90  10.38 21 

   

G1 8200 0.78 TSB  

G2 9500 0.89 TSB 

G3 11500 0.99 DSB 

 

100 11.51 23 

   

G1 9800 0.92 TSB 

G2 11400 1.05 TSB 

G3 12000 1.14 TSB 

 

110 12.88 26 

   

G1            11700           1.11            TSB 

G2            13000           1.27            TSB 

G3            13400           1.30            TSB 

 

120 15.47 31 

   

G1 12400 1.20 TSB 

G2 14000 1.39 TSB 

G3 14500 1.43 TSB 

 

130 17.71 36 

   

G1 13800 1.35 TSB 

G2 14600 1.47 TSB 

G3 16000 1.56 TSB 
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observation, G1 logically should possess a lower fraction of martensite. However, the reverse is 

the case, which could be due to more α' nucleation sites such as grain boundaries and their triple 

junctions in ultrafine austenite grains [278]. Figure 9.3e shows the effect of grain size and strain 

rate on the Vickers hardness of the impacted G1, G2 and G3 specimens. While the hardness is 

inversely proportional to grain size, strain rate shows a direct relation to the hardness value of the 

investigated steel. Although hardening in metastable austenitic stainless steels is closely related to 

the fraction of α' [66], other hardening sources are found in AISI 321 stainless steel [277]. 

 

 

Fig. 9.3. X-ray diffraction patterns for (a) G1, (b) G2 and (c) G3 specimens; (d) α'-martensite 

vol%-true strain rate and (e) Vickers hardness-true strain rate plots. 
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9.3.3 Strain-rate sensitivity and activation volume 

9.3.3.1 Role of grain size 

Figure 9.4 shows the effect of grain size on the strain rate sensitivity (m) of AISI 321 austenitic 

stainless steel. Positive m values are recorded at all investigated strain-rates which are 

characteristic of specimens subjected to dynamic impact loading condition [279]. While there is 

an observable rapid change in the value of m for G2 (fine) and G3 (coarse) specimens at the 

respective critical true strain rates, 𝜀�̇�𝑐
𝑓𝑔

 and 𝜀�̇�𝑐
𝑐𝑔

 that partition the curves into two stages, the value 

of m for G1 (UFG) specimen remains unchanged. However, at stage I, G1 specimens exhibit higher 

m-value than those of G2 and G3 specimens while higher value of m was recorded for G3 

specimens at stage II (Fig. 9.4). The behavior in stage I (i.e. an increase in m with decreasing grain 

size) are general features in both FCC and BCC metals [263,280]. Higher m-value for G1 (UFG) 

samples in stage I could be due to low forest dislocation density in the UFG interior, yet, possessing 

higher grain boundary area [281]. The true strain rate thresholds at which the rapid change of m 

occurs are ~5900 and 6800 s-1 for G2 and G3 specimens, respectively (Table 9.2). The steep change 

in m-value was reported to be at a strain rate threshold between 1800 and 4000 s-1 [269] or above 

3000 s-1 [268] in FCC metals. This was suggested to be due to the transition in the rate-controlling 

mechanism of the dislocation motion from a thermally activated process to viscous drag [261,268]. 

Viscous drag is the slow down of dislocation motion due to the interaction of dislocations with 

lattice thermal vibrations during dislocation-phonon interaction. This observation is also 

corroborated by the results of a recent study by Tsai et al. [282] who studied the dynamic impact 

response of a high-entropy CoCrFeMnNi alloy and observed a rapid increase in m–value at a 

critical strain rate of 6000 s-1.  Hence, it is very likely that there was no change in the rate-

controlling mechanism obstructing motions of dislocation in G1 specimens throughout the strain 

rate range used, while specimens of larger grain sizes (G2 and G3) shows a change in rate-

controlling mechanism beyond the 𝜀�̇�𝑐 value [271].  
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Fig. 9.4. A plot of log of true stress vs log of true strain rate: σT at εT = 0.1. 

Table 9.2 Values of m and 𝜗∗ at each stages for AISI 321 steel specimens. 

To further expatiate on the rate-controlling mechanism in AISI 321 under high strain rate loading 

conditions, the activation volume, 𝜗∗, was estimated using Eqn. 9.2. The common practice is to 

express 𝜗∗ in terms of b3 as presented in Table 9.2, where b is the Burgers vector of the material 

under investigation. The b (=0.258 nm [283]) in AISI 304 stainless steel was used since AISI 321 

is a derivative of AISI 304. Hence, the activation volume (𝜗∗) of G1, G2 and G3 specimens are 

determined to be ~1.57b3, 2.95b3 and 4.10b3 in stage I, respectively. While the 𝜗∗ value for the G1 

specimens remained nearly unchanged, 0.65b3 and 0.45b3 are the 𝜗∗ values for G2 and G3 

Grain structure Stage True strain rate range, s-1 Strain rate sensitivity, m Activation volume, 𝜗∗ 

 

I 

   

G1    1300 - 13800 0.101   ~1.57b3 

G2 ~ 2200 - 5900 0.094   ~2.95b3  

G3 ~ 2900 - 6800 0.091  ~4.10b3 

 

II 

   

G1    - - - 

G2 ~ 5900 - 14600 0.326  ~0.65b3  

G3 ~ 6800 - 16000 0.634  ~0.45b3 
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specimens in stage II, respectively. The lower 𝜗∗ value recorded in G1 specimens at stage I could 

be due to the lower tendency for the occurrence of the cutting of forest dislocations in UFG 

materials [284]. These results also confirm that both grain size and strain rates influence the rate-

controlling mechanism. From Eqn. 9.2, it can be inferred that 𝜗∗ is inversely proportional to m and 

𝜎. Therefore, unlike m, 𝜗∗ increases with an increase in grain size in stage I, whereas it decreases 

with increase in grain size in stage II. 

9.3.3.2 Role of Deformation and strengthening mechanisms 

Strain rate sensitivity and/or activation volume has been successfully used in the previous sub-

sections to determine a plausible change in the underlying deformation mechanism during the high 

strain rate deformation of AISI 321 stainless steel. However, it is necessary to understand which 

of these mechanisms are in operation at any strain-rate range and their influence on the critical 

strain rate (𝜀�̇�). While the occurrence of α' phase transformation in the investigated steel is already 

discussed in section 3.2 and now verified by EBSD phase maps and TEM micrographs in Fig. 9.5-

7, plastic deformation by slip and deformation twinning also occurred as observed in the EBSD 

and TEM results. It should be noted that the occurrence of slip, α' phase transformation (that leads 

to transformation-induced plasticity [TRIP]) and deformation twinning (resulting in twinning-

induced plasticity [TWIP]) during dynamic shock loading are influenced by the stacking fault 

energy (SFE) of the deformed metal, which depends on the chemical composition and temperature 

[50,66,285]. While the main deformation mechanism in metals with SFE >35 mJ/m2 is slip, TWIP 

will occur in steel with an SFE in the range 18-35 mJ/m2 and TRIP dominates at SFE <18 mJ/m2 

[286]. Using Eqn. 2.7 [6], the SFE of AISI 321 is estimated to be 25.1 mJ/m2. This value may be 

within an SFE range that permits the concurrent occurrence of slip, TRIP and TWIP in AISI 321 

steel. Although the stability of αʹ is favored in metals with low SFE (e.g. AISI 321 steel), a 

temperature rise due to adiabatic heating during high strain-rate deformation is sufficient to raise 

the SFE of the deformed metal [146]. This, therefore, could suppress the occurrence of TRIP as 

recorded in the specimens deformed at 𝜀�̇� beyond ~7000 s-1 (Fig. 9.3d).  

The EBSD maps of the deformed specimen at stage I in Fig. 9.4 are provided in Fig. 9.5 while the 

results of the TEM and EBSD analyses on those specimens in the stage II region are provided in 

Figs. 9.6 and 9.7. At stage I, slip occurs in specimens for all investigated grain sizes. However, the 

extent of deformation due to slip decreases with a decrease in grain size (Fig. 9.5). This is validated 



199 

 

by the lowest (Fig. 9.5d) and highest (Fig. 9.5o) Kernel average misorientation (KAM) recorded 

for G1 and G3 specimens, respectively. KAM is a measure of local misorientation that indicates 

the extent of plastic deformation or elastic energy distribution in a specimen. It is estimated as the 

average misorientation between each measured point in the EBSD scan and its neighbors. In order 

to exclude the effect of large misorientations (grain boundaries), misorientations ≤ 5o are only 

considered. Hence, high KAM translates to high accumulated strain or stored defects. Although 

the IPF maps of the austenite phase show significant texturing around [110]||CD fibre (stronger 

texture in G2 and G3), color gradient within a grain could also suggest the occurrence of slip. 

While the IPF maps (Figs. 9.5b and c) for G1 specimen shows a near-absence of in-grain color 

gradient, grains in G2 (Figs. 9.5h and i) and G3 (Figs. 9.5n) shows different color interplay or 

orientation spread especially between [111] and [110]||CD, and [113] and [110]||CD fibre textures. 

The pole figure of a fairly larger grain of ~0.7 µm in G1 specimen (marked in Fig. 9.5b) is 

presented in Fig. 9.5f. It shows a more clustered orientation pole than the widespread of orientation 

recorded in G3 specimen (Fig. 9.5q). The wider spread of orientation color in Fig. 9.5q does not 

depict a pole stemming from larger grain size in comparison with Fig. 9.5f, but rather, a pole of 

grain that has undergone larger plastic deformation by slip or larger lattice grain rotation from 

point 1 to 4. This lattice rotation is due to grain boundary-initiated intragrain plasticity [287]. On 

the other hand, deformation twinning occurred in G2 (Fig. 9.5l) and G3 (Fig. 9.5p) specimens only 

and their fraction increases with increase in grain size. The lower extent of slip and near absence 

of twin in G1 (UFG) specimens is attributed to spatial restriction effect. The near-absence of twins 

in UFG specimen suggests that the stress required to develop twinning (twinning stress) is high 

compared to those of the G2 and G3 specimens [80,82]. 

In stage II, the occurrence of slip and twinning are observed and qualitatively verified by the TEM 

results (Fig. 9.6). While dislocations and the absence of twins are observed in the G1 specimen 

(Fig. 9.6a), the intense slip in G3 specimen leads to grain boundary-dislocations (Fig. 9.6b), 

dislocation-dislocation (Fig. 9.6c), twin-dislocation (Fig. 9.6d and e) and carbide-dislocation (inset 

in Fig. 9.6e) interactions. These interactions hinder dislocation motion and hence, contributes to 

hardening during plastic deformation. Two notable deformation twin nucleation sites are observed 

in the steel under investigation; inside the grain interior via dislocation-dislocation interactions 

(Fig. 9.6e) and at the grain boundary via grain boundary-dislocation interactions (Fig. 9.6f). These 

twin nucleation sites have been reported using molecular-dynamics for the simulation of plasticity 
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Fig. 9.5. EBSD maps of (a-f) G1, (g-l) G2 and (m-q) G3 specimens deformed at a firing pressure 

of 60 kPa: (f) and (q) are the pole figures of selected grains in (b) and (n), respectively. 
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Fig. 9.6. TEM bright field micrographs of (a) G1 and (b-f) G3 specimens deformed using a firing 

pressure of 90 kPa. Inset in (e) is dislocation pile-up around a TiC particle. 

of polycrystalline materials [288]. In a recent development [287], shock-induced deformation of a 

polycrystalline material using a molecular-dynamics-based simulation that is coupled with 

orientation mapping and selected area electron diffraction for microstructural analysis was 

investigated. In agreement with the current findings and previous works, the authors found that 

stacking faults and perfect dislocations emitted from grain boundaries are nucleating sites for 

deformation twins. These authors (Wang et. al. [287]) also concluded that intra-grain dislocation 

and twinning nucleated from grain boundaries, such as those observed in G3 specimen (Figs. 9.6c 

and 9.6f), could lead to partial grain rotation and eventual subgrain formation. At higher strain rate 

in stage II, the EBSD results in Fig. 9.7 shows a near-absence of α' in G3 specimen (Fig. 9.7l) and 

significant texturing of austenite grains around [110]||CD (Figs. 9.7g and 9.7m). A comparison of 

KAM maps and pole figures of selected grain in G1 and G3 specimens affirm the increase of slip 

activity with an increase in grain size. While the twin fraction in G1 specimen is still near zero 

(Fig. 9.7d), twin fraction increases as the grain size increases from fine (Fig. 9.7k) to coarse G3 

(Fig. 9.7o) specimen. From Fig. 9.5 to 9.7, it can, therefore, be concluded that the increase in grain  
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Fig. 9.7. EBSD maps of (a-e) G1, (f-k) G2 and (l-p) G3 specimens deformed at a FP of 100 kPa: 

(e) and (p) are the pole figures of selected grains in (a) and (m), respectively. 
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size and strain rate increases slip and twinning activities. On the contrary, an increase in grain size 

and strain rate suppresses α' phase transformation. It should be noted that the use of feritscope gave 

a close estimate of α'-martensite fraction with those of EBSD results. Although the X-ray 

diffraction patterns in Fig. 9.3a-c qualitatively agrees with the feritscope and EBSD results, the 

estimated α'-martensite fraction from XRD integrated intensity yielded an unreliable value that is 

off the EBSD and feritscope estimates. This could be due to the few peaks obtainable from the 

XRD machine equipped with Cr source used in this study. 

Phase transformation sequence may either follow FCC γ-austenite → BCC αʹ-martensite or FCC 

γ-austenite → HCP ɛ-martensite → BCC αʹ-martensite sequence during the formation of 

deformation-induced martensite (DIM). Although under a quasi-static compressive condition, the 

coexistence of both phase transformation sequences has been reported in AISI 321 stainless steel 

(irrespective of grain size) [289], γ → αʹ is observed in the current study. It is possible that after 

the dynamic impact of the investigated steel, the transformation sequence of γ → ɛ → αʹ is already 

completed. The formation of a higher fraction of αʹ in G1 specimens than in G2 and G3 specimens 

(Fig. 9.3d) could be attributed to the higher grain boundary area and triple junctions that are 

nucleation site for αʹ transformation [290]. The γ grain boundaries have been reported as the 

dominant nucleation site for DIM in UFG austenite [59], and the process is commonly referred to 

stress-assisted nucleation process. On the other hand, strain-induced martensite occurs 

predominantly at two intersecting shear systems (i.e. ɛ-martensite bands) [58]. It is thought that 

the shear strains by the intersection of two ɛ-martensite variants result in an atomic arrangement 

that favors the nucleation of αʹ [59]. Summarily, the nucleation of stress-assisted αʹ depends on the 

same nucleation sites or embryos (such as grain boundaries), whereas the nucleation of strain-

induced αʹ require the creation of new sites or embryos (such as the intersection of ɛ bands or the 

intersection of an ɛ band with a twin in the parent austenite) by plastic deformation [58]. Therefore, 

the absence of ɛ-martensite and their intersections in AISI 321 stainless steel under dynamic 

loading condition can suggest that the observed αʹ are stress-assisted αʹ. Subsequently, the higher 

density of stress-assisted αʹ nucleation site (i.e. grain boundary area) in G1 samples is responsible 

for a higher fraction of martensite observed in Fig. 9.3d. 
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Fig. 9.8. Schematic representation of Fig. 9.4 and the activated deformation mechanisms at each 

stage. 

Based on the observed activated deformation mechanisms at each of the stages in Fig. 9.4, a 

schematic diagram showing the role of deformation mechanism on the critical true strain rate (𝜀�̇�𝑐) 

at which the rapid change of m occurs is presented in Fig. 9.8. Although it is widely accepted that 

a change in m at 𝜀�̇� is due to the transition in the rate-controlling mechanism of the dislocation 

motion from a thermally activated process to viscous drag, it is concluded that difference in the 

value of 𝜀�̇�𝑐 for different grain sizes (Fig. 9.8) could be due to the complexities in the deformation 

mechanisms in metastable AISI 321 stainless steel. That is, the acceleration or the deceleration of 

any of the activated deformation mechanisms (slip, twinning and α' phase transformation) as the 

slope transit from stage I to II. Using the results from a direct impact Hopkinson pressure bar test 

to describe a change from a thermally activated process to a viscous regimes of stable (copper and 

nickel) and metastable (AISI 304L austenitic stainless steel) metallic materials, Couque [269] 

studied the effect of strain rate on transition in the rate-controlling mechanism. The author reported 
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no change in 𝜀�̇� for the stable metals despite the change in grain size. However, 𝜀�̇� changed with 

grain size for the metastable AISI 304L steel (of which AISI 321 is a derivative) [269]. There was 

no explanation for this behavior by Couque due to lack of microstructural analysis that might be 

beyond the scope of that work. Therefore, combining these previous findings with the current 

observation, it is thought that the constant value of 𝜀�̇� irrespective of grain size for stable copper 

and nickel metals was due to a singular dislocation interaction activity as the dominant deformation 

mechanism. Whereas, complexities in the deformation mechanism such as the mechanisms 

involving dislocation (resulting in grain boundary-dislocations, dislocation-dislocation, twin-

dislocation and carbide-dislocation interactions), twinning and α' phase transformation in fine and 

coarse-grained metastable AISI 321 (and in AISI 304L) could lead to a change in 𝜀�̇�. These 

observations could also suggest a possible role of grain size on the SFE of AISI 321 stainless steel. 

This is because, just as the grain size (as observed in this study), SFE is also partitioned in such a 

manner that favors specific operational deformation mechanisms as described above. Although 

SFE depends on factors such as chemical composition and temperature [50], the compositional 

equation (Eqn. 2.7) does not account for the role of grain size. Hence, the estimated SFE for AISI 

321 from this equation (25.1 mJm-2) could, therefore, be assumed for the undeformed G3 sample. 

The variation of dominant deformation mechanisms due to the effect of grain size in this study, 

therefore, suggests that the SFE of AISI 321 steel possibly deviates from the estimated value of 

25.1 mJm-2.  

9.3.4 Macrotexture evaluation 

During plastic deformation, defects such as dislocation and twinning impart local orientation 

changes by preferentially adjusting the orientation in soft grains [287,291]. Hence the need to 

identify the plausible stable end-orientations in the deformed specimens. Figure 9.9 shows the IPF 

triangles of both the austenite and martensitic phases. The result shows that the stable end-

orientation in the austenitic phase is [110]||CD and its intensity increases with an increase in grain 

size and strain rate. The higher intensity of [110]||CD texture in G3 (coarse) could signify higher 

slip and twin activities in comparison with the lowest intensity of [110]||CD texture recorded in 

G1 (UFG) specimens due to low slip and near-absence of twinning. This could ultimately 

contribute to the higher hardening rate observed in the impacted G3 specimens (Fig. 9.2d-f).  
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Fig. 9.9. IPF triangles of both the γ-austenite and α'-martensite phases in the impacted G1, G2 and 

G3 specimens. 
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Similarly, the stable end-orientations in the martensitic phase are [100] and [111]||CD and their 

intensities increases with decreasing grain size and increasing strain rate as shown in Fig. 9.9.  

9.3.5 Formation of adiabatic shear band 

A major deformation mode in metals subjected to dynamic impact load is the formation of 

adiabatic shear band (ASB). ASB is a region in a specimen subjected to dynamic impact loading, 

where intense shear strain localization occurs due to loss of load carrying capacity caused by 

extreme thermal softening from localized adiabatic heating [118]. Depending on the intensity of 

the localization, two types of ASB can develop; deformed and transformed shear bands. The 

deformed shear band (DSB) consists of elongated grains and transformed shear band (TSB) 

consists of equiaxed ultrafine grains [292]. Localized deformation usually starts with the formation 

of DSB, which then changes to TSB once a critical strain for formation of TSB is attained [192]. 

It is the formation of TSB that eventually initiates dynamic fracture of materials at high strain rates 

[293]. In this study, grain size plays a major role in the onset of ASB. As presented in Table 9.1, 

the onset of both DSB and TSB occur earlier (i.e. at a lower strain rate) in G1 specimens than in 

G2 and G3 specimens. The optical micrographs that show the formation of DSB and circular TSB 

on the compression plane of both G1 and G3 specimens are provided in Fig. 9.10. At the same 

firing pressure of 80 kPa, fully formed DSB was formed in both deformed G1 (Fig. 9.10a) and G3 

(Fig. 9.10c) specimens; however, the onset of TSB is already noticeable in G1 (Fig. 9.10a) 

specimen. This confirms that G1 specimens are more susceptible to the formation of ASB compare 

to G2 and G3 specimens. Figure 9.10a also confirm that TSB is a metamorphosized DSB once a 

critical strain rate/strain for TSB-formation is reached. Fully-formed TSBs in both G1 and G3 

specimens deformed at the same firing pressure of 120 kPa are presented in Figs. 9.10b and 9.10d, 

respectively.  Detail analyses of these bands are beyond the scope of this paper. However, it was 

reported elsewhere that equiaxed dynamic recrystallized grains of sizes ~0.10, 0.18 and 0.24 µm 

developed inside the ASB formed in G1, G2 and G3 specimens, respectively, by rotational 

dynamic recrystallization mechanism [277].  
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Fig. 9.10. Optical micrographs showing the deformed shear band at 80 kPa and fully-formed 

transformed shear band at 120 kPa in deformed (a) G1 and (b) G3 specimens. 

9.4. Conclusion 

The strain rate sensitivity and activation volume of metastable AISI 321 austenitic stainless steel 

with grain sizes of 0.24 µm (ultrafine [G1]), 3 µm (fine [G2]) and 37 µm (coarse [G3]) were 

investigated at high strain rate regime. The following conclusions are drawn from the experimental 

findings: 

1. A change in strain rate sensitivity (SRS) with increasing true strain rate is observed only in 

G2 and G3 specimens and it occurs at a 𝜀�̇�𝑐 of ~5900 and 6800 s-1, respectively. 
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2. While the SRS of ultrafine-grained (G1) specimen is 0.101 and remained unchanged as 

strain-rate increased, those of fine (G2) and coarse (G3) specimens changed from 0.094 to 

0.326 and 0.091 to 0.634, respectively, once a critical true strain rate (𝜀�̇�𝑐) is reached.  

3. Similarly, the estimated activation volume in G1 specimen is ~1.57b3, while those of G2 

and G3 specimens changed, once 𝜀�̇� is exceeded, from ~2.95b3 to ~0.65b3 and from ~4.10b3 

to ~0.45b3, respectively.  

4. The complexities in the deformation mechanisms such as the simultaneous occurrence of 

slip, twinning and α' phase transformation in fine and coarse-grained metastable AISI 321 

stainless steel leads to a change in 𝜀�̇�. The constant SRS in G1 specimen suggests no change 

in operational deformation mechanisms (slip and α' phase transformation) at all 

investigated strain rates. 

5. The stable end-orientation in the austenitic phase is [110]||CD and its intensity increase 

with an increase in grain size and strain rate. Higher slip and twin activities contribute to 

the higher intensity of [110]||CD texture in G3 (coarse) specimen. 

6. The susceptibility of AISI 321 steel to the formation of adiabatic shear band increases with 

a decrease in grain size. 
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CHAPTER 10 

Thermal and Mechanical Stability of Austenite in Metastable Austenitic Stainless Steel 

In this chapter, the roles of grain size, texture, strain and strain rate on the thermal and mechanical 

stability of austenite in AISI 321 metastable austenitic stainless steel is discussed. The observations 

in this study could open a new window for engineering the initial texture of metastable austenitic 

stainless steel to either aid thermally and/or mechanically-stable austenite phase or promote both 

isothermal and deformation-induced martensitic phase transformation. These research findings are 

published in “Metallurgical and Materials Transactions A” as follows:  

A. A. Tiamiyu, Shiteng Zhao, Zezhou Li, A.G. Odeshi, J.A. Szpunar, “Thermal and mechanical 

stability of austenite in metastable austenitic stainless steel”, Metall. Mater. Trans. A Phys. Metall. 

Mater. Sci., 2019. https://doi.org/10.1007/s11661-019-05362-2 

My contributions to this paper include review of the relevant literature, design and carrying out of 

experiments, analysis of test results and preparation of the manuscript under the guidance of my 

supervisors (Prof. Akindele Odeshi and Jerzy Szpunar). Both supervisors’ comments and 

suggestions were addressed before submitting the manuscript for publication. The content of this 

chapter is a modified version of the published paper. The modification involves removing material 

and methods already discussed in Chapter three to avoid repetition. The copyright permission for 

manuscript reuse was obtained and provided in APPENDIX C. 

Abstract 

The roles of grain size, texture, strain, and strain rate on the thermal and mechanical stability of 

austenite in AISI 321 metastable austenitic stainless steel were studied. Ultrafine grain (UFG), fine 

grain (FG) and coarse grain (CG) specimens with average grain sizes of 0.24 µm, 3 µm and 37 µm 

sizes, respectively, were investigated. To determine the thermal stability of austenite (TSA), 

samples were soaked in liquid nitrogen (-196 oC) for varying times between 0.5 to 24 h. On the 

other hand, the mechanical stability of austenite (MSA) was studied by subjecting cylindrical 

specimens to both quasi-static (4.4 x 10-3 s-1) and dynamic loading conditions (between 1300 and 

8800 s-1). Thermally-induced α'-martensite was only observed at an incumbent time in AISI 321 

to suggests an isothermal martensitic transformation occurred. Both Kurdjumov-Sachs 

({111}γ||{110}α' and <1̅01>γ||<11̅1>α') and Nishiyama–Wasserman ({111}γ||{110}α' and 
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<112>γ||<011>α') orientation relationships existed  between the untransformed γ and thin-plate α'-

martensite. The thermally-induced phase transformation was highly suppressed in UFG 

specimens. While TSA decreased with an increase in grain size, MSA decreased with a decrease 

in grain size. While thin-plate α' predominantly formed in the thermally-treated AISI 321 steel (FG 

and CG specimens only), lath and irregularly-shaped α' formed in the specimens deformed under 

quasi-static and dynamic loading conditions, respectively. Irrespective of strain rate, deformation-

induced α' in UFG specimens inherited the morphology of the deformed austenite grain that is 

equiaxed. Irrespective of grain size, MSA also decreased with increase in strain (up to a critical 

strain for specimens deformed under dynamic loading condition) and decrease in strain rate. In the 

event of adiabatic shear band (ASB) formation in a specimen deformed at high-strain rate, MSA 

increased as the ASB was approached due to the temperature rise in the ASB region. Electron 

backscattered diffractometry (EBSD) examination revealed that the evolution of both thermally- 

and deformation-induced martensite is orientation-dependent in FG and CG specimens. The 

instability (thermal and mechanical) of the austenite phase is highest in the RD/CD||[100]-oriented 

grains (RD and CD are rolling and compression directions, respectively), followed by grains 

oriented near RD/CD||[110] and RD/CD||[111], in that order. These findings could open a new 

window of engineering the initial texture of metastable austenitic stainless steel to either aid 

thermally and/or mechanically-stable austenite phase or promote both isothermal and deformation-

induced martensitic phase transformation. 

Keywords: AISI 321 austenitic stainless steel; Texture; martensitic phase transformation; thermal 

stability of austenite; mechanical stability of austenite; SHPB 

10.1 Introduction 

Metastable austenitic stainless steel (MASS) has a face-centered cubic (FCC) crystal structure and 

low stacking fault energy (SFE). It finds application in energy (chemical and nuclear) and 

transportation sectors. MASS could be exposed to various degree of conditions that could result in 

the instability of its austenite phase in service, i.e., martensitic phase transformation could occur. 

This could affect the properties of MASS, e.g., loss of non-magnetic property of the MASS when 

α'-martensite developed [294]. Some of these stability-deteriorating conditions include a cryogenic 

environment and exposure to an external load, either at low or high strain rates. In a cryogenic 

environment, the austenitic phase may become unstable, leading to the evolution of α'-martensite. 
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Generally, the martensitic transformation is displacive with definite crystallography [295], and 

they are categorized into athermal and isothermal transformations depending on the kinetics of 

transformation [38,39,296]. While the amount of martensites formed during athermal 

transformation depends solely on temperature, the amount of those that form during isothermal 

transformation is a function of both temperature and time [40]. For athermal transformation to 

occur and proceed, the thermal activation is not necessary [41]. In other words, only the 

thermodynamic driving force obtained by lowering temperature is adequate for athermal 

martensitic transformation. This thermodynamic driving force must overcome the elastic energy 

that opposes initiation at specific sites at and below the martensite start (Ms) temperature. 

Athermal martensitic transformation involves two steps. The first step is “barrier-less”, and it 

entails the evolution of martensite units, i.e., martensite unit starts to form without the need to 

overcome any form of barrier. The second step is the growth of the martensite units which involves 

the migration of a glissile interface without thermal activation [295]. Meanwhile, the isothermal 

transformation has no definite Ms temperature, but it occurs with time (incubation) during 

isothermal holding. The amount of the product phase (martensite) in athermal transformation does 

not depend on time, but on temperature due to its intrinsic nature [38]. This is because no diffusion 

is involved in athermal transformation, and the composition of the product is the same as that of 

the parent (austenite) phase. While thermal activation implies statistical probability (i.e. the same 

site will not always be the first to initiate the transformation process), the same site during a non-

thermal activation process (athermal martensites) tends to repeatedly initiate the process of 

transformation. It, therefore, implies that the site with the lowest barrier is always the first one to 

initiate transformation during a non-thermal activation process.  

Considering the thermal activation model for the transformation kinetics [40], it has been predicted 

that when an athermal martensitic transformation is suppressed, an isothermal transformation will 

occur after some incubation time [44]. However, earlier work has reported the possible occurrence 

of both transformations (athermal and isothermal) in the same material [45,46]. On the kinetic, 

morphology and magnetic characteristics of thermally-induced martensite in Fe–30%Ni–3.6%Mo 

alloy, Yasar et al. [39] observed the occurrence of both athermal and isothermal martensitic 

transformation in the alloy using a scanning and transmission electron microscope. Using the 

temperature dependence of magnetic susceptibility measurement and X-ray diffraction techniques, 
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Nam et al. [44] investigated the occurrence of martensitic transformation in micron-sized single 

and polycrystalline particles of an Fe–30.5 Ni (at.%) alloy. They observed a reduction in Ms 

temperature from 215 to 151 K when the grain size of the polycrystalline particles was reduced 

from 250 to 3.7 µm, which translates to lowering the tendency for athermal martensitic 

transformation. Similarly, a 4.6 µm-sized single crystal particle shows no Ms temperature, but 

instead, an isothermal martensitic transformation. On introducing grain boundaries and dislocation 

in the single crystal particle by sintering or deformation, Ms temperature appeared and athermal 

martensite developed. This affirms the role of lattice defects on athermal martensitic 

transformation.  

Under external load, where the stability of the austenite phase in MASS could be lost, deformation-

induced martensitic transformation could also evolve at a critical strain [30]. The induced 

martensitic phase is reported to be stronger and harder than the austenite phase; resulting in a 

composite strengthening and a high strain hardening. It has been reported that ά-martensite acts as 

a reinforcing phase since it can withstand higher stress than austenite [228]. However, it is thought 

that the stability of the austenite phase will be different in MASS under quasi-static compression 

and those exposed to dynamic impact loading condition. This is because unlike the case under 

quasi-static loading (where temperature rise is negligible), a temperature rise occurs in a specimen 

subjected to dynamic impact load, which may influence the stability of the austenite phase. 

Martensitic phase transformation (via both cryogenic environment and exposure to external load) 

does not start simultaneously in all austenite grains in a MASS [297]. Therefore, the main objective 

of this work is to determine the role of crystallographic texture and grain size on the stability of 

austenite grains in AISI 321 austenitic stainless steel subjected to; (a) cryogenic environment and 

(b) a uniaxial compressive loading conditions at low (quasi-static) and high (dynamic) strain rates. 

10.2 Materials and methods 

AISI 321 used in this study is a metastable austenitic stainless steel that is stabilized with titanium 

(Ti) to reduce sensitization during high-temperature application. Samples of three different grain 

sizes, 0.24 µm (ultrafine grain, UFG), 3 µm (fine grain, FG) and 37 µm (coarse grain, CG), were 

studied. The CG specimen was received in hot-rolled condition with a nominal composition (in 

weight %) of 17.61 Cr, 9.17 Ni, 1.56 Mn, 0.42 Mo, 0.40 Si, 0.36 Ti, 0.30 Cu, 0.15 Co and 0.044 C. 

The process of developing FG and UFG structures from the CG as-received sample is 
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schematically shown in Fig. 10.1a-d. The CG (as-received) sample was first cryo-rolled up to 50% 

thickness reduction. While some of the cryo-rolled specimens were annealed at 750 ℃ for 10 mins 

to develop UFG structure, others were annealed at 800 ℃ for 360 min to develop FG structure. 

More details on the thermo-mechanical process for developing UFG structure in the AISI 321 steel 

are provided in Ref. [207]. Investigation of thermal stability of austenite (TSA) involves soaking 

the steel samples in liquid nitrogen for varying times up to 24hrs (Fig. 10.1e). To determine the 

mechanical stability of austenite (MSA), 4 mm× 4 mm cylindrical test specimens of UFG, FG, and 

CG were machined with the axis of the specimen parallel to the rolling direction (RD) of the plate. 

Specimens were compressed under quasi-static and dynamic loading conditions (Fig. 10.1f). 

Compression direction is parallel to RD. 

The dynamic impact and quasi-static compression tests, hardness tests and microstructural 

analyses such as the TEM, EBSD/EDS, X-ray diffractometry and Feritscope measurements were 

conducted as described in Chapter three. Meanwhile, focused ion beam (FIB) was used to 

accurately prepare TEM samples in the adiabatic shear band region formed in impacted specimens. 

All measurements and microstructural analysis were conducted on the ND-TD plane (for 

thermally-treated samples) and compression plane (for compressed specimens).  

 

 

Fig. 10.1. Schematic drawing of the methodology: (a-d) development of UFG and FG structures, 

(e) samples in liquid nitrogen to investigate TSA and (f) compressed specimens under both quasi-

static and dynamic shock loading to investigate MSA. 
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10.3 Results and discussion 

10.3.1 Initial microstructure 

Figure 10.2 shows the TEM micrographs of the UFG (Fig. 10.2a), FG (Fig. 10.2b) and CG (Fig. 

10.2c-f) specimens without thermal or mechanical treatments. While the near-absence of annealing 

twins was observed in the UFG specimen, their (twins) presence was confirmed in the FG and CG 

specimens. Stacking faults (Fig. 10.2d) and near-absence of misfit around a particle that is 

confirmed to be TiC (Figs. 10.2e and f) are also present in CG specimen. This could, therefore, 

imply that 0.24 µm is near the critical grain size below which annealing twin cannot develop in 

AISI 321 stainless steel. A similar observation of twin suppression was observed in AISI 304 

stainless steel (whose derivative is AISI 321) with a grain size of ~0.27 µm,  developed by 

accumulative rolling that is followed by annealing at 550 ℃ for 150 s [81]. Figure 10.3 shows the 

bulk texture result of the starting microstructure for the three grain sizes. UFG is significantly 

textured with Cube orientation. Strong R-Cube and Cu orientations with spread around 

{112}<012>, {332}<123> and {123}<013> orientations are observed in FG specimens; the 

intensities of which decreases as the grain size increases to CG structure. 

 
Fig. 10.2. TEM bright field micrographs of undeformed (a) UFG, (b) FG, and (c-e) CG samples. 

(f) is the EDS spectra of the TiC particle in (e). 
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Fig. 10.3. Selected ODF ɸ2 sections from the XRD measurement of the undeformed UFG, FG, 

and CG samples. 

10.3.2.1 Thermal stability of austenite (TSA) 

Until now, the TSA in AISI 321 MASS has not been clearly clarified. It is certain that the γ phase 

becomes unstable in a cryogenic environment, thereby promoting the occurrence of martensitic 

phase transformation. However, it is not clear if phase transformation occurs athermally or 

isothermally, and by extension, how the role of grain size and crystallographic texture influences 

the evolution pattern. 

The CG specimen was used to determine if martensitic phase transformation occurs athermally or 

isothermally by immersion in liquid nitrogen for different length of times until traces of α'-

martensite was observed. Figure 10.4 shows the EBSD maps of the specimen in the same area, 

before (Fig. 10.4a-c) and after (Fig. 10.4d-f) thermal treatments. After 20 minutes of immersion, 

there was no evidence of phase transformation as observed in Fig. 10.4d. Traces of phase 

transformation was however observed after additional 1hour immersion (Fig. 10.4e) in liquid 
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nitrogen and the area fraction of the α'-martensite trace increases with time (Fig. 10.4f). The Kernel 

average misorientation (KAM) maps in Fig. 10.4 also confirm the occurrence of cryogenic-

induced defects that accompanied phase transformation. These defects increases (higher KAM 

values) with an increase in the exposure time in a cryogenic environment. The annealing twin 

planes in Figs. 10.4e and f also show to be the least susceptible to martensitic phase transformation. 

Due to the observed kinetics, i.e., the onset of phase transformation after 1hr (a cumulative of 120 

minutes) or suppression of transformation at and below 20 minutes, it is concluded that phase 

transformation in AISI 321 stainless steel occurs isothermally in cryogenic condition. Athermal 

martensitic transformation is ruled out because no martensite was observed in AISI 321 stainless 

steel until an incumbent time is reached despite being subjected to a cryogenic environment at -

196 ℃. This temperature is below the Ms temperature of the steel, -152.5 ℃, estimated using Eqn. 

2.3 [6].  

 

 

Fig. 10.4. EBSD maps (a-c) before thermal treatment and (d-f) successive increment of time in 

liquid nitrogen: (d) 20 minutes (e) 1hr 20mins and (f) 13 hrs 20mins. Sketch of kinetics of (g) 

athermal and (h) isothermal martensite formation. 

The amount of athermal martensite that form depends on the degree of undercooling below Ms 

temperature and their character is a consequence of very rapid nucleation and growth such that the 

time taken (order of 10-7 s) can be ignored [34]. The sketch that represents the kinetics of athermal 
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and isothermal martensite transformations are presented in Figs. 10.4g and h, respectively. It is 

clear that the evolution of α' is formed isothermally, having required an incumbent time as shown 

in Fig. 10.4h. 

Having observed that appreciable fraction of thermally-induced α' could form in AISI 321 steel 

after 12hrs in liquid nitrogen (Fig. 10.4), a new set of samples (UFG, FG, and CG specimens) were 

held in liquid nitrogen for 24 hrs to evaluate the role of grain size on isothermal martensitic 

transformation. EBSD (Figs. 10.5, 10.6, 10.8 and 10.9) and SEM (Fig. 10.7) analyses were 

conducted on a selected area, before and after thermal treatment, for each of the specimens with 

varying grain sizes. The EBSD band contrast maps of the selected area in UFG, FG and CG 

specimens before thermal treatment are presented in Figs. 10.5a, b, c, respectively. Figure 10.5d 

shows the EDS maps that confirm the presence of TiN particles in AISI 321 steel. In order to 

determine the role of grain orientations on phase transformation, the inverse pole figure (IPF) maps 

of grains with crystallographic orientations near RD||[111], [110] and [100] were selected from 

Fig. 10.5 and presented in Fig. 10.6. The phase, band contrast (BC) and twin and KAM maps of 

the untreated selected grains are also presented. From Fig. 10.6, it can be deduced that annealing 

twins are only present in FG and CG specimens irrespective of the grain orientation.  

The SEM micrographs showing the regions before and after 24 hours of thermal treatment are 

presented in Fig. 10.7. The figures show the evolution of plate-like martensite only occur in FG 

(Figs. 10.7e and 10.7h) and CG (Figs. 10.7f and 10.7i) as indicated by some arrows. The absence 

of α' plates in UFG specimen is possibly due to spatial restriction effect that resists the formation 

of isothermal martensite. This will subsequently restrict multi-variant transformation required to 

accommodate anisotropic transformation strain that occurred due to volume expansion. It can be 

concluded from these results that the area fraction of the thermally-induced α' increases with 

increasing grain size. This result establishes that grain refinement to UFG structure increased the 

thermal stability of the austenite phase in AISI 321 stainless steel. In a different study, Matsuoka 

[37] studied the thermal stability of Fe–16%Cr–10%Ni metastable stainless steel with grain sizes 

in the range of 1 to 80 µm. They observed that the TSA increased with decrease in grain size.  

Notably, the FG and CG specimens formed fine and coarse α' plates, respectively. This affirms the 

role of grain size on the size of thermally-induced α'. The limitation of α' plate by the prior γ grain 

size has been reported in another previous study [298]. 
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Fig. 10.5. Before thermal treatment: EBSD band contrast maps of (a) UFG, (b) FG, and (c) CG 

specimens. a1, b1 and c1 are the corresponding high magnification of scanned area. (d) is the EDS 

maps confirming the presence of TiN particles (d1, d2 and d3 are the corresponding EDS color 

maps for Ti, N and C, respectively). 

10.3.2.2 Role of crystallographic texture and annealing twins on thermal stability of 

austenite (TSA) 

Although Fig. 10.7 confirms that there is a critical grain size below which the nucleation of α' 

plates becomes difficult (as in the case of UFG specimen), the uneven distribution of the nucleated 

α' plates on the analyzed plane in FG and CG specimens hint that the nucleation of α' is texture-

dependent. The EBSD maps of the selected grains in Fig. 10.6 after thermal treatment are now 

presented in Fig. 10.8 to justify the texture-dependent of the phase transformation. Figure 10.8 

shows no phase transformation in the pre-selected grains from the earlier scanned area of FG 

specimen. However, EBSD measurement on another location confirms phase transformation in 

near RD||[100] oriented grain (Figs. 10.9a-d). Although α' nucleated in all (RD||[111], [110] and 
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Fig. 10.6. Before thermal treatment: EBSD IPF, phase, BC/twin and KAM maps of selected grains 

in Figs. 10.5 a1, b1 and c1. Grains 1, 2 and 3 are RD||[111], RD||[110] and RD||[100]-oriented 

grains, respectively. 

 [100]) crystallographic-oriented grains for CG specimens, it is clear from the phase maps in Fig. 

10.8 that RD||[100] grain is the least thermally-stable γ grain, followed by RD||[110] and [111] 
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grains in that order. The EBSD IPF (Figs. 10.9e and g) and phase maps (Figs. 10.9f and h) of 

another location in CG specimen show nucleation of α' in austenite grains oriented near RD||[100], 

which is in agreement with the earlier observation. In all scanned regions (including FG and CG 

specimens), a higher fraction of α' nucleated in RD||[100] oriented grains as indicated by white 

contours in the standard stereographic IPF triangle in Fig. 10.9i. These findings could open a new 

window of engineering the initial texture of metastable austenitic stainless steel to either aid 

thermally and/or mechanically-stable austenite phase (by developing [111]-oriented grains) or 

promote both isothermal and deformation-induced martensitic phase transformation (by 

developing [100]-oriented grains). 

The BC and twin maps of CG specimen in Fig. 10.8 also confirmed the preferential nucleation of 

thermally-induced α' at the annealing twin boundaries; an important nucleation site. The near 

 

Fig. 10.7. SEM micrographs of the same region (a-c) before and (d-i) after thermal treatment. 

White arrows indicating some regions of thermally-induced martensite. 
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Fig. 10.8. After thermal treatment: EBSD IPF, phase, BC/twin and KAM maps of selected grains 

in Figs. 10.5 a1, b1 and c1. Grains 1, 2 and 3 are RD||[111], RD||[110] and RD||[100]-oriented 

grains, respectively. 

absence of annealing twins in austenite phase of UFG specimen could, therefore, also justify its 

(UFG specimen) high resistance to isothermal martensitic phase transformation. Notably, the 
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nucleated α' are bounded by transformation twins. The comparison of the KAM maps in Figs. 10.6 

and 10.8 shows an increase in the KAM value of the γ phase after thermal treatment. The KAM is 

a measure of local misorientation that indicates the strain distribution or stored elastic energy in 

the specimen. It is the average misorientation between each measured point and its neighbors 

which holds as long as the misorientation do not exceed 5o [67]. The higher the KAM value, the 

higher the stored energy and strain in the specimen. Therefore, thermally-induced strain occurred 

during thermal treatment due to higher KAM value in Fig. 10.8 than in Fig. 10.6. Specifically, 

high KAM values are recorded at the γ-α' and α'-α' boundaries in Fig. 10.8. The misorientation 

gradient could imply the occurrence of plastic deformation in the γ phase to accommodate the 

shape change (or shape strain) of α' during phase transformation [298]. Besides annealing twin 

boundaries, other authors have reported that carbide particles are potent nucleation site for  

 

Fig. 10.9. Other regions in (a-d) FG and (e-h) CG specimens showing IPF and phase maps before 

and after thermal treatment; (i) contours in the standard stereographic IPF triangle showing the 

crystal orientation of austenite grains that developed martensite; (j) band contrast/twin and (k) 

KAM maps showing arrowed TiN particle site. 
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thermally-induced α' due to the misorientation that exists in the austenite phase at the particles’ 

vicinity [34,298]. However, neither TiC nor TiN particles in AISI 321 stainless steel are found to 

be potential α' nucleation sites. This is because there was no α' observed to nucleate around the 

particles (white arrows in Fig. 10.9j), and the misorientation gradient in the austenite phase at the 

particles’ vicinity is nearly absent (Fig. 10.9k). 

10.3.2.3 Morphology and structure of thermally-induced α' 

There are primarily three different morphologies of martensite, namely, lath, thin plate, and 

lenticular. The evolution of these morphologies depends on the composition and the Ms 

temperature of the alloy [299]. Other factors (which can be related) such as the strength of parent 

(γ) and product (α') phases, critical resolved shear stress for slip and twinning in α' and SFE of γ 

have also been reported [300,301]. While lath α' forms in the highest temperature regime 

(especially in the low carbon steels and Fe-Ni alloys), thin plate α' forms in the lowest temperature 

range in high alloyed steels [302]. The lenticular α' however forms at an intermediate temperature 

regime between those of lath and thin plate α'. The formation range of α' as a function of Ms 

temperature and carbon concentration in Fe-Ni-C alloy systems is schematically shown in Fig. 

10.10a [300]. Although, AISI 321 stainless steel is a Fe-Cr-Ni alloy system with 0.044 C wt%, 

Fig. 10.10a can still provide useful information on the plausible α' morphology with minimal 

deviation. Similarly, while lath α' is characterized by high dislocation density due to strain 

accommodation induced by phase transformation, thin plate α' is characterized by a set of 

uniformly spaced transformation twins crossing throughout the plate [298,299]. Lenticular α' has 

a lens-like morphology that contains three regions: the midrib (a region of highly dense and 

regularly spaced transformation twins), extended twinned region that emanates from the midrib 

and untwinned region (characterized by screw dislocations and a high density of tangled 

dislocations). It has been reported that the midrib of a lenticular α' is a thin plate α' since both 

(midrib and thin plate α') have similar morphology, substructure and crystallographic features 

[300]. Hence, the major difference between lenticular and thin plate α' is only in their growth 

behaviors; i.e., during growth, thin plate α' retains its deformation mode of twinning and midrib 

exhibits a combination of twinning and slip modes [34,298,300,302]. Shibata et al. [302] reported 

that midribs in lenticular α' could also be branched and kinked. 
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The higher magnification IPF and BC/twin maps for RD||[100] oriented coarse γ grain are 

presented in Figs 10.10b and c, respectively. The thermally-induced martensite grains are mainly 

oriented near [110] and characterized by pronounced transformation twins. This observation 

suggests the induced α' possess a thin-plate morphology. This is supported by tracing the AISI 321 

carbon content and the thermal treatment temperature in Fig. 10.10a, although little deviation may 

exist. Relatively high austenite strength, low Ms temperature (as observed in Fig. 10.10a), high 

tetragonality of α' (i.e., small twin shear, low magnitude of shape strain and low twin boundary 

energy) are reported to favor the formation of thin plate α' [303]. Considering the different 

direction in which the α' grains are morphologically arranged, five possible growth directions are 

indicated in Fig. 10.10b. Martensite grains in 1, 2, 3 and 4 directions confirmed grain boundaries 

serve as a viable nucleation site. The nucleation of grains labeled, directions ‘3’ and ‘4’, from the 

grain boundaries are supported by considering Fig. 10.5c. There is the possible occurrence of 

‘burst’ martensitic transformation phenomenon in which a martensite grain (such as the long [100] 

oriented α' grain indicates as direction ‘3’ in Fig. 10.10b) nucleates a sequence of other plates (such  

 

 
Fig. 10.10. (a) Schematic drawing showing the formation range of α' as a function of Ms 

temperature and carbon concentration in Fe-Ni-C alloy systems [300], (b) phase and (c) BC/twin 

maps of RD||[100] oriented austenite grain in Fig. 10.8, (d) co-plot of <1̅01>γ & <11̅1>α' and 

<112>γ & <011>α' pole figures of rectangular marked region in Fig. 10.10b. 
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as all the [110] oriented grain along direction ‘5’). These occur as a result of stress concentrations 

set up when the first plate reaches an obstruction such as grain boundary or another α' plate such 

as grains aligned in direction ‘1’ [34,298]. That is, the ‘bursting’ of grains aligned in direction ‘5’ 

could be due to the stress concentration set up during growth as a result of the collision of grain 

labeled direction ‘3’ on already isothermally nucleated grains in direction ‘1’. Figures 10.10b and 

c also shows that the growth of some ‘busted’ martensites (grains in direction ‘5’) are effectively 

hindered by the incoherent boundary of an existing annealing twin. Although incoherent twin 

boundaries could be likely sites for α' nucleation [34], it is confirmed that they can also actively 

hinder a growing α'. By qualitative kinetic classification, the bursting phenomenon and isothermal 

martensitic transformation are grouped together due to the absence of concurrent stabilization 

common to both [304]. This may justify their (bursting and isothermal behaviors) co-existence in 

Fig. 10.10. 

Although the EBSD results suggest the isothermally-induced martensite have thin-plate 

morphology, it has been reported that this morphology could become lenticular under certain 

conditions. On the effect of deformation temperature on the stress-induced growth behavior of thin 

plate martensite, Shibata et al. [302] observed that thermally-transformed thin plate α' grows 

without a change in morphology when deformation is at a temperature close to the Ms temperature. 

A shape change into lenticular, however, occurs at a temperature above the Ms temperature, 

leading to the conclusion that midrib in lenticular α' was thin-plate α' at an earlier formation stage. 

During the isothermal holding of Fe–1.0C–17Cr (wt.%) stainless steel in liquid nitrogen 

(−196 °C), Lee et al. [299] observed that thin-plate martensite first formed, followed by the 

lenticular martensite after an extended period. This observation is contrary to the general opinion 

that lenticular α' forms at a higher temperature than the temperature at which thin-plate α' evolves. 

It is, therefore, possible that the thermally-induced thin-plate α' in AISI 321 steel will grow into 

lenticular α' at an extended time. This is validated by the presence of a RD||[100] oriented lenticular 

α' (lenticular white highlight in Fig. 10.10b and c) with a branched midrib. On the existing 

orientation relationship between the untransformed γ and thin-plate α', the coincidence of poles 

when <1̅01>γ and <11̅1>α' pole figures, and <112>γ and <011>α' pole figures were superimposed 

in Fig. 10.10d confirmed the existence of both Kurdjumov-Sachs ({111}γ||{110}α' and 



227 

 

<1̅01>γ||<11̅1>α') and Nishiyama–Wasserman ({111}γ||{110}α' and <112>γ||<011>α') orientation 

relationships, respectively.  

10.3.3 Mechanical stability of austenite (MSA) 

To determine the MSA in AISI 321 austenitic stainless steel, UFG, FG and CG specimens were 

deformed at different strain rate regimes i.e. under quasi-static and dynamic compressive loading 

conditions. 

10.3.3.1 True stress-strain curves and hardness profile 

Typical true stress-strain curves of specimens deformed under quasi-static and dynamic loading 

conditions are presented in Fig. 10.11a and b, respectively. The mechanical strength of the alloy 

increases with a decrease in grain size under both deformation conditions. However, specimens 

compressed under quasi-static condition strain hardens up to the final deformation strain while 

those specimens subjected to dynamic loading conditions show strain hardening that is eventually  

 

 

Fig. 10.11. (a, b) Typical true stress-strain and (c, d) hardness-true strain curves for specimens 

compressed under quasi-static and dynamic loading conditions. Standard deviations for (c) and (d) 

are 15 and 9, respectively. 
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overcome by thermal softening. The thermal softening leads to drop in flow stress and results in 

eventual loss of load-carrying capacity. Similarly, the hardness profile of specimens deformed 

under quasi-static and dynamic loading conditions are presented in Fig. 10.11c and d, respectively. 

Although the hardness value of the alloy increases with decrease in grain size and increase in strain 

under both deformation conditions, those deformed under quasi-static condition possesses higher 

hardness values. Hardening in AISI 321 steel has been attributed to multiple strengthening sources 

such as the simultaneous occurrence of slip, twinning and martensitic phase transformation [277]. 

Due to the scope of this work, subsequent sections are now focused on the evolution pattern of 

deformation-induced martensitic phase transformation in the investigated steel. 

10.3.3.3 Microstructural evaluation and morphology of deformation-induced martensite 

Figure 10.12 shows the volume fraction of deformation-induced α' and its variation with grain size 

and strain in both low and high strain rate regimes. While the fraction of α' increases with strain 

(irrespective of grain size) in specimens deformed under the quasi-static loading condition (Fig. 

10.12a), those of the specimens subjected to dynamic loading condition increased with strain up 

to a critical value above which the fraction of α' drops (Fig. 10.12b). The drop in α' (Fig. 10.12b) 

is attributed to the temperature rise (adiabatic heating) in the impacted specimen, which is a 

signature of high strain rate loading condition [255,262,275,276]. On the stability of the austenite 

phase under external compressive load, Fig. 10.12 shows that the mechanical stability of austenite 

in metastable AISI 321 austenitic stainless steel decreases with a decrease in grain size  

 

 

Fig. 10.12. Vol.% of α'-true strain curves for specimens compressed under (a) quasi-static and (b) 

dynamic loading conditions. Standard deviations for (a) and (b) are 0.93 and 0.22, respectively. 
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since the fraction of deformation-induced α' increases with a decrease in grain size. The reverse 

was observed to be the case for thermal stability of austenite (TSA) as discussed in the previous 

subsection. 

The TEM micrographs of specimens compressed under the quasi-static condition (Figs. 10.13a-d) 

shows the morphology of deformation-induced α' that is distinctively different from that of the 

thermally-induced α'. Unlike the γ in UFG specimens that are perfectly stable in cryogenic 

environment, the γ in UFG specimen are very unstable under an external compressive load and the 

morphology of deformation-induced α' is equiaxed (Fig. 10.13a). The TEM micrographs of the 

CG specimen subjected to quasi-static compressive load are presented in Fig. 10.13b-d. It can be 

confirmed in Fig. 10.13b that high dislocation densities and nano-twins are present in the 

remaining austenite phase. Figure 10.13d shows that the morphology of deformation-induced α' in 

CG specimens is lath-like, which are ~70 nm thick and ~830 nm long. The size of the laths could 

justify why α' in UFG specimen retains the morphology of the γ (equiaxed); since α' laths are ~3.5 

times longer than the γ grain size of UFG specimen. The evolution of lath-like α' in compressed 

CG specimens rather than thin-plate α', as in the case of thermally-treated CG specimen, could be 

due to the different temperature regimes at which thermal (-196 oC) and mechanical (23 oC) tests 

were conducted. It has been reported elsewhere [301] that the morphology of α' can be influenced 

by temperature as also shown in Fig. 10.10a. Qualitatively, the EBSD phase maps in Figs. 10.13e-

h show the austenite phase in the UFG specimen to be more unstable than the CG specimen, and 

the instability increases with strain. This result agrees with the quantitative feritscope results in 

Fig. 10.12a. The formation of a higher fraction of αʹ in UFG specimens is due to the higher grain 

boundary area and triple junctions that are nucleation sites for stress-induced αʹ transformation 

[59,290]. 

On the role of texture on the mechanical stability of γ, the γ stability in AISI 321 increases from 

CD||[100] to CD||[110] and to CD||[111], in that order, for FG and CG specimens. In this case, CD 

is the compression direction. This observation is also reported else where [289]. This is affirmed 

by considering γ grains 1, 2, and 3 in the EBSD phase maps for a compressed CG specimen (Fig. 

10.13i), which are oriented near CD||[100], CD||[110], and CD||[111], respectively (Fig. 10.13j). 

These grains underwent deformation-induced martensitic phase transformation with the highest 

mechanical instability of γ phase recorded in grain 1, followed by grains 2 and 3, in that order.  
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Fig. 10.13. (a-d) TEM micrographs: (a) UFG and (b-d) CG specimens; (e-h) EBSD phase maps: 

(e, f) UFG and (g, h) CG specimens compressed under quasi-static conditions; and (i-k) Higher 

magnification EBSD maps of marked region in (h): (i) phase color, (j) FCC IPF color, and (k) FCC 

Schmid factor maps. 

Schmid factor map for the austenite phase (Fig. 10.13k) shows that the most mechanically-stable 

of γ, grain 3, possesses the lowest Schmid factor, while γ grain 1 is the least stable with highest 

Schmid factor. The Schmid factor, therefore, suggests that grain 1 (grain oriented near CD||[100]) 

demonstrate ease of slip system activation compared to grains of other orientations during 

compression [287,305,306]. 
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Fig. 10.14. TEM micrographs of dynamic-impacted specimens: (a) Fibbed specimen showing 

inside and outside regions of ASB, (b-d) outside ASB, (e) inside ASB, (f) selected area diffraction 

pattern for (e). Inset in (d) shows carbide-dislocations interaction. 

TEM micrographs of CG specimen subjected to dynamic impact loading condition are presented 

in Fig. 10.14. A narrow shear zone, termed adiabatic shear band (ASB), that eventually become 

preferential dynamic failure/fracture sites is typically observed in the microstructure of materials 

subjected to dynamic impact load [89,90]. In a CG specimen that forms ASB (Fig. 10.14), the 

region outside the ASB shows grain boundary-dislocation interaction (Fig. 10.14b), twin 

boundary-dislocation interaction (Fig. 10.14c) and regions of dislocation forest in deformed 

austenite (Fig. 10.14c). The TEM micrographs of the region inside ASB (Figs. 10.14e and f) 

confirmed the occurrence of grain refinement which has been attributed to rotational dynamic 

recrystallization proposed by Nesterenko et al. [112]. The EBSD phase maps of inside and outside 

ASB of impacted UFG (Fig. 10.15a-c) and CG (Fig. 10.15d-e) specimens show that 

inhomogeneous deformation results in inhomogeneous phase distribution, i.e. the fraction of strain 

induced α' transformation is highest outside ASB and very low inside the ASB. The near-absence 

of α' in the ASB region (Figs. 10.15c and e) justifies that the temperature rise in these specimens 

are significantly high (to suppress phase transformation) and localized. Although the mechanical 
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stability of the γ phase is higher in specimens deformed under dynamic condition (Fig. 10.15) than 

those under quasi-static condition (Fig. 10.13), it can also be confirmed from Fig. 10.15 that the 

mechanical stability of the γ decreases with a decrease in grain size. On the morphology of  

Fig. 10.15. EBSD phase maps of dynamic impacted specimens showing inside and outside ASB 

regions: (a-c) UFG and (d, e) CG specimens. 

deformation-induced α' in specimens deformed under dynamic condition, the morphology of α' in 

UFG specimen are equiaxed (Fig. 10.15b) while those in CG specimen are irregular with no 

definite shape (Fig. 10.15d). Based on the above experimental data and discussion of results, the 

role of grain size, texture, strain, and strain rate on the thermal and the mechanical stability of 

austenite in AISI 321 stainless steel can be summarized in a schematic diagram as shown in Fig. 

10.16. 
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Fig. 10.16. Schematic drawing showing the role of grain size on (a) thermal and (b and c) 

mechanical stability of austenite in AISI 321 stainless steel. 
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10.4. Summary and conclusions 

The roles of grain size, texture, strain and strain rate on the thermal and mechanical stability of 

austenite in AISI 321 metastable austenitic stainless steel were studied. Ultrafine grain (UFG), fine 

grain (FG) and coarse grain (CG) specimens with average grain sizes of 0.24, 3 and 37 µm sizes, 

respectively, were investigated. Samples were soaked in liquid nitrogen (-196 oC) for 30 mins., 1 

h, 12 h and 24 h to determine the thermal stability of austenite (TSA). On the other hand, the 

mechanical stability of austenite (MSA) was studied by subjecting cylindrical specimens to both 

quasi-static (4.4 x 10-3 s-1) and dynamic loading conditions (between 1300 and 8800 s-1). The 

following conclusions are drawn from the research findings; 

1. Thermally-induced α'-martensite can only be observed at an incumbent time in AISI 321, 

suggesting the occurrence of an isothermal martensitic transformation. Both Kurdjumov-

Sachs ({111}γ||{110}α' and <1̅01>γ||<11̅1>α') and Nishiyama–Wasserman 

({111}γ||{110}α' and <112>γ||<011>α') orientation relationships exist  between the 

untransformed γ and thin-plate α'. The phase transformation is highly suppressed in UFG 

specimens. 

2. While TSA decreases with an increase in grain size, MSA decreases with a decrease in 

grain size.  

3. The higher mechanical instability of austenite in UFG specimen under compression is due 

to the presence of higher grain boundary area and triple junctions that promote stress-

induced phase transformation. Meanwhile, the higher austenite stability of UFG specimen 

in cryogenic temperature is due to spatial restriction effect that resists the formation of 

isothermal martensite. This subsequently restricts multi-variant transformation required to 

accommodate anisotropic transformation strain. 

4. While thin-plate α' is predominantly formed in thermally-treated AISI 321 steel (FG and 

CG specimens only), lath and irregularly-shaped α' are formed in specimens deformed 

under quasi-static and dynamic loading conditions, respectively. Irrespective of strain rate, 

deformation-induced α' in UFG specimens inherit the equiaxed morphology of the 

deformed austenite grain. 

5. Irrespective of grain size, MSA also decreases with an increase in strain and decrease in 

strain rate. In the event of ASB formation in specimens deformed at high-strain rate, MSA 
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increases as the ASB is approached. This is due to the significant temperature rise inside 

the ASB region. 

6. EBSD analysis revealed that the evolution of both thermally- and deformation-induced 

martensite is orientation-dependent in FG and CG specimens. The instability (both thermal 

and mechanical) of the austenite phase was observed to be highest in the RD/CD||[100]-

oriented grains, followed by grains oriented near RD/CD||[110] and RD/CD||[111], in that 

order. These findings could open a new window of engineering the initial texture of 

metastable austenitic stainless steel to either aid thermally or mechanically-stable austenite 

phase or promote both isothermal and deformation-induced martensitic phase 

transformation. 
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Chapter 11 

Corrosion Behavior of Metastable AISI 321 Austenitic Stainless Steel: The Effect of Grain 

Size and Prior Plastic Deformation on its Degradation Pattern in Saline Media 

Having significantly improved the mechanical strength of AISI 321 stainless steel through the 

grain refinenment of the as-received coarse-grained (CG) alloy specimen to ultrafine grain (UFG) 

structure, it became necessary to determine if the improved mechanical strength is not at the 

expense of the excellent corrosion resistance of the alloy. Therefore, the role of grain size and prior 

plastic deformation (at high and low strain rates) on the corrosion behavior of AISI 321 austenitic 

stainless steel in 3.5 wt.%-NaCl solution is studied and discussed in this chapter. The mechanism 

of pitting in the AISI 321 steel in chloride solution is proposed. This manuscript is published in 

“Scientific Report” as follows: 

A. A. Tiamiyu, Ubong Eduok, J. A. Szpunar, and A. G. Odeshi, “Corrosion behavior of metastable 

AISI 321 austenitic stainless steel: investigating the effect of grain size and prior plastic 

deformation on its degradation pattern in saline media”, Scientific Report, 2019, 

https://doi.org/10.1038/s41598-019-48594-3. 

My contributions to this paper include review of the relevant literature, design and carrying out of 

experiments, analysis of test results and preparation of the manuscript. My supervisors (Professors 

Akindele Odeshi and Jerzy Szpunar) reviewed it and their comments were addressed before 

submission for publication. The present manuscript is a modified version of the published paper. 

Materials covered in Chapter three are removed to avoid unnecessary repetition. This manuscript 

is used under the terms of the Creative Commons CC BY license. Hence, no copyright permission 

is required. 

Abstract 

The role of grain size and strain rate on the corrosion behavior of plastically deformed Ti-stabilized 

austenitic stainless steel (AISI 321) in saline media was investigated. The as-received coarse-

grained alloy (CG: ~37 µm) was subjected to thermomechanical-processing to develop fine (FG: 

~3 µm) and ultrafine (UFG: ~0.24 µm) grained structures. These samples were deformed under 

high (dynamic) and low (quasi-static) strain-rate conditions to a similar true strain of ~0.86. 
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Microstructural analyses on specimens after deformation prior to corrosion study suggests a shift 

from the estimated stacking fault energy value of the steel. Electrochemical tests confirm the 

highest corrosion resistance for UFG specimens due to the formation of the most stable adsorbed 

passive film. This is followed by FG and CG specimens in that order. For the three grain sizes, the 

corrosion resistance of specimen deformed under quasi-static loading condition is higher than that 

subjected to dynamic impact loading while the corrosion resistance of undeformed samples is the 

least. This work also confirms the non-detrimental effect of TiCs in AISI 321 austenitic stainless 

steel on its corrosion resistance. However, TiNs were observed to be detrimental by promoting 

pitting corrosion due to galvanic coupling of TiNs with their surrounding continuous phase. The 

mechanism of pitting in AISI 321 in chloride solution is proposed.  

Keywords: AISI 321 austenitic stainless steel; Thermomechanical processing; Deformation- 

induced phase transformation; Corrosion; Microstructure 

11.1 Introduction 

Corrosion resistance is an important criterion for selecting materials used in the fabrication of 

chemical and nuclear plants since the cost of materials degradation due to corrosion and the often 

associated environmental impact are quite substantial [307]. Generally, the composition of 

austenitic stainless steels (e.g. AISI 304 and other similar grades) is adjusted to meet service 

requirements in various corrosive environments. Their excellent corrosion resistance is usually 

hampered by the precipitation of chromium-rich M23C6 type carbide at the grain boundaries at 

elevated temperature, thereby promoting intergranular stress corrosion. To inhibit the undesired 

grain boundary segregation (sensitization), a Ti-stabilized AISI 321 austenitic stainless steel (a 

derivative of AISI 304) was developed to favor the preferential formation of TiC precipitates, 

thereby keeping chromium in solution for protection against corrosion [140]. AISI 321 steel is 

therefore widely used as choice material in the manufacture of heat exchangers for chemical 

process plants, high-pressure pipes, engine turbines for automobiles and aircraft, and also in 

nuclear reactors [28,29,140].  

Several researchers have reported on the corrosion behavior of AISI 321 steel in selected 

environments that simulate service conditions. For instance, Lv and Luo [308] studied the effect 

of low-temperature sensitization (at 380 and 450 oC) on the degree of sensitization (DOS) and 
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corrosion resistance of ultrafine-grained (UFG) AISI 321 steel. The authors observed lower DOS 

and improved corrosion resistance in the specimen annealed at 450 oC than that annealed at 380 

oC. In a separate study [309], UFG structured AISI 321 steel developed via thermomechanical 

processing exhibited lower corrosion resistance than coarse grain (CG) specimens in 0.1 M NaCl 

solution at room temperature. However, the UFG specimen was more resistant to corrosion than 

the CG specimen in a 0.5 M H2SO4 solution at room temperature. Moura et al. [26] investigated 

the influence of stabilization heat treatments on the intergranular corrosion resistance of AISI 321 

steel at high temperatures to promote TiC precipitation. Preservation of Cr in solid solution was 

observed before subsequent use for high temperature (600-800 oC) applications. These researchers 

reported 950 oC as the optimum stabilizing temperature that inhibits sensitization. Leban and Tisu 

[30] reported the deteriorating effect of TiN and deformation-induced martensite (DIM) on the 

corrosion behavior (pitting and stress corrosion cracking) of cold worked outer exhaust sleeve 

made of an AISI 321 steel. Other works on the corrosion behavior of AISI 321 and other stainless 

steels are reported in Refs. [139,310,311] and Refs. [312,313], respectively. 

The role of grain size, prior deformation, and strain rate on the degradation pattern of AISI 321 

stainless steel in corrosive environments is not well reported in the literature. This is the motivation 

for the present study. In this work, we have optimized the mechanical properties of the as-received 

coarse-grained AISI 321 austenitic stainless steel by developing fine and UFG structures in the 

steel via thermomechanical processing. It, therefore, becomes pertinent to investigate if the unique 

corrosion resistance of this steel has deteriorated as a result of the grain refinement process. 

Similarly, the AISI 321 steel with coarse, fine, and ultrafine grain structures were exposed to 

external loads using quasi-static and dynamic impact loading that can simulate the different 

loading conditions the steel can experience in service. The aim is also to ascertain how these 

loading conditions affect the corrosion behavior of AISI 321 steel.  

11.2 Material and methods 

AISI 321 metastable austenitic stainless steel (MASS) described in Section 3.1 was used in this 

study. Cylindrical specimens of 4 mm in diameter × 4 mm long were machined along the rolling 

direction (RD) for compression tests under both quasi-static and dynamic loading conditions. The 

quasi-static compression test was conducted at a true strain rate of 4.4 x 10-3 s-1. The high strain-

rate test was conducted at a true strain rate of 8.8 x 103 s-1. Specimens were compressed under both 
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dynamic and quasi-static loading conditions to a total true strain of approximately 0.86. The same 

true strain was accomplished by conducting, first, the dynamic impact test; the quasi-static test 

was interrupted once the true strain in specimen is the same as that obtained during the impact test. 

The average grain size of the as-received steel on the ND-TD plane is 37 µm (Fig. 11.1c). This is 

hereafter referred to as coarse-grained (CG). A thermo-mechanical process that involved annealing 

of 50% cryo-rolled as-received CG sample at 750 ℃ for 10 minutes, and 800 ℃ for 360 minutes, 

developed 0.24 (Fig. 11.1a) and 3 μm (Fig. 11.1b) grain sizes, respectively. These are hereafter 

referred to as ultrafine-grained (UFG) and fine grained (FG), respectively. The cryo-rolling 

process is described in Section 3.2. The Vickers hardness values of the undeformed UFG, FG and 

CG samples are 490, 267 and 186 HV, respectively.  

 

 
Fig. 11.1. (a-c) Grain size distribution estimated from large scan area, (d-f) EBSD band contrast 

maps with twins and (g-i) TEM micrographs of the undeformed specimens. Red lines in EBSD 

maps are annealing twins. 
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The EBSD maps (Fig. 11.1d-f) and TEM micrographs (Fig. 11.1g-i) show that the annealing twins 

are highly suppressed in UFG specimen, but the area fraction of annealing twin in the 

microstructure increases with an increase in grain size. This observation also suggests that 

deformation twinning will be difficult in UFG specimen on exposure to external load due to spatial 

restriction effect. Figures 11.1e and f also show the presence of intergrain δ-ferrite stringers. δ-

ferrite is an intermetallic compound whose formation is promoted by high Cr content in alloys [1]. 

SEM micrographs also show the presence of the δ-ferrite in CG (Fig. 11.2a) and UFG specimens 

(Fig. 11.2b), and two variants of Ti precipitates, namely, TiN and TiC. While the EDS maps in 

Fig. 11.2c confirm the presence of TiN and Cr-rich stringers of δ-ferrite, Fig. 11.2d affirm the 

presence of nano-sized (~100 nm) TiC particle in the undeformed specimen. The TiC in austenitic 

stainless steels satisfy two purposes: first, their precipitation limits the formation of chromium-

rich M23C6 type carbide at the grain boundaries and also prevents intergranular stress corrosion. 

Secondly, if TiC carbide precipitates as a fine dispersion in matrices and grain boundaries, they 

improve tensile and creep strength significantly at both high and low temperatures [140]. 

 

 
Fig. 11.2. SEM micrographs of (a) CG and (b) UFG undeformed specimens. EDS maps showing 

the presence of (c) TiN particles and δ-ferrite, and (d) TiC particles in the undeformed specimen.  

The selected X-ray diffractometry (XRD) orientation distribution function (ODF) ɸ2 sections 

show that the undeformed UFG specimen is significantly textured around C {001}<100> 
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orientation (Fig. 11.3a). The development of R-C {001}<110>, Cu {112}<111>, X {112}<012>, 

Y {332}<123> and Z {123}<013> orientations are recorded in undeformed FG specimen (Fig. 

11.3b). The intensities of these orientations decrease as the grain size increases from fine to coarse 

(Fig. 11.3c). Figure 11.3d shows the EBSD IPF color map that reveals random orientation of the 

undeformed CG specimen and its corresponding very low Kernel average misorientation (KAM) 

value map (Fig. 11.3e), typical of the KAM of UFG and FG specimens. All electrochemical 

corrosion tests were conducted as described in Section 3.4. 

 

 

Fig. 11.3. Selected ODF ɸ2 sections from the XRD measurement of the undeformed (a) UFG, (b) 

FG and (c) CG: C {001}<100>, R-C {001}<110>, Cu {112}<111>, X {112}<012>, Y 

{332}<123>, Z {123}<013>. EBSD (d) IPF and (e) KAM maps of undeformed CG specimen. 
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11.3 Results and discussion 

11.3.1 Mechanical (dynamic and quasi-static) behavior of AISI 321 austenitic steel 

True stress-strain curves depicting the dynamic impact response (8.8 x 103 s-1) and the quasi-static 

compressive behavior (4.4 x 10-3 s-1) of AISI 321 steel are presented in Figs. 11.4a and b, 

respectively. At both strain rates, the magnitude of yield strength increases as the grain size 

decreases. However, a significant difference between the dynamic and quasi-static stress-strain 

curves exist in the deformation process in the plastic region. At the start of the plastic region, the 

dynamic curve (Fig. 11.4a) falls; it rises to the maximum flow stress and fall again. This trend 

could be attributed to the rigorous competition between the strain-hardening (rising) and thermal 

softening (falling) of the impacted specimens. The strain hardening could be attributed to 

activation of different deformation and/or strengthening mechanisms. Meanwhile, thermal 

softening leads to thermo-mechanical instability and loss of load-carrying capability as the 

temperature of the specimen is raised during the dynamic deformation process. The temperature 

rise in the specimen is due to the conversion of the 90 % of the kinetic energy of projectile to 

thermal energy during high strain rate [75]. On the other hand, the quasi-static curves in Fig. 11.4b 

shows a consistent rise (strain-hardening) up to the final deformation true strain of ~0.86. 

 

 
Fig. 11.4. True stress-strain curves of specimens deformed under (a) dynamic and (b) quasi-static 

loading conditions.  
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11.3.2 Microstructural evaluation before corrosion test 

11.3.2.1 Operational deformation mechanisms and macrotexture evaluation 

The EBSD band contrast and twin maps in Fig. 11.5 confirms the occurrence of deformation 

twinning and also the role of grain size and strain rate on twinning activity. These maps reveal 

near-absence of twins in UFG specimens and its fraction increases with increase in grain size. 

Similarly, relatively lower twin area fraction is recorded in specimens deformed under dynamic 

loading conditions (Figs. 11.5a, c, e) than those compressed under quasi-static condition (Figs. 

11.5b, d, f). This implies that both coarse grain size and low strain rate favors more twinning 

activities. Under tensile load, Ueji et al. [80] observed that the evolution of deformation twinning 

becomes more difficult as the grain size decreases in a high Mn austenitic TWIP steel. A similar 

result was also observed in the finite element simulation of AISI 304 ASS under uniaxial tension 

[81]. 

The EBSD phase maps in Fig. 11.6 (a, c, e, g, i, k) also indicate the occurrence of deformation-

induced martensitic transformation and its variability with grain size and strain-rate. At both high 

(a, e, i) and low (c, g, k) strain-rates, the area fraction of α′-martensite (blue) decreases with an 

increase in grain size. The higher fraction of α′ in UFG specimen could be largely due to the 

presence of higher triple junctions (a potential α′ nucleation sites) than those of fine and coarse 

specimens. The formation of DIM at triple junction of grain boundaries are also reported in 

deformed AISI 304LN austenitic stainless steel, a derivative of AISI 321 [290]. The dependence 

of martensitic phase transformation on grain size is also reported in another previous work [290]. 

Similarly, a higher fraction of α′ martensite was recorded in specimens deformed under quasi-

static compressive load than their dynamic-impacted counterpart. The lower fraction of α′ in the 

specimen under dynamic impact loading is due to temperature rise in the specimen that suppresses 

phase transformation. The corresponding IPF maps of the phase maps are presented in Fig. 11.6 

(b, d, f, h, j, l). While the stable end-orientation of the deformed austenite phase is CD||[110] with 

a minor spread near CD||[111] fibre texture, that of the DIM is near CD||[100]. Similar texture 

results have been reported in a cold-rolled AISI 304L stainless steel [314].  



244 

 

 
Fig. 11.5. EBSD band contrast and twin maps for specimens subjected to (a, c, e) dynamic and 

(b, d, f) quasi-static loading conditions.  

The activated deformation mechanisms earlier observed using the EBSD technique are further 

verified by the TEM results in Fig. 11.7. For brevity, only the TEM micrographs of the UFG (Fig. 

11.7a and d) and CG (Fig. 11.7b, c, e and f) specimens are presented. Under both dynamic and 

quasi-static loading conditions, TEM micrographs affirm near-absence of deformation twin in the  
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Fig. 11.6. EBSD (a, c, e, g, i, k) phase and (b, d, f, h, j, l) IPF maps for specimens deformed 

under dynamic and quasi-static loading. 

UFG specimens. The TEM micrographs of the CG specimens under dynamic loading condition 

reveal the formation of deformation twin from the grain boundaries (Figs. 11.7b and c) and within 

the grain (inset in Fig. 11.7c) at regions of high dislocation densities or networks. Meanwhile, CG 

specimens compressed under quasi-static condition exhibit massive deformation-induced 

martensitic transformation (Fig. 11.7e) in addition to deformation twinning and slip (Fig. 11.7f). 

The results of the feritscope measurement of α′ fraction in the deformed specimens affirm that the 

decrease in both grain size and strain rate leads to an increase in α′ fraction (Fig. 11.8a) and to a 

corresponding increase in hardness (Fig. 11.8b). From these observations, it can therefore, be 

safely concluded that hardening in metastable AISI 321 stainless steel originates from multiple 

sources. In addition to grain boundary strengthening, hardening in AISI 321 steel is attributed to 

the occurrence of deformation twinning acting as barrier to dislocation motion, deformation-

induced martensitic transformation, dislocation multiplication during slip, and precipitation of 

carbides that act as barriers to dislocation motion during plastic deformation. 
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Fig. 11.7. TEM bright field micrographs of specimens subjected to (a-c) dynamic and (d-f) quasi-

static loading: (a, d) UFG and (b, c, e, f) CG specimens. 

 

 
Fig. 11.8. (a) Volume % of deformation-induced martensite and (b) Vickers hardness of 

undeformed and deformed specimens. 

 

 

 

 



247 

 

11.3.2.2 Plausible effect of grain size and strain rate on stacking fault energy 

The plausible variation of stacking fault energy (SFE) with grain size and strain rate can be 

proposed from the mechanical behavior and microstructural evolution in the deformed UFG, FG 

and CG specimens. Generally, the operational deformation mechanisms in a metal are strongly 

influenced by SFE [66] and are partitioned in such a manner that martensitic phase transformation, 

twinning, and slip dominates when the SFE are <18 mJm-2, in the 18-35 mJm-2 range and above 

35 mJm-2, respectively [54], as schematically shown in Fig. 11.9a. However, regardless of the 

activated deformation mechanisms, plastic deformation occurs by slip [67]. Although 𝛾-SFE 

depend on factors such as chemical composition and temperature [50], the existing compositional 

equations (Eqns. 2.6-2.8) for estimating SFE does not take into consideration the role of grain size. 

However, our experimental result suggests a possible variation with grain size. The estimation of 

SFE for AISI 321 from these equations (Eqn. 1: 21 mJm-2, Eqn. 2: 25 mJm-2 and Eqn. 3: 34 mJm-

2) could therefore, be assumed for the undeformed CG sample as indicated in Fig. 11.9a. Since 

both deformation induced martensitic transformation and twinning can readily occur in AISI 321 

steel, it is suggested that Brofman and Ansell equation gives a better approximation (~21 mJm-2) 

of SFE for CG AISI 321 steel, though, the equations do not consider all elements. This is simply 

because at ~21 mJm-2, DIM and twinning can still operate jointly, as it can be observed in Figs. 

11.5-11.7. This was also reported in AISI 304 austenitic stainless steel which is an intermediate 

SFE metal [60]. It should be noted that AISI 304 is a derivative of the investigated AISI 321 in the 

current study. Elsewhere [19], Brofman and Ansell equation has been reported and confirmed to 

show the best correlation with experimental results in metastable austenitic stainless steel.  

The variation of dominant deformation mechanisms that is largely due to the effect of grain size 

and strain rate (Figs. 11.5-11.7) however suggests that the SFE of AISI 321 steel possibly deviates 

from the estimated value of 21 mJm-2. In a metastable stainless steel, Galindo-Nava and Rivera-

Díaz-del-Castillo [60] established the variation of SFE with strain at a fixed strain rate of 10-3 s-1 

as presented in Figs. 11.9b and c. However, it is thought that SFE possibly shifts slightly to the 

left (i.e. decreases) due to compressive loading at low strain rate and a shift to the right (i.e. 

increases) at high strain rate. This is premised on the observed substantial promotion and 

suppression of DIM formation at low and high strain rates, respectively. The suppression of DIM 

at high strain rates is due to adiabatic heating during deformation. Adiabatic heating has been 
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reported to result in increased SFE [87]. Similarly, the refinement of CG specimen to UFG 

structure possibly led to a decrease in SFE as DIM was highly promoted and twinning was highly 

suppressed in compressed UFG specimens as indicated in Fig. 11.9c. For instance, UFG specimen 

(Fig. 11.6) underwent extensive deformation-induced martensitic phase transformation that is 

characteristic of alloys with SFE below 18 mJm-2 than those of CG specimens. On the other hand, 

the deformation-induced twinning occurred more readily in CG specimens (Fig. 11.5), which is 

characteristic of alloys with SFE in the 18-35 mJm-2 range, than those of UFG specimens. 

 

 

Fig. 11.9. (a) Schematic showing partitioned SFE and their corresponding activated deformation 

mechanism, (b, c) effect of strain on the volume fraction of DIM and twinning for different 

stacking fault energies [60]. 
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11.3.3 Corrosion tests result 

The corrosion behaviors of both undeformed and deformed (dynamic and quasi-static) specimens 

with different grain sizes were investigated using corrosion electrochemistry and surface analysis 

after exposure to 3.5 wt.% NaCl solution. The change in corrosion resistance of this Ti-stabilized 

AISI 321 austenitic stainless steel after the enhancement of its mechanical properties via grain 

refinement is discussed in this section. 

11.3.3.1 Effect of grain size on corrosion resistance 

Since electrochemical tests are conducted at open circuit potential (Eoc), the Eoc vs. time curves for 

the specimen in NaCl were generated (Fig. 11.10). The Eoc results in Fig. 11.10 are independent 

of the grain size and strain rate (dynamic or quasi-static) within the duration of the test. The Eoc 

vs. time curves for the CG and FG specimens deformed under quasi-static condition show a steady 

rise in Eoc between 0 and 400 seconds, then normalized afterward at -0.30 and -0.35 V, 

respectively. Except for the FG specimens, the CG and UFG specimens reveal more positive Eoc 

values under dynamic loading condition, especially between the mid and end of the test. For CG 

and FG specimens, the Eoc vs. time curves for undeformed and deformed (high strain rates only), 

are parallel to each other between 0.10 and -0.20 V and between -0.35 and -0.40, respectively. The 

trend in the magnitude of Eoc suggest different electrochemical behaviors for specimens deformed 

at both strain rates under compression, independent of their grain sizes. These curves indicate 

significant surface responses within the duration of the test, denoting that 30 mins is sufficient to 

attain a steady-state condition with few fluctuations in the media. 

 
Fig. 11.10. Eoc variation with time for undeformed and deformed (under dynamic and quasi-static 

loading conditions) specimens with varying grain sizes in 3.5 wt.% NaCl solution at room 

temperature. 
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The electrochemical impedance spectroscopy (EIS) was used to determine the corrosion resistance 

of these specimens directly by measuring the electrical parameters related to the resistance against 

chloride ion ingressions. The results from this test provide data about the electrode processes based 

on the electrochemical responses. Fig. 11.11a-c presents the Nyquist spectra for both undeformed 

and deformed specimens with varying grain sizes exposed to 3.5 wt.% NaCl solution. These 

impedance curves reveal similar corrosion pattern for all specimens since their electrochemical 

features are relatively similar. At high frequencies, these curves are characterized with single 

capacitive loops due to inherent charge transfer processes controlling the corrosion reactions [315]. 

The presence of some unresolved inductive-type loops is also conspicuous at lower frequencies 

due to relaxation of diffused or adsorbed species.  

The observed unevenness in the impedance curves could be linked to the consequence of corrosive 

attack upon exposure of the metal surfaces to corrosive ions and molecules within the saline media. 

This could also be associated with other phenomena leading to the prevalence of micro-roughness 

and surface heterogeneities on the stainless-steel electrodes [315,316]. Since the corrosion 

resistance of these specimens could be a function of the size of impedance capacitive loops [317],  

 

Fig. 11.11. Nyquist (a-c) and Tafel polarization (d-f) curves for stainless-steel substrates with 

coarse, fine and ultra-fine grain sizes under deformation at different strain rates as well as their 

undeformed counterpart exposed to 3.5 wt.% NaCl solution at room temperature.  
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we then could deduce that specimens corresponding to wider Nyquist curve diameters are more 

resistant to chloride-induced corrosion. By physical inspection, it could be inferred that both 

deformed and undeformed UFG specimens are more resistant to corrosion than those of the FG 

and CG specimens. By far, CG specimens trail behind as one with the least resistance to corrosion, 

whether deformed or not. Experimental impedance data were fitted into an appropriate equivalent 

circuit model as shown in Fig. 11.12. The electrochemical parameters extracted from this 

theoretical operation are presented in Table 11.1. Good fittings were achieved with relatively small 

chi (𝜒2) square values to support this claim. The circuit model consists of elements representing 

solution resistance (Rsoln), charge transfer resistance (Rct), inductive resistance (RL), double layer 

capacitance (Qdl) and an inductor (L). The observed magnitude of Rct in Table 11.1 follows the 

order: UFG > FG > CG, for both undeformed and deformed specimens. Rct values for CG 

specimens are determined to be the least, and are 83, 125, 401 Ω for the undeformed, dynamic and 

quasi-static deformed specimens, respectively. The values of this parameter increased markedly 

for those with ultra-fine grains and are 175 Ω (undeformed), 1081 Ω (dynamic), 1509 Ω (quasi-

static). Since charge transfer resistance (Rct) represents the opposition to the flow of ionic currents, 

the trend in this parameter for AISI 321 stainless steel with the three grain sizes under study 

suggests the formation of a more stable adsorbed passive film for UFG specimens. 

 

Fig. 11.12. Equivalent circuit model utilized in fitting the experimental impedance data for both 

undeformed and deformed stainless-steel substrates with varying grain sizes. 

In all, more enhanced corrosion resistance was observed for UFG specimens under quasi-static 

loading condition while the CG specimen corroded more compared to the rest of the specimens. 

The magnitude of capacitive (Qdl) can account for water uptake within the duration of the corrosion 

test. The trend of its values is the reverse of that of Rct for the three grain sizes investigated; higher 

values were obtained for undeformed CG specimens. Qdl values for undeformed CG, FG and UFG 
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specimens are 68.1, 36.3 and 48.4 µF cm−2 s−(1−αc), respectively. Lower values of Qdl denotes 

reduced water uptake by the adsorbed passive film and markedly describes the barrier performance 

of the film. The capacitive element within the circuit design is constant phase elements (CPE, Q) 

deployed to ensure precise fitting results while also accounting for inherent metal surface 

inhomogeneity. The impedance of CPE could be defined as expressed in Eqn. 11.1. In this 

equation, 𝑌𝑜 and 𝛼 represent the frequency independent factors while 𝜔 is the angular frequency 

(2𝜋f, measured in rad/sec) of the ac voltage applied to the electrolytic cell. The magnitude of 𝛼 is 

affected by surface inhomogeneities and gross roughness. For an ideal surface, this quantity 

reaches unity (1) when 𝑍𝐶𝑃𝐸 is considered a pure capacitor. In this work, values of 𝛼 are close to 

unity.  

𝑍𝐶𝑃𝐸 = [𝑌𝑜(𝑗𝜔)𝛼]−1                                                                                                                                                    …11.1 

Table 11.1. Electrochemical parameters for stainless-steel substrates with coarse, fine and ultra-

fine grain sizes subjected to deformation at different strain rates as well their undeformed 

counterpart exposed to 3.5 wt.% NaCl solution at room temperature.  

Corrosion studies with EIS technique were complemented by Tafel polarization test in the same 

saline solution. Polarization curves for these specimens with varying grain sizes under different 

strain rates as well as those of their undeformed counterparts are presented in Fig. 11.11 (d-f). 

After curve fitting, the polarization parameters were derived by extrapolation of the linear portions 

of the anodic and cathodic sections of the curves and listed in Table 11.1. These parameters consist 

of corrosion current density (jcorr), corrosion potential (Ecorr), anodic (βa) and cathodic (βc) Tafel 

slopes. The dissolution of the alloy specimens is characterized by changes in the values of Ecorr 

and jcorr. Evidence of passivation is observed for corrosion resistant specimens due to the formation 

Grain 

structure 

Deformation 

condition 

Potentiodynamic 

polarization technique 
Electrochemical impedance spectroscopy 

βa 

(mV/d

ec) 

βc 

(mV/d

ec) 

jcorr 

(µA/c

m2) 

-Ecorr  

(V vs 

SCE) 

Rsoln 

(Ω 

cm2) 

Qdl, Yo 

(µF cm−2 

s−(1−αc)) 

Rct 

(Ω cm2) 

RL 

(Ω 

cm2) 

L (H) 
χ2 × 

10─4 

COARSE 

Quasi-static 373.70 4.40 0.43 0.35 23.60 24.70 401.10 3642.0 152.50 745.500 

Dynamic 65.30 15.80 16.60 0.39 29.20 41.50 124.60 838.7 41.60 20.500 

Undeformed 73.90 706.80 142.90 0.60 23.50 68.10 83.10 0.015 35990.00 0.161 

FINE 

Quasi-static 461.80 298.90 0.39 0.35 24.70 24.20 609.20 646.1 12330.00 0.146 

Dynamic 284.10 244.20 2.95 0.53 21.10 26.50 822.40 2614 2195.00 0.411 

Undeformed 132.80 111.20 129.70 0.59 27.10 36.30 90.80 658 1331.20 0.359 

ULTRA-

FINE 

Quasi-static 113.90 169.40 0.29 0.45 21.30 18.40 1509.00 5624 1.82 0.894 

Dynamic 28.80 249.50 0.59 0.36 25.40 23.70 1081.10 2896 24990.00 16.100 

Undeformed 40.30 55.50 16.30 0.29 27.30 48.40 175.00 856 465.80 0.251 
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of adsorbed stable passive films consistent with Ti-stabilized austenitic stainless steel. This is 

conspicuous for UFG specimens irrespective of the deformation mode. The prior deformation at 

low and high strain rate resulted in passivation at an Epassivation of -0.30 V (both strain rate) for UFG 

specimens while that of the FG specimens were recorded at -0.15 V (low strain rate) and -0.35 V 

(high strain rate), respectively, and -0.3 V (both strain rate) for the CG specimens. The observed 

surface passivation is also consistent with decreasing magnitude of jcorr for FG specimens 

compared to those with coarse grains. The magnitudes of jcorr for ultra-fine specimens under quasi-

static, dynamic, and undeformed conditions in NaCl solution are the lowest, and are 0.29, 0.59, 

and 16.30 µA/cm2, respectively. Higher values of jcorr were obtained for CG specimens 

independent of the rate of deformation. These were determined to be 0.43, 16.6, and 142.9 µA/cm2 

for specimens deformed under quasi-static and dynamic loading conditions and for undeformed 

specimen, respectively.  

In the undeformed and dynamic loading conditions, the magnitudes of Ecorr for the FG and CG 

specimens are more negative compared to those of UFG specimens. For instance, the Ecorr values 

for both FG and CG specimens deformed under dynamic loading condition were -0.53 and -0.39 

V, respectively, while -0.36 V was recorded for UFG specimen. On the other hand, -0.35 V was 

recorded for both FG and CG specimens deformed under quasi-static condition. The improvement 

in the corrosion resistance of stainless steels due to stronger stability, more compactness, lower 

defect density and higher chromium content of passive films developed on the nano-crystalline 

structure in different corrosive media compared to the conventional coarse grain structure has been 

reported elsewhere [8]. Miyamoto [318] also reported that UFG structure exhibits lower passive 

current and higher breakdown potential in chloride-containing media, which translates to higher 

corrosion resistance. Ralston et. al. [319] revealed the existence of a relationship between 

corrosion rate and grain size (Eqn. 11.2) that is analogous to the classical Hall-Petch relation as 

follows: 

𝑗𝑐𝑜𝑟𝑟 = (𝐴) + (𝐵)𝑔𝑠−0.5                                                                                                                                      …11.2 

where A is a constant and a function of the environment (corrosive media). B represents a material 

constant, which depend on the composition or impurity level of the material. Ralston et al. 

concluded that UFG structures would be more corrosion resistance if the grain boundary density 
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dictates oxide-film conduction rate on substrate’s surface of low to passive corrosion rates (i.e. 

𝑗𝑐𝑜𝑟𝑟 < 10 µAcm-2). However, when the dissolution rates are higher than 10 µAcm-2 (i.e. in the 

absence of oxide film), increase in grain boundary densities (grain refinement) will enhance the 

overall surface reactivity and in turn, increase corrosion rate. 

Although corrosion resistance of stainless steels is improved by grain refinement to nano-

structures, processing routes and parameters used to fabricate these nanocrystalline structures have 

a strong effect on their corrosion behavior [8]. UFG/Nanocrystalline structures produced by 

techniques such as sputtering, thermomechanical processing (cold-rolling and annealing), equal 

channel angular pressing (ECAP) and surface mechanical attrition treatment (SMAT) have been 

reported to be more corrosion resistance than their coarse-grained counterpart [8,319]. This work, 

therefore, confirms that the development of UFG via thermomechanical processing (cryo-rolling 

and annealing) improves corrosion resistance. 

11.3.3.2 Effect of prior deformation rate on corrosion resistance 

Since grain refinement has also enhanced the mechanical properties of AISI 321 MASS, the extent 

to which prior deformation and the rate at which the deformation occurred has affected corrosion 

resistance will also be examined. To accomplish this, the Nyquist curves in Fig. 11.11 were 

rearranged to highlight only the effect of strain rates under compression for individual specimen. 

Figure 11.13 depicts the Nyquist curves for specimen deformed under dynamic and quasi-static 

loading conditions compared to their undeformed counterpart. The sizes of the Nyquist semi-circle 

diameters are wider for more resistive systems. The specimens deformed under quasi-static loading 

condition are more resistant to corrosion compared to those subjected to dynamic loading 

condition. By inspection, it could also be inferred that undeformed specimens are less resistant to 

corrosion; significant amount of corrosion occurs independent of the grain size. Rct values for UFG, 

FG and CG specimens under low strain rate are 1509, 609, 401 Ω, respectively, while those 

deformed at high strain rate are 1081 Ω (UFG), 822 Ω (FG), 125 Ω (CG). The values of this 

parameter decrease markedly for undeformed specimens: 175, 91, 83 Ω, in similar order. This 

implies that the magnitude of Rct values for this Ti-stabilized AISI 321 austenitic stainless-steel 

follows the order: quasi-static > dynamic > undeformed, for all grain sizes, except for FG 

specimens.  
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Fig. 11.13. Nyquist (a-c) and Tafel polarization (d-f) curves for both undeformed and deformed 

stainless-steel substrates with varying grain sizes exposed to 3.5 wt.% NaCl solution at room 

temperature. 

More corrosion-resistant metallic systems continue to show distinct passivation and lower 

corrosion currents in the polarization curves (Fig. 11.13d-f). Deformed specimens at low strain 

rates are characterized by low rate of dissolution in the saline NaCl solution. Lower values of jcorr 

are consistent with the formation of stable passive films on the corrosion-resistant steel specimen, 

especially the deformed UFG specimens. The jcorr values for the undeformed specimens are 

consistently higher than those of the deformed specimens. This is a strong indication that prior 

deformation contributed to the corrosion resistance. For any given grain size, the jcorr values of 

the specimens deformed under quasi-static loading condition are the least. For instance, the jcorr 

values for UFG specimens are 16.3 µA/cm2 (undeformed), 0.59 µA/cm2 (dynamic), and 0.29 

µA/cm2 (quasi-static). This implies that corrosion resistance follows the trend quasi-static > 

dynamic > undeformed for all grain sizes. The magnitudes of Ecorr for undeformed and deformed 

(under dynamic loading conditions alone) UFG specimens are more positive and significantly 

higher; -0.29 and -0.36V, respectively. In this work, it could be further concluded that deformed 

specimens (under compression) are resistant to chloride-induced corrosion at ambient temperature 

compared to the undeformed specimens, a similar observation is reported in Ref. [320]. These 

results suggest that corrosion resistance by surface passivation was enhanced by bulk deformation 



256 

 

[321] mostly at low strain rates which will be further explained by surface analysis using SEM. 

During the sanding and brushing treatments of AISI 316L, other authors [322] have also reported 

an improved corrosion resistance via plastic deformation and compressive residual stress. Phadnis 

et al. [323] also reported that plastic deformation played a significant role on the thickness of 

protective oxide film in a cold-rolled AISI 304 austenitic stainless steel in de-aerated 3.5% NaCl 

solution. These authors found cold-rolling to be beneficial to forming thicker oxide film with 

higher Cr/Fe ratio on cold-rolled specimen than the unrolled specimen. 

Despite the evolution of deformation-induced martensite (DIM), the plausible reason for higher 

corrosion resistance in deformed specimens (compared to the undeformed) could be texture-

related. While the austenite phase in the as-received undeformed specimen has random 

orientations, the phases in the deformed specimens are significantly textured. As discussed in 

section 3.2 (Fig. 11.6), both the deformed austenite phase and the DIM possesses stable-end 

orientations (e.g. CD||[110] in the former and CD||[100] in the later) that could be more resistant 

to corrosion in saline media as also observed in another study [324]. Because CD||[110] is the 

stable end-orientations for compressed FCC metal [142], it is believed that the stable end-

orientation in uniaxial-compressed BCC metals (CD||[111] and [100] [142]) could also be more 

corrosion resistant than other orientations. Hence, the close-packed crystallographic planes 

(CD||[110] for austenite and CD||[100] for martensite) nullifies the adverse effect of DIM on the 

passivation and repassivation features of AISI 321 steel. This is in agreement with observations in 

a previous study on AISI 304L stainless steel [314].  

A number of reasons could also be responsible for higher corrosion resistance in specimens 

subjected to quasi-static compressive load than those deformed under dynamic loading condition. 

It is clear, as earlier stated, that there is a significant temperature rise in specimens subjected to 

dynamic impact loading that could influence the intrinsic property of the metal in a way that is 

different from those subjected to quasi-static loading, which has a negligible temperature rise. 

From the critical stress for mechanical twinning’s (𝜎𝑡𝑤𝑖𝑛) point of view, i.e. 𝜎𝑡𝑤𝑖𝑛 = 6.14 (𝛤 𝑏⁄ ), 

where Γ is the SFE and b is the Burgers vector of the Shockley partials [72], higher material’s SFE 

results in higher 𝜎𝑡𝑤𝑖𝑛 and a lower tendency for twinning, and vice-versa. As described in Fig. 

11.9, the increase in temperature of specimen subjected to dynamic loading could result in an 

increase in SFE. Therefore, from the 𝜎𝑡𝑤𝑖𝑛 expression (also confirmed in Fig. 11.5), the 
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deformation twinning will be more favored in specimens deformed under quasi-static compression 

and less favored in specimens subjected to dynamic-impact load due to an increase in SFE as a 

result of temperature rise [146]. Evolution of more deformation twin could therefore, be one of the 

possible reasons for the better corrosion resistance of specimens deformed under quasi-static 

condition in comparison with specimen subjected to dynamic impact loading. This is in agreement 

with the findings of Chen et al. [321], who reported that low-energy twins within the austenite 

grain of AISI 304 stainless steel suppresses chromium depletion at the grain boundaries and 

promotes passive film formation. Wang et al. [325] also reported a remarkable decrease in the 

corrosion rate of Mg-3Al-1Zn due to the activation of high density twins. While deformation 

twinning is beneficial to improving corrosion resistance, it is necessary to highlight that near 

absence of twins were observed in both undeformed and deformed UFG specimens. In this case, 

other factors such as the combined presence of close-packed crystallographic planes in both 

deformed austenite and DIM (highest in deformed UFG specimens), and the dominance of higher 

grain boundary density over oxide film conduction rate could be beneficial to improving corrosion 

resistance in undeformed and deformed UFG specimens. 

11.3.4 Surface morphology 

The results of electrochemical corrosion investigations of CG, FG, and UFG specimens (deformed 

and undeformed) have also been corroborated by surface analyses after corrosion test. The SEM 

micrographs of the corroded surface are presented in Fig. 11.14 after a continuous 3-month 

immersion period in aerated saline solution. The corrosion resistance of stainless steel stem from 

its ability to readily passivate, forming protective films due to the presence of alloying elements 

(e.g. chromium and nickel) [8]. However, in chloride-enriched media, stainless-steel suffer 

corrosion due to unrestricted attack by aggressive chloride ions. Physical examination of the 

specimens’ surface after the 3-month exposure to saline solution revealed the occurrence of pitting 

corrosion since inherent defects in the passive layers allow for further dissolution of the material. 

The observed pits are localized at sites that are susceptible to chloride ion attack, especially if the 

anodic sites are widened. The observed extent of pitting corrosion varied, depending on the grain 

size of the steel as well as the rate of the prior-deformation (Fig. 11.14). 
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The results of the current study suggest that grain refinement has a significant influence on the 

mechanical strength and corrosion behavior of AISI 321 stainless steel (Figs. 11.11 and 11.13). 

This is in agreement with the results obtained by other researchers [326-329]. The research 

findings in this study also align with those of another previous study on nanocrystalline structures 

[326]. Previous studies have also attributed the corrosion resistant of nanocrystalline stainless-steel 

structures to greater Cr diffusion/ Cr-oxide layer [330-332] and other factors associated with their 

enhanced mechanical properties [331-333] rather than to the presence of coarse grains and alloying 

elements [8]. Factors associated with ultra-fine grain sizes and structural defects such as grain 

boundaries and triple points [334,335], are considered in explaining the excellent corrosion 

resistance of nanocrystalline materials. The distribution of pits is relatively uneven and very 

localized while the passive films disallow further dissolution of the base metal. The morphology 

of pits varies depending on the grain size of the alloy. For the CG specimen that was deformed 

under quasi-static loading condition, pits are scattered in no definite pattern (Fig. 11.14c). The 

metastable pitting rate of the CG specimen must have significantly exceeded its repassivation 

ability, leading to the observed corrosion features.  

Surface pitting are deeper for the FG specimens (Fig. 11.14 b, e, h) compared to its ultra-fine 

counterpart (Fig. 11.14 a, d, g) especially along the TiN site. Also localized, the pit buildup is 

concentrated around the vicinity of TiN second-phase particles in the metal surface due to reduced 

chromium threshold concentration [336]. Across the fine matrix (also observed in UFG and CG 

structures), some of the TiN cubic particles are crushed, probably due to plastic deformation. It is 

also possible that the prolonged exposure of the specimens to the NaCl solution could be 

responsible for the crushed TiN cubic particles. Few pits observed along the δ-ferrite site (red 

arrows in Fig. 11.14). Fewer pitting sites and sizes are observed in the UFG specimens relative to 

the FG specimens. Corrosion is severe for the CG specimens compared to the FG specimens. 

According to Gupta and Birbilis [8], increased metastable pitting rate could be attributed to 

elemental distribution (e.g. Mn and S) within the material and higher activity of nanocrystalline 

surface. The possibilities for metastable-stable pit’s transition in nanocrystalline stainless-steel 

materials is lower, hence, their rapid repassivation rate. The results obtained in this study reveal 

changes in electrochemical behaviour of metal due to grain refinement as a consequence of 

changing grain boundary densities [337]. 
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Fig. 11.14. SEM micrographs of stainless-steel substrates with different grain sizes under 

deformation at different strain rates as well as their undeformed counterpart exposed to 3.5 wt.% 

NaCl solution at room temperature. 

11.3.5 Proposed pitting mechanisms for stainless-steel specimen in NaCl 

The pitting patterns in deformed and undeformed specimens are schematically presented in Fig. 

11.15a. It is worthy of note that these metal samples exhibit varying corrosion behaviors, leading 

to rather complicated degradation mechanisms. Like most stainless-steel grades, the most 

prominent form of corrosion observed from SEM is pitting corrosion with clear evidence of 

corrosion surface pits. Combined actions of corrosive chloride ions and dissolved oxygen initiate 

these pits. Pitting persists when the rate of re-passivation is significantly slow, and the passivating 

films (cathodic) continuously leach out dissolved Fe ions from anodic metal surfaces (Fig. 11.15 

a). Subsurface pits are observed on undeformed UFG samples with shallow morphologies (Fig. 

11.15 b). Irregular elliptical-shaped pits are also observed on surfaces of UFG specimen that was 
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previously subjected to quasi-static loading quasi-static condition (Fig. 11.15c), upon exposure to 

the corrosive medium. For UFG specimens, the influence of grain refinement on corrosion 

resistance could be linked to the metal’s ability to readily passivate, especially in environments to 

which passivity could be established [8,326]. The FG specimen that experienced dynamic loading 

condition before corrosion test exhibited undercutting pits that are observed at δ-ferrite site (Fig. 

11.15d). The depassivation of these areas leads to intergranular corrosion due to insufficient 

chromium content. This work also confirms the non-detrimental effect of TiC particles to 

corrosion. SEM micrographs show that no pitting (or galvanic effect) occurred around TiC 

particles in the matrix and grain boundaries (Fig. 11.15c), and those forming necklace around the 

stringer ferrite (Fig. 11.15d). 

Generally, austenitic stainless steels could be susceptible to thermal residual stress and 

sensitization. Sensitization defines the precipitation of chromium carbides around grain 

boundaries, leading to intergranular corrosion, and this is one of the foremost challenges 

encountered in welding of austenitic stainless steel apart from its low thermal conductivity. The 

introduction of carbide-formers (e.g. Ti) within AISI 321 creates a strong affinity for carbon 

(compared to Cr). This results in the formation of more stable solid TiC phases and leaves Cr in 

solution for corrosion protection [338]. The presence of secondary TiN phase is also recorded in 

the investigated AISI 321 stainless steel. Contrary to the type of pits presented in Fig. 11.15, the 

presence of TiN alters the corrosion dynamics. The morphologies of the TiN crystals embedded 

within the steel sample matrix could reasonably differ depending on the duration of the corrosion 

test as well as the type of pretreatment procedures utilized before imaging. Pit deepening are 

observed only around TiN sites for undeformed CG specimens compared to their ultra-fine 

counterpart (Fig. 11.16b). This could be attributed to the unrestricted chloride-induced corrosion 

attacks around these particles, especially where the threshold chromium concentrations are 

significantly low [336]. The dissolution of these TiN particles appears to be a gradual process. In 

Fig. 11.16, a previously smooth TiN particle within the bulk of the material now shows a pit around 

its nucleus (Fig. 11.16c). Another TiN site showing the onset of pitting is shown in Fig. 11.16d. 

Pit nucleation begins in a later formative stage and deepens to the subsurface. However, if the TiN 

particle falls off at the early stage nucleation, perhaps, due to ultrasonic cleaning, the aggressive 

progression of pitting corrosion ceases as shown in Fig. 11.16e. This confirms that a galvanic 



261 

 

coupling is usually set up between the TiN particle and its surrounding matrix [320] and hence, 

resulting in the observed detrimental effect of TiN to pitting corrosion resistance, unlike the TiC 

particle. The corrosion resistance of AISI 321 stainless steel is therefore, not determined only by 

the ability to passivate, the presence of secondary stable phases can affect the rate of pitting 

corrosion. 

 

 

Fig. 11.15. Pitting pattern at TiN sites of stainless-steel samples exposure to NaCl medium. This 

corrosion pattern is uniform for all samples studied in this work 
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Fig. 11.16. (a) Pitting pattern at TiN sites of stainless-steel samples exposure to NaCl medium, (b) 

Pit deepening around TiN sites due to reduced threshold chromium concentrations, (c) Smooth 

crystal showing some form of depression on its nucleus, (d) pit nucleation around TiN and (e) the 

early stages of pitting corrosion at the TiN fall-off site. This corrosion pattern is the same for all 

samples studied in this work; only the response of steel sample with coarse grains is presented. 

Micrographs of coarse grain specimens deformed under quasi-static condition. 

11.4 Conclusions 

The effect of grain size, prior deformation and deformation rate on the corrosion behavior of AISI 

321 austenitic stainless steel in 3.5 wt.% NaCl solution was determined. The as-received coarse-

grained alloy (~37 µm grain size) was subjected to thermomechanical processing to develop fine 

(~3 µm grain size) and ultrafine (~0.24 µm grain size) grained structure. The coarse, fine and 

ultrafine grained specimens were deformed under dynamic (8.8 x 103 s-1) and quasi-static (4.4 x 

10-3 s-1) loading conditions to the same true strain of ~0.86 using a split Hopkinson pressure bar 

and Instron R5500 mechanical testing systems, respectively. Using XRD, SEM, TEM, EBSD, and 

EDS characterization techniques to investigate the steel specimens, the following conclusions are 

drawn; 

(a) Corrosion resistance is highest in the UFG specimens, followed by FG and CG specimens, 

in that order, in saline media. This is due to the formation of a more stable adsorbed passive 

film in UFG specimens. 
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(b) The corrosion resistance of AISI 321 austenitic stainless steel follows the order: quasi-

static > dynamic > undeformed, for all grain sizes. This could be due to the evolution of 

close-packed crystallographic planes (CD||[110] for austenite and CD||[100] for martensite) 

that nullifies the adverse effect of DIM on the passivation and repassivation characteristics 

of AISI 321 steel compressed under quasi-static condition. 

(c) The presence of TiC particles is not detrimental to the corrosion resistance of AISI 321 

steel, whereas, galvanic coupling exist between TiN particles and their surrounding matrix 

leading to the pitting corrosion around TiN particles.  

(d) Overall, the corrosion resistance of AISI 321 austenitic stainless steel is not determined 

only by the ability to passivate, the presence of secondary stable phases can affect the rate 

of pitting corrosion. 
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Chapter 12 

Summary, Conclusions and Recommendations 

12.1 Summary 

In this study, mechanical behavior, microstructure, texture, and corrosion behavior of as-received and 

grain-refined AISI 321 austenitic stainless steel was investigated. This alloy has excellent corrosion 

resistance, but relatively low yield strength. First, the variability in the mechanical behavior of the 

steel, as well as texture and microstructure across the as-received 25.4 mm-thick steel plate in hot-

rolled condition was determined. This was followed by thermomechanical processing of the as-

received alloy to obtain an ultrafine grain (UFG) microstructure. Both quasi-static and dynamic 

deformation behavior of the as-received, coarse-grained, and fine-grained structures were investigated. 

Microstructural characterization techniques such as OM, SEM, XRD, EDS, EBSD, and TEM were 

used to understand the activated and operational deformation mechanisms and how they are affected 

by grain size and crystallographic texture. The effect of initial texture and grain size on the thermal 

and mechanical stability of austenite phase was also investigated. The effect of grain size on the 

corrosion resistance of AISI 321 steel in chloride solution was also studied. 

12.2 Conclusions 

The following conclusions are drawn from the research findings obtained in this study: 

A. In the 25.4 mm-thick as-received AISI 321 plate, the texture, and the amount of stored 

energy at the center are different from those in other regions across the thickness of the 

plate. The stored energy is higher at the centre of the plate.  The centre of the plate has the 

lowest yield strength and the highest strain hardening capability compared to other regions 

under the dynamic impact loading condition.  

B. The optimum thermo-mechanical processing conditions for developing UFG structure are, 

annealing at 923 K (650 ℃) for approximately 28800 s (480 minutes) resulting in ~0.22 

µm grain size and annealing at 1023 K (750 ℃) for 600 s (10 minutes) leading to ~0.31 

µm grain size, with {110}<uvw> as the major texture component. The development of 

UFG structure by annealing the cryo-rolled alloy at 1023 K (750 ℃) is considered the better 

option since the volume fraction of carbides in the specimen are less than in the specimens 
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annealed at 923 K (650 ℃). The energy required to achieve UFG structure at 923 K (650 

℃) is higher due to low reversion rate. The hardness of the as-received alloy increased by 

about 195% as a result of grain refinement to 0.31 m size. The activation energy (Q) 

required for the reversion of αʹ to γ in AISI 321 ASS is estimated to be 80 kJmol−1.  

C. The UFG alloy has strong intensity of ζ-fibre ({110}<uvw>) texture, which is  is attributed 

to pseudo-texture memory effect in the investigated AISI 321stainless steel. This indicates 

the ability of the steel to memorize the crystallographic orientation of the deformed 

austenite, rather than that of austenite phase in the as-received alloy that is random. The 

intensity of ζ-fibre decreases with increase in temperature. 

D. Under dynamic impact loading, the UFG (0.24 µm) AISI 321 stainless steel shows higher 

compressive strength than the CG (37 m) steel specimens while the CG specimens 

possess higher strain hardenability. Slip and twinning are the active deformation 

mechanisms in the CG specimens and they are highly suppressed in UFG specimens due 

to spatial restriction effect. The co-existence of martensitic phase transformation paths with 

and without an intermediate phase (HCP ɛ-martensite) during dynamic plastic deformation 

is confirmed in AISI 321 steel; although temperature rise in specimen and grain size could 

influence the transformation path. The stable end-orientation of the austenite phase in 

compression is [110]||CD texture while that of the martensitic phase is [100]||CD with 

spread towards [111]||CD texture. UFG specimens exhibit lower critical strain and strain 

rate at which shear strain localization leading to formation of adiabatic shear bands (ASB) 

occurs. UFG AISI 321 steel specimens are therefore more susceptible to ASB formation 

than CG specimens. EBSD analysis of areas inside transformed shear bands, outside these 

bands, and the interface region revealed the development of equiaxed ultra-fine grain 

structure (average grain sizes of ~0.17 μm in CG and ~0.14 μm in UFG specimens) inside 

the TSB by rotational dynamic recrystallization mechanism. 

E. When subjected to impact loading, a change in strain rate sensitivity (SRS) with increasing 

true strain rate (𝜀�̇�) occurred only in fine (3 µm) and coarse-grained specimens. This 

change occurs at a critical true strain rate (𝜀�̇�𝑐) of ~5900 and 6800 s-1, for FG and CG 

specimens, respectively. While the SRS of UFG remains unchanged at 0.101 irrespective 
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of strain rate, those of FG and CG specimens changed from 0.094 to 0.326 and 0.091 to 

0.634, respectively, as the strain rate increased beyond the 𝜀�̇�𝑐 value. The complexities in 

the deformation mechanisms such as simultaneous occurrence of slip, twinning and α' 

phase transformation in FG and CG metastable AISI 321 stainless steel leads to a change 

in 𝜀�̇�𝑐. The constant SRS in UFG specimen suggests no change in operational deformation 

mechanisms at all investigated strain rates. 

F. Five strengthening sources that contribute to strain hardening in the AISI 321 steel are 

identified. They are: (a) grain boundary strengthening, which is most beneficial to UFG 

specimens, (b) deformation-induced martensite transformation that is most beneficial to 

UFG specimen, (c) deformation twinning acting as barrier to dislocation motion, which is 

most beneficial to CG specimens, (d) dislocation-dislocation, which is most most beneficial 

to CG specimens, and (e) dislocation interaction with titanium carbides, which is most 

beneficial to CG specimen. However, the synergetic effect of these sources is lower under 

dynamic impact loading condition due to temperature rise in the specimens. 

G. Under quasi-static compressive loading condition, the yield strength (σy) of CG and UFG 

specimens are ~0.2 and ~1 GPa, respectively. Regions characterized by high dislocation 

densities, e.g., slip bands and regions close to the grain boundary, are HCP ɛ-martensite, 

BCC αʹ and deformation twin nucleation sites in CG specimen. While grain boundaries and 

triple junctions serve as the nucleation sites for martensite in UFG specimens, twinning 

was not observed in UFG specimens due to space restriction effect. Irrespective of grain 

size, Shoji-Nishiyama, Kurdjumov-Sachs and Burgers orientation relationships exist 

between the γ & ɛ, γ & αʹ, and ɛ & αʹ phases, respectively. These confirm that the phase 

transformation sequence follows both FCC γ → BCC αʹ and FCC γ → HCP ɛ→ BCC αʹ 

under quasi-static loading condition. The experimental results agree well with the VPSC 

simulation that was used to identify the role of deformation mechanisms in macroscopic 

stress-strain response and texture evolution during quasi-static uniaxial compression test. 

H. On the roles of grain size, texture, strain and strain rate on the thermal and mechanical 

stability of austenite in AISI 321 metastable austenitic stainless steel, fraction of thermally-

induced α'-martensite was observed at an incumbent time. This suggests the occurrence of 
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an isothermal martensitic transformation and its volume fracion increases with increase in 

grain size. Meanwhile, the fraction of mechanically-induced α' decreases with increase in 

grain size. Irrespective of grain size, the fraction of mechanically-induced α' also increases 

with increase in strain and decrease in strain rate. In the event of ASB formation in 

specimens deformed at high-strain rate, fraction of mechanically-induced α' decreases as 

the ASB is approached due to the significant temperature rise in the ASB region. EBSD 

examination revealed that the evolution of both thermal- and deformation-induced 

martensite is orientation-dependent in both FG and CG specimens. The thermal and 

mechanical instability of the austenite phase was observed to be highest in the 

RD/CD||[100]-oriented grains, followed by grains oriented near RD/CD||[110] and 

RD/CD||[111], in that order. 

I. Corrosion resistance is highest in the UFG specimens, followed by FG and CG specimens, 

in that order, in saline media. This is due to the formation of a more stable adsorbed passive 

film in UFG specimens. Similarly, on the role of strain and strain rate, the corrosion 

resistance of AISI 321 austenitic stainless steel follows the order: quasi-static > dynamic > 

undeformed, for all grain sizes. Whereas the presence of TiC particles in AISI 321 steel is 

non-detrimental to its (AISI 321) corrosion, TiN particles promote pitting corrosion in the 

steel due to the galvanic coupling that exists between the particles and their surrounding 

matrix. 

12.3 Recommendations for future work  

I. This study only focused on the compressive behavior of AISI 321 stainless steel of different 

grain sizes under quasi-static and dynamic impact responses; hence, torsional and tensile 

testings under both loading conditions would be of great interest. 

II. From Chapter 10, it was observed that the fraction of thermally-induced α'-martensite 

increases with increase in grain size. Hence, just as the 𝑀𝑑30/50 (Eqn. 2.5), the Ms (Eqn. 

2.3) should be modified to take into consideration, the effect of grain size. 

III. The corrosion behavior of UFG, FG and CG AISI 321 steel have only been studied in 

chloride media, it will be of interest to determine the effects of grain refinement on the 

resistance of AISI 321 stainless steel to irradiation damage. This is because AISI 321 

stainless steel is a choice material in the fabrication of nuclear plants. 
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